
 

м 

5ŜŎƪōƭŀǧ ōŜƛ 5ϧ5 ōŜŀƴǘǊŀƎŜƴ 
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¢ŀōƭŜ ƻŦ /ƻƴǘŜƴǘǎ 

hǊƎŀƴƛǎŀǝƻƴ ŀƴŘ ƛƳǇǊƛƴǘ о 

{ŎƘƻƻƭ ƻƴ ¢ƘŜǊƳƻŘȅƴŀƳƛŎǎ ƻŦ LƴǘŜǊƳŜǘŀƭƭƛŎǎ п 

{/tн π hȄƛŘŀǝƻƴ с 

{/tо π ¢ƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜǎ L мп 

{/tп π ¢ƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜǎ LL нн 

{/tр π {ǳǇŜǊŀƭƭƻȅǎ ŀƴŘ ōŜȅƻƴŘ ор 

{/tс π IƛƎƘπŜƴǘǊƻǇȅ ŀƭƭƻȅǎ L пт 

{/tт π aƻŘŜƭƭƛƴƎ L рл 

{/tу π aƻŘŜƭƭƛƴƎ LL рт 

{/tф π /ƻƳǇƭŜȄ LƴǘŜǊƳŜǘŀƭƭƛŎ tƘŀǎŜǎ L ср 

{/tмл π /ƻƳǇƭŜȄ LƴǘŜǊƳŜǘŀƭƭƛŎ tƘŀǎŜǎ LL тм 

{/tмм π CǳƴŎǝƻƴŀƭ LƴǘŜǊƳŜǘŀƭƭƛŎǎ тт 

{/tмн π /ƻƳǇƭŜȄ LƴǘŜǊƳŜǘŀƭƭƛŎ tƘŀǎŜǎ LLL уф 

{/tмо π IƛƎƘπŜƴǘǊƻǇȅ ŀƭƭƻȅ LL фс 

tƻǎǘŜǊǎŜǎǎƛƻƴ млн 
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hǊƎŀƴƛǎŀǝƻƴ ŀƴŘ ƛƳǇǊƛƴǘ 

±ŜƴǳŜ 
9ŘǳŎŀǝƻƴŀƭ /ŜƴǘŜǊ YƭƻǎǘŜǊ .ŀƴȊ  
Iŀƴǎπ{ŜƛŘŜƭπ{ǝƊǳƴƎ ŜΦ±Φ 
фсном .ŀǎ {ǘŀũŜƭǎǘŜƛƴΣ DŜǊƳŀƴȅ  
  
 
5ŀǘŜ 
лнπлс hŎǘƻōŜǊ нлно 
  
 
{ŎƛŜƴǝŬŎ ƻǊƎŀƴƛǎŜǊ 
tǊƻŦΦ 5ǊΦπLƴƎΦ aŀƴƧŀ YǊǸƎŜǊ  
hǧƻπǾƻƴπDǳŜǊƛŎƪŜ ¦ƴƛǾŜǊǎƛǘȅ 
LƴǎǝǘǳǘŜ ƻŦ aŀǘŜǊƛŀƭǎ ŀƴŘ ƧƻƛƴƛƴƎ ¢ŜŎƘƴƻƭƻƎȅ όL²Cύ 
¦ƴƛǾŜǊǎƛǘŅǘǎǇƭŀǘȊ н 
офмлс aŀƎŘŜōǳǊƎΣ DŜǊƳŀƴȅ  
  
 
{ŎƛŜƴǝŬŎ ŎƻπƻǊƎŀƴƛǎŜǊǎ ŀƴŘ ǇǊƻƎǊŀƳƳŜ ŎƻƳƳƛǧŜŜ 
tǊƻŦΦ5ǊΦπLƴƎΦ aŀǊǝƴ IŜƛƭƳŀƛŜǊ  YŀǊƭǎǊǳƘŜ LƴǎǝǘǳǘŜ ƻŦ ¢ŜŎƘƴƻƭƻƎȅ κ YŀǊƭǎǊǳƘŜΣ DŜǊƳŀƴȅ  
tǊƻŦΦ 5ǊΦ CƭƻǊƛŀƴ tȅŎȊŀƪ   IŜƭƳƘƻƭǘȊπ½ŜƴǘǊǳƳ IŜǊŜƻƴ κ DŜŜǎǘƘŀŎƘǘΣ DŜǊƳŀƴȅ 
5ǊΦ aŀǊǝƴ {ŎƘƭƻũŜǊ    a¢¦ !ŜǊƻ 9ƴƎƛƴŜǎ !D κ aǳƴƛŎƘΣ DŜǊƳŀƴȅ  
5ǊΦ CǊŀƴƪ {ǘŜƛƴ    aŀȄπtƭŀƴƪπLƴǎǝǘǳǘ ŦǸǊ 9ƛǎŜƴŦƻǊǎŎƘǳƴƎ DƳōI κ 5ǸǎǎŜƭŘƻǊŦΣ DŜǊƳŀƴȅ 
  
 
LƴǘŜǊƴŀǝƻƴŀƭ ŀŘǾƛǎƻǊȅ ōƻŀǊŘ 
.ŜǊƴŀǊŘ .Ŝǿƭŀȅ     D9 Dƭƻōŀƭ wŜǎŜŀǊŎƘ κ bƛǎƪŀȅǳƴŀΣ b¸ κ ¦{  
DŀōǊƛŜƭŜ /ŀŎŎŎƛŀƳŀƴƛ    ¦ƴƛǾŜǊǎƛǘȅ ƻŦ DŜƴƻǾŀ κ DŜƴƻǾŀΣ Lǘŀƭȅ 
bŀǘƘŀƭƛŜ 5ǳǇƛƴ    ¢ƘŜǊƳƻ /ŀƭŎǳƭ κ hǊŎŜǘΣ CǊŀƴŎŜ  
aŀǊǝƴ CǊƛłƪ    LƴǎǝǘǳǘŜ ƻŦ tƘȅǎƛŎǎ ŀƴŘ aŀǘŜǊƛŀƭǎ κ .ǊƴƻΣ /ȊŜŎƘ wŜǇΦ 
9ŀǎƻ DŜƻǊƎŜ     hŀƪ wƛŘƎŜ bŀǝƻƴŀƭ [ŀōƻǊŀǘƻǊȅ κ hŀƪ wƛŘƎŜΣ ¢b κ ¦{  
IŀǊǳȅǳƪƛ Lƴǳƛ    Yȅƻǘƻ ¦ƴƛǾŜǊǎƛǘȅ κ YȅƻǘƻΣ WŀǇŀƴ  
WƻƘƴ tŜǊŜǇŜȊƪƻ    ¦ƴƛǾŜǊǎƛǘȅ ƻŦ ²ƛǎŎƻƴǎƛƴπaŀŘƛǎƻƴ κ aŀŘƛǎƻƴΣ ²L κ ¦{ 
/ƭłǳŘƛƻ {ŎƘǀƴ    ¦ƴƛǾŜǊǎƛǘȅ {ńƻ tŀǳƭƻ κ {ńƻ tŀǳƭƻΣ .ǊŀȊƛƭ  
aŀǎŀƻ ¢ŀƪŜȅŀƳŀ   ¢ƻƪȅƻ LƴǎǝǘǳǘŜ ƻŦ ¢ŜŎƘƴƻƭƻƎȅ κ ¢ƻƪȅƻΣ WŀǇŀƴ  
aƛŎƘŜƭ ±ƛƭŀǎƛ     ¦ƴƛǾŜǊǎƛǘȅ ƻŦ [ƻǊǊŀƛƴŜ κ bŀƴŎȅΣ CǊŀƴŎŜ  
  
 
/ƻƴŦŜǊŜƴŎŜ ƻǊƎŀƴƛȊŀǝƻƴ 
/ƻƴǾŜƴǘǳǎ /ƻƴƎǊŜǎǎƳŀƴŀƎŜƳŜƴǘ ϧ aŀǊƪŜǝƴƎ DƳōI 
/ŀǊƭπtǳƭŦǊƛŎƘπ{ǘǊŀǎǎŜ м 
лттпр WŜƴŀΣ DŜǊƳŀƴȅ 
ǿǿǿΦŎƻƴǾŜƴǘǳǎΦŘŜ 
  
 
hƴƭƛƴŜ ǇǊƻƎǊŀƳƳŜ ŦƻǊ ȅƻǳǊ ƳƻōƛƭŜ ŘŜǾƛŎŜ 
¸ƻǳ ǿŀƴǘ ǘƻ ƪƴƻǿ ǿƘŀǘ ƛǎ ƎƻƛƴƎ ƻƴ ŀǘ ǘƘŜ LƴǘŜǊƳŜǘŀƭƭƛŎǎ /ƻƴŦŜǊŜƴŎŜΚ  
¸ƻǳ ǿŀƴǘ ǘƻ ƘŀǾŜ ŀƭƭ ǇǊƻƎǊŀƳƳŜ ŘŜǘŀƛƭǎ ŀǘ ŀ ƎƭŀƴŎŜΚ 
 
Wǳǎǘ ǎŎŀƴ ǘƘŜ vwπŎƻŘŜ ǿƛǘƘ ȅƻǳǊ ƳƻōƛƭŜ ŘŜǾƛǎŜ ŀƴŘ ōŜ ǳǇ ǘƻ ŘŀǘŜ ŘǳǊƛƴƎ  
ȅƻǳǊ ǝƳŜ ŀǘ YƭƻǎǘŜǊ .ŀƴȊΦ 
  
 
L{.b π фтуπоπфпулноπооπм 
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п 

{ŎƘƻƻƭ ƻƴ ¢ƘŜǊƳƻŘȅƴŀƳƛŎǎ ƻŦ LƴǘŜǊƳŜǘŀƭƭƛŎǎ ς лн hŎǘƻōŜǊ нлно 

!ǎ ŀƴ ŀŘŘƛǝƻƴŀƭ ƻũŜǊ ŦƻǊ ǎǘǳŘŜƴǘǎ ŀƴŘ ȅƻǳƴƎ ŎƻƭƭŜŀƎǳŜǎΣ ǘƘŜǊŜ ǿƛƭƭ ōŜ ǘƘŜ ƻǇǇƻǊǘǳƴƛǘȅ ǘƻ ǇŀǊǝŎƛǇŀǘŜ ƛƴ ŀ ǎƘƻǊǘ 
ǎŎƘƻƻƭ ŀōƻǳǘ ǘƘŜ ōŀǎƛŎǎ ƻŦ ǘƘŜǊƳƻŘȅƴŀƳƛŎǎ ƻŦ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ƳŀǘŜǊƛŀƭǎΦ ¢ƘŜ ǎŎƘƻƻƭ ƛǎ ŜǎǇŜŎƛŀƭƭȅ ƛƴǘŜƴŘŜŘ ŦƻǊ 
ǎǘǳŘŜƴǘǎ ŀƴŘ ȅƻǳƴƎ ǇƻǎǘŘƻŎǎΣ ǘƘŜ ƴǳƳōŜǊ ƻŦ ǇŀǊǝŎƛǇŀƴǘǎ ƛǎ ƭƛƳƛǘŜŘ ŀƴŘ ǿƛƭƭ ōŜ ŬƭƭŜŘ ƻƴ ŀ ŬǊǎǘ ŎƻƳŜ ς ŬǊǎǘ ǎŜǊǾŜ 
ōŀǎƛǎΦ ¢ƘŜ ǇŀǊǝŎƛǇŀǝƻƴ ƛǎ ŦǊŜŜ ƻŦ Ŏƻǎǘǎ ōǳǘ ŀ ǊŜƎƛǎǘǊŀǝƻƴ ōŜŦƻǊŜƘŀƴŘ ƛǎ ƴŜŎŜǎǎŀǊȅΦ 
 
 
лфΥллπмлΥол {ƻ¢ м π tƘŀǎŜ ŘƛŀƎǊŀƳǎ ŀƴŘ ǇƘŀǎŜ ǘǊŀƴǎŦƻǊƳŀǝƻƴǎ 

CǊŀƴƪ {ǘŜƛƴ ό5ǸǎǎŜƭŘƻǊŦκ59ύ 
 
tƘŀǎŜ ŘƛŀƎǊŀƳǎ ŀǊŜ ǘƘŜ ōŀǎƛǎ ŦƻǊ ŀƴȅ ƳŀǘŜǊƛŀƭǎ ŘŜǾŜƭƻǇƳŜƴǘΦ ¢ƘŜȅ Ŏƻƴǘŀƛƴ ƛƴŦƻǊƳŀǝƻƴ ƴƻǘ ƻƴƭȅ ŀōƻǳǘ ǇƘŀǎŜ 
ŜǉǳƛƭƛōǊƛŀ ŀƴŘ ŀōƻǳǘ ǘƘŜ ƻŎŎǳǊǊŜƴŎŜ ƻŦ ǇƘŀǎŜ ǘǊŀƴǎŦƻǊƳŀǝƻƴǎ ŦƻǊ ŀ ƳŀǘŜǊƛŀƭ ƻŦ ŀƴȅ ŎƘŜƳƛŎŀƭ ŎƻƳǇƻǎƛǝƻƴΦ .ȅ 
ŀŘŘƛǝƻƴŀƭƭȅ ƘŀǾƛƴƎ ǎƻƳŜ ƪƴƻǿƭŜŘƎŜ ŀōƻǳǘ ǘƘŜ ƪƛƴŜǝŎǎ ƻŦ Ǉƻǎǎƛōƭȅ ƛƴǾƻƭǾŜŘ ǇƘŀǎŜ ǘǊŀƴǎŦƻǊƳŀǝƻƴǎΣ ǇƘŀǎŜ 
ŘƛŀƎǊŀƳǎ ŀƭǎƻ ǘŜƭƭ ǳǎ ŀ ƭƻǘ ŀōƻǳǘ ǘƘŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ƻŦ ŀ ƳŀǘŜǊƛŀƭ ǿƛǘƘ ŀ ŎŜǊǘŀƛƴ ŎƘŜƳƛŎŀƭ ŎƻƳǇƻǎƛǝƻƴΣ ǿƘƛŎƘ ƛƴ 
ǘǳǊƴ ŀƭǊŜŀŘȅ ŀƭƭƻǿǎ ŎƻƴŎƭǳŘƛƴƎ ƻƴ ǘƘŜ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎ ǘƻ ōŜ ŜȄǇŜŎǘŜŘ ŦƻǊ ǘƘƛǎ ƳŀǘŜǊƛŀƭΦ !ƊŜǊ ŀ ōǊƛŜŦ 
ƛƴǘǊƻŘǳŎǝƻƴ ǘƻ ǘƘŜ ōŀǎƛŎǎ ƻŦ ǇƘŀǎŜ ŘƛŀƎǊŀƳǎΣ ǘƘŜ ǇǊƛƳŀǊȅ ƻōƧŜŎǝǾŜ ƻŦ ǘƘŜ ƭŜŎǘǳǊŜ ǿƛƭƭ ōŜ ǘƻ ǎƘƻǿ Ƙƻǿ ǇƘŀǎŜ 
ŘƛŀƎǊŀƳǎ Ŏŀƴ ōŜ ǳǎŜŘ ŀƴŘ ǿƘƛŎƘ ƛƴŦƻǊƳŀǝƻƴ Ŏŀƴ ōŜ ǊŜŀŘ ŦǊƻƳ ǘƘŜƳΦ  
  
 
ммΥллπмнΥол {ƻ¢ н π YŜȅ ŜȄǇŜǊƛƳŜƴǘǎ ŀƴŘ ŜȄǇŜǊƛƳŜƴǘŀƭ ǘŜŎƘƴƛǉǳŜǎ 

aŀǊǝƴ {ŎƘƭƻũŜǊ όaǳƴƛŎƘκ59ύ 
 
5ƛũŜǊŜƴǘ ŜȄǇŜǊƛƳŜƴǘŀƭ ǘŜŎƘƴƛǉǳŜǎ ŜȄƛǎǘ ŦƻǊ ǘƘŜ ŘŜǘŜǊƳƛƴŀǝƻƴ ƻŦ ǇƘŀǎŜ ŜǉǳƛƭƛōǊƛŀ ŀƴŘ ǇƘŀǎŜ ǘǊŀƴǎƛǝƻƴǎΦ 
aŜǘŀƭƭƻƎǊŀǇƘȅ ŀƴŘ ǉǳŀƴǝǘŀǝǾŜ ŀƴŀƭȅǎƛǎ ƻŦ ǇƘŀǎŜǎ ōȅ ·πǊŀȅ ŘƛũǊŀŎǝƻƴ ό·w5ύ ŀǊŜ ǘǿƻ ƻŦ ǘƘŜƳ ǿƘƛŎƘ ƘŜƭǇ ǘƻ 
ŎƻƳǇŀǊŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŀƴŘ ǇƘŀǎŜ ŎƻƴǘŜƴǘǎΦ !ƴŀƭȅǎƛǎ ōƻǘƘ ƛƴ ǇŀǊŀƭƭŜƭ ǿƛƭƭ ŀƭƭƻǿ ǘƻ ƛƴǘŜǊǇǊŜǘ ƛŦ ǇƘŀǎŜ ŎƻƴǘŜƴǘǎ 
ŦǊƻƳ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜ ǿŜǊŜ ŀōƭŜ ǘƻ ŦǊŜŜȊŜ ŘǳǊƛƴƎ ǉǳŜƴŎƘƛƴƎ ƻǊ ƛŦ ƛƴπǎƛǘǳ ŜȄǇŜǊƛƳŜƴǘǎ ƘŀǾŜ ǘƻ ōŜ ŎƘƻǎŜƴ ǘƻ 
ŜǾŀƭǳŀǘŜ ǘƘŜ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜ ǇƘŀǎŜ ŎƻƴǘŜƴǘǎΦ !ǎ ǊŜǎǳƭǘΣ ŀ ǇǊƻǇŜǊ ƘŜŀǘ ǘǊŜŀǘƳŜƴǘ ŀƴŘ ŜȄǇŜǊƛƳŜƴǘŀƭ ǎŜǘǳǇ Ŏŀƴ 
ōŜ ŘŜŬƴŜŘ ǘƻ ŀǧŀƛƴ ŀƴŘ ǇǊŜǎŜǊǾŜ ǘƘŜǊƳƻŘȅƴŀƳƛŎ ŜǉǳƛƭƛōǊƛǳƳ ŘŀǘŀΦ ¢ƘŜ ŘƛũŜǊŜƴǘ ǊŜǎǳƭǘǎ ƻŦ ǘƘŜǎŜ ǘŜŎƘƴƛǉǳŜǎ ŀƴŘ 
ǘƘŜ ǊƛƎƘǘ ƛƴǘŜǊǇǊŜǘŀǝƻƴ ǿƛƭƭ ōŜ ōǊƛŜƅȅ ƛƴǘǊƻŘǳŎŜŘ ǿƛǘƘ ǎƻƳŜ ǊŜŀƭ ŜȄŀƳǇƭŜǎ ŦǊƻƳ ǘƘŜ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ¢ƛπ!ƭ ǎȅǎǘŜƳΦ 
5ƛǎŎǳǎǎƛƻƴ ǿƛƭƭ ŦƻŎǳǎ ƻƴ ǇǊŀŎǝŎŀƭ ŀǎǇŜŎǘǎΣ ŜΦƎΦ Ƙƻǿ ǘƻ ŘŜŎƛŘŜ ǿƘŜǘƘŜǊ ŀ ǎŀƳǇƭŜ ƛǎ ƛƴ ǘƘŜǊƳƻŘȅƴŀƳƛŎ ŜǉǳƛƭƛōǊƛǳƳΣ 
Ƙƻǿ ǘƘŜ ǉǳŀƭƛǘȅ ƻŦ ƛƴŘƛǾƛŘǳŀƭ Řŀǘŀ Ŏŀƴ ōŜ ƧǳŘƎŜŘΣ ŀƴŘ ǿƘƛŎƘ ŀŘŘƛǝƻƴŀƭ ƳŜǘƘƻŘǎ ƭƛƪŜ {9aπ95{Σ 9ta!Σ ŀƴŘ 5{/ 
ƘŀǾŜ ǘƻ ōŜ ǳǎŜŘ ǘƻ ǉǳŀƴǝŦȅ ǘƘŜ ǊŜǎǳƭǘǎΦ 
 
  



 

р 

{ŎƘƻƻƭ ƻƴ ¢ƘŜǊƳƻŘȅƴŀƳƛŎǎ ƻŦ LƴǘŜǊƳŜǘŀƭƭƛŎǎ ς лн hŎǘƻōŜǊ нлно 

мпΥллπмрΥол  {ƻ¢ о π ¢ƘŜ /![tI!5 ƳŜǘƘƻŘ ς ŀŘǾŀƴŎŜŘ ŀǇǇǊƻŀŎƘ ǘƻ ǘƘŜǊƳƻŘȅƴŀƳƛŎ ƳƻŘŜƭƭƛƴƎ ƻŦ ǇƘŀǎŜ 

ŘƛŀƎǊŀƳǎ ŀƴŘ ǘƘŜǊƳƻŘȅƴŀƳƛŎ ǇǊƻǇŜǊǝŜǎ ƻŦ ŎƻƳǇƭŜȄ ƳŀǘŜǊƛŀƭǎ 

!ƭŜǑ YǊƻǳǇŀ ό.Ǌƴƻκ/½ύ 
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ƳŜƴǝƻƴŜŘ ƛƴ ǘƘŜ ƭŜŎǘǳǊŜΦ 
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Introduction 
Intermetallic titanium aluminides (TiAl) offer a unique combination of well-balanced oxidation resistance and 
mechanical properties up to 700-750°C with an excellent specific high temperature strength. Since more than 10 
years they have been used now as a high temperature material for turbine blades in the low-pressure section of 
airplane engines. Nevertheless, use at even higher temperature is hindered by the formation of a mixed 
TiO2/Al2O3-scale at high temperatures along with oxygen uptake into the subsurface zone. Especially the 
ŦƻǊƳŀǘƛƻƴ ƻŦ ŘŜǘǊƛƳŜƴǘŀƭ ǇƘŀǎŜǎ ōŜƭƻǿ ǘƘŜ ƻȄƛŘŜ ǎŎŀƭŜ ŘƛǎǎƻƭǾƛƴƎ ƘƛƎƘŜǊ ŀƳƻǳƴǘǎ ƻŦ ƻȄȅƎŜƴ ŎƻƳǇŀǊŜŘ ǘƻ ʴςTiAl 
strongly embrittle the alloys during exposure. To enhance resistance against oxidation, surface treatment is 
necessary. Many approaches of modifications of the metal surface through diffusion treatments and phenomena 
like the halogen effect were investigated in the past to alter the oxidation mechanism at elevated temperatures. 
This article shows recent advancements in the understanding the mechanisms of embrittlement during 
oxidation, recent coating approaches and outlines the requirements for future research. 
 
Materials and Methods 
The data shown was collected using the GE 4822 and TNM-B1 substrates, which are both alloys of industrial 
relevance. Samples were cut and exposed at different temperatures up to 1000h. Afterwards a brought analysis 
including SEM, EPMA, Raman and TEM was conducted, as described elsewhere [1,2]. Additionally recent coating 
approaches to slow down oxidation and suppress the oxygen embrittlement are shown and discussed with 
regards to their potential to mitigate the embrittlement at temperature. 
 
Embrittlement during oxidation 
Even after undergoing oxidation at 600°C for only 100 hours, the mechanical properties of TiAl alloys can be 
ŀŘǾŜǊǎŜƭȅ ŀŦŦŜŎǘŜŘ ŀǘ ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜΣ ŘŜǎǇƛǘŜ ǘƘŜ ŀōǎŜƴŎŜ ƻŦ ʲ0-phase transformation in the subsurface 
region and minimal mass gains. It has been found, that the progressive embrittlement is linked to an enrichment 
of oxygen in the subsurface zone, a phenomenon previously documented at elevated temperatures, e.g. [3]. As 
ǘƘŜ ʲ0-¢ƛό!ƭύ ǇƘŀǎŜ ǘǊŀƴǎŦƻǊƳǎ ƛƴǘƻ ʰ2-Ti3Al, the overall solubility of oxygen in the subsurface region increases, 
augmenting its potential to induce brittleness. This process is well-known in Ti-alloys, where the formation of an 
oxygen-ŜƴǊƛŎƘŜŘ ʰ-case layer can enhance the alloy's strength, resulting in increased hardness, but also 
substantially reducing its ductility [4]. The presence of interstitially dissolved oxygen can lead to significant 
internal stresses and alter the movement of dislocations in titanium [5]. Although the results for TiAl reveal 
ǎƛƳƛƭŀǊ ǘŜƴŘŜƴŎƛŜǎ ƛƴ ʲ0-Ti(Al)-containing TiAl alloys, the consequences for the investigated alloys are somewhat 
different. The embrittlement impact on the TNM-B1 alloy is less pronounced compared to the GE 4822 alloy, as 
TNM-B1 demonstrates linear-ŜƭŀǎǘƛŎ ŦǊŀŎǘǳǊŜ ōŜƘŀǾƛƻǊ ƛƴ ǘƘŜ ILtŜŘ ŎƻƴŘƛǘƛƻƴΣ ŘŜǎǇƛǘŜ ƘŀǾƛƴƎ ŀ ƘƛƎƘŜǊ ƻǾŜǊŀƭƭ ʰ2- 
ŀƴŘ ʲ0-phase content. Conversely, for the GE 4822 alloy after exposure, the existence of a brittle Laves phase, 
ǳƴƛŦƻǊƳƭȅ ŘƛǎǘǊƛōǳǘŜŘ ƛƴ ǘƘŜ ǎǳōǎǳǊŦŀŎŜ ǊŜƎƛƻƴ ŀƭƻƴƎǎƛŘŜ ǘƘŜ ʰ2-Ti3Al phase, was confirmed. The specific 
contribution of this Laves phase to the embrittlement of the GE 4822 alloy should be explored in more detail in 
the future. 
 
Coatings to mitigate embrittlement during exposure. 
wŜǎŜŀǊŎƘŜǊǎ ǿŜǊŜ ƛƴǾŜǎǝƎŀǝƴƎ Ƴŀƴȅ ŎƻŀǝƴƎǎ ŦƻǊ ¢ƛ!ƭ ώсϐΦ bŜǾŜǊǘƘŜƭŜǎǎΣ ǘƻŘŀȅ ǎǝƭƭ ŀ ƳŀȄƛƳǳƳ ǿƻǊƪƛƴƎ 
ǘŜƳǇŜǊŀǘǳǊŜ ƻŦ тллπтрлϲ/ ǎǝƭƭ ŜȄƛǎǘǎ ŦƻǊ ¢ƛ!ƭ ŀƭƭƻȅǎΣ ǘƘŜ ƴŜŜŘ ŦƻǊ ŀƭǘŜǊƴŀǝǾŜǎ ǎǝƭƭ ŜȄƛǎǘǎΦ ¢Ƙƛǎ ƛǎ Ƴƻǎǘƭȅ ŎŀǳǎŜŘ ōȅ 
ǘƘŜ ƴŜƎŀǝǾŜ ƛƴƅǳŜƴŎŜ ƻŦ ǘƘŜ ŎƻŀǝƴƎǎ ƻƴ ǘƘŜ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎΣ ŀǎ ƛǘ ƛǎ ŦƻǊ ŜȄŀƳǇƭŜ ǘƘŜ ŎŀǎŜ ŦƻǊ !ƭπǊƛŎƘΣ 
ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŎƻŀǝƴƎǎ ōŀǎŜŘ ƻƴ ǘƘŜ ¢ƛ!ƭнπ ƻǊ ¢ƛ!ƭоπǇƘŀǎŜΦ  
 
! ƴƻǾŜƭ ŀǇǇǊƻŀŎƘ ƛǎ ŦƻƭƭƻǿŜŘ ōȅ ǘƘŜ ŀǇǇƭƛŎŀǝƻƴ ƻŦ ǇƻƭȅƳŜǊ ŘŜǊƛǾŜŘ ŎŜǊŀƳƛŎǎ όt5/ǎύΣ ǿƘƛŎƘ ŀǧǊŀŎǘ ŀǧŜƴǝƻƴ ŘǳŜ 
ǘƻ ǘƘŜƛǊ ƘƛƎƘ ǘƘŜǊƳƻƳŜŎƘŀƴƛŎŀƭ ǎǘŀōƛƭƛǘȅΣ ƻȄƛŘŀǝƻƴ ŀƴŘ ŎƘŜƳƛŎŀƭ ǊŜǎƛǎǘŀƴŎŜΦ .ŜƛƴƎ Ƴŀƛƴƭȅ ǎƛƭƛŎƻƴπōŀǎŜŘΣ t5/ǎ 



 

т 

ŀƭǎƻ ƻũŜǊ ǘƘŜ Ǉƻǎǎƛōƛƭƛǘȅ ǘƻ ƳƻŘƛŦȅ ǘƘŜ ŎƘŜƳƛŎŀƭ ŎƻƳǇƻǎƛǝƻƴ ƛƴ ƻǊŘŜǊ ǘƻ ǘŀƛƭƻǊ ǘƘŜ ǎǘǊǳŎǘǳǊŜ ŀƴŘ ŘŜǎƛǊŜŘ 
ǇǊƻǇŜǊǝŜǎΦ wŜŎŜƴǘƭȅ ƳƻǊŜ ŀƴŘ ƳƻǊŜ ǿƻǊƪ ƻƴ t5/ǎ ŦƻǊ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜǎ Ƙŀǎ ōŜŜƴ ǇǳōƭƛǎƘŜŘΦ !ƳƻƴƎ ǘƘŜǎŜΣ 
ǎƛƭƛŎƻƴ ƻȄȅŎŀǊōƛŘŜ ό{ƛh/ύ ƎƭŀǎǎŜǎΣ ǎƻƳŜǝƳŜǎ ŎŀƭƭŜŘ άōƭŀŎƪέ ƎƭŀǎǎŜǎ ŘǳŜ ǘƻ ǘƘŜƛǊ ŎƻƭƻǊΣ ŀǊŜ ǾŜǊȅ ƛƴǘŜǊŜǎǝƴƎΦ 
/ƻƴǎƛŘŜǊŀōƭŜ ƛƳǇǊƻǾŜƳŜƴǘ ƛƴ ƻȄƛŘŀǝƻƴ ǊŜǎƛǎǘŀƴŎŜ ǿŀǎ ƻōǎŜǊǾŜŘ ŦƻǊ {ƛh/πŎƻŀǘŜŘ ¢ƛ!ƭ ώтϐΦ ¢Ƙƛǎ ǿŀǎ ŦǳǊǘƘŜǊ 
ƛƳǇǊƻǾŜŘ Lƴ CƛƎǳǊŜ м ŀ t5/ ŎƻŀǝƴƎ ƛǎ ǎƘƻǿƴ ǘƘŀǘ ŀŘŘƛǝƻƴŀƭƭȅ Ŏƻƴǘŀƛƴǎ !ƭ ǿƛǘƘƛƴ ǘƘŜ {ƛh/ ƭŀȅŜǊ ƻƴ ¢ƛ!ƭΦ ¢Ƙƛǎ 
ŎƻŀǝƴƎ Ŏŀƴ ǊŜŘǳŎŜ ǘƘŜ ǇŀǊǝŀƭ ǇǊŜǎǎǳǊŜ ōŜƭƻǿ ǘƘŜ ŎƻŀǝƴƎ ǎƛƎƴƛŬŎŀƴǘƭȅΣ ōǳǘ Ŏŀƴƴƻǘ ǘƘŜ ǎǳǇǇǊŜǎǎ ǘƘŜ ŘŜǘǊƛƳŜƴǘŀƭ 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŀƭ ŎƘŀƴƎŜǎ ƛƴ ǘƘŜ ǎǳōǎǳǊŦŀŎŜ ȊƻƴŜΣ ŀǎ ƻōǾƛƻǳǎ ƛƴ ŦƻǊƳ ƻŦ ǘƘŜ /ǊπǊƛŎƘ ȊƻƴŜ ŀƊŜǊ оллƘ ŀǘ трлϲ/Φ 
!ƴƻǘƘŜǊ Ƴƻǎǘ ǊŜŎŜƴǘ ŀǇǇǊƻŀŎƘ ƛǎ ǘƘŜ ŎƻƳōƛƴŀǝƻƴ ƻŦ ŎƘŀǊŀŎǘŜǊƛǎǝŎǎ ƻŦ ƳŜǘŀƭƭƛŎ ŀƴŘ ŎŜǊŀƳƛŎ ƳŀǘŜǊƛŀƭǎ ōȅ ŀǇǇƭȅƛƴƎ 
a!·πǇƘŀǎŜǎΣ ǿƘƛŎƘ ŀǊŜ ƭƻƻƪŜŘ ŀǘ ƛƴ ŘŜǘŀƛƭ ǿƛƴ ǘƘŜ ƭŀǎǘ ŎƻǳǇƭŜ ƻŦ ȅŜŀǊǎΦ aŀȄ ǇƘŀǎŜǎ ƻũŜǊ ŀǧǊŀŎǝǾŜ ŎƘŜƳƛŎŀƭΣ 
ǇƘȅǎƛŎŀƭΣ ŀƴŘ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎ ŀƴŘ ǎƘƻǿ ƘƛƎƘ ƻȄƛŘŀǝƻƴ ǊŜǎƛǎǘŀƴŎŜ ŘǳŜ ǘƻ ǘƘŜ ŦƻǊƳŀǝƻƴ ƻŦ ŀ ǇǊƻǘŜŎǝǾŜ 
!ƭнhо ǎŎŀƭŜ ŦƻǊ ǘƘŜ !ƭπŎƻƴǘŀƛƴƛƴƎ a!·πǇƘŀǎŜ ώуΣфϐΦ ¢ƛн!ƭ/Σ ¢ƛн!ƭb ŀǎ ǿŜƭƭ ŀǎ /Ǌн!ƭ/ ŀǊŜ ŎƻƴǎƛŘŜǊŜŘ ǘƘŜ Ƴƻǎǘ 
ǇǊƻƳƛǎƛƴƎ ŎŀƴŘƛŘŀǘŜǎΦ  
¢ƘŜ ǎȅƴǘƘŜǎƛǎΣ ƻȄƛŘŀǝƻƴ ǊŜǎƛǎǘŀƴŎŜΣ ŀƴŘ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎ ƻŦ ŀ /Ǌн!ƭ/πōŀǎŜŘ a!·πtƘŀǎŜ ŎƻŀǝƴƎ ƻƴ ¢ƛпунн 
ǿŜǊŜ ƛƴǾŜǎǝƎŀǘŜŘΦ !ƊŜǊ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜ ƻȄƛŘŀǝƻƴΣ ŀƴ ƛƴǘŜǊƳƛȄŜŘ ¢ƛhнκ!ƭнhоπǎŎŀƭŜ ǿŀǎ ŦƻǳƴŘ ƻƴ ǘƻǇ ƻŦ ǘƘŜ 
ǳƴŎƻŀǘŜŘ ¢ƛпунн ŀƭƭƻȅ ǿƘƛƭŜ ŦƻǊ ǘƘŜ /Ǌн!ƭ/πǇƘŀǎŜ ŎƻŀǘŜŘ ǎŀƳǇƭŜǎ ŀƴ ŜȄǘǊŜƳŜƭȅ ǘƘƛƴΣ ǿŜƭƭπǇǊƻǘŜŎǝǾŜ !ƭнhоҌ/Ǌнhоπ
ǎŎŀƭŜ ŦƻǊƳŜŘΣ ƭŜŀŘƛƴƎ ǘƻ ƳǳŎƘ ƭƻǿŜǊ ƻǾŜǊŀƭƭ Ƴŀǎǎ Ǝŀƛƴǎ ŜǎǇŜŎƛŀƭƭȅ ŀǘ уллϲ/Φ 5ǳǊƛƴƎ ŜȄǇƻǎǳǊŜ !ƭπƛƴǿŀǊŘ Řƛũǳǎƛƻƴ 
ŦǊƻƳ ǘƘŜ /Ǌн!ƭ/πŎƻŀǝƴƎ ƛƴǘƻ ǘƘŜ ǎǳōǎǘǊŀǘŜ ƻŎŎǳǊǊŜŘ ŀƴŘ ƭŜŘ ǘƻ ǘƘŜ ǎǘŀōƛƭƛȊŀǝƻƴ ƻŦ /Ǌт/оΣ /Ǌно/с ŀǎ ǿŜƭƭ ŀǎ /Ǌн!ƭΦ 
²ƘƛƭŜ ǘƘŜ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎ ƻŦ ǘƘŜ ŎƻŀǘŜŘ ǎŀƳǇƭŜǎ ŀǊŜ ǾŜǊȅ ǇǊƻƳƛǎƛƴƎ ƛƴ ǘƘŜ ƛƴƛǝŀƭ ŎƻƴŘƛǝƻƴΣ ǘƘŜȅ ŀǊŜ 
ƴŜƎŀǝǾŜƭȅ ŀũŜŎǘŜŘ ōȅ ǘƘŜ ǎǳŎŎŜǎǎƛǾŜ ǘƘŜǊƳŀƭ ŘŜŎƻƳǇƻǎƛǝƻƴ ƻŦ ǘƘŜ ŎƻŀǝƴƎΦ  
 

  
Fig. 1: Cross-sectional microstructure and EPMA 
analysis of SiAlOC-coated 4822 TiAl alloy oxidized for 
300 h in dry air conditions 

Fig. 2: SEM BSE image of the Cr2AlC-based coating 
on the Ti4822 alloy after heat treatment at 700°C for 
1 h in Ar 

 
References 
[1] L. Mengis, A.S. Ulrich, P. Watermeyer, C.H. Liebscher, M.C. Galetz, Corrosion Science. 2021, 178, 109085 
[2] aΦ .ƛƪΣ aΦ DŀƭŜǘȊΣ [Φ aŜƴƎƛǎΣ 9Φ ²ƘƛǘŜΣ ²Φ ²ƛŜŎȊƻǊŜƪΣ YΦ _ȅǎȊŎȊŀǊȊΣ YΦ aǊoczka, J. Marchewka, M. Sitarz, 
Appl Sur Sci, 2023, 157601 
[3] S.L. Draper, D. Isheim, Intermetallics, 2012, 22, 77-83, 
[4] R. Gaddam, B. Sefer, R. Pederson, M-L Antti., IOP Conf. Ser.: Mater. Sci. Eng., 2013, 48  
[5] N. Chaari, D. Rodney, E. Clouet, Mat., 2019, 162, 200-203 
[6] R. Pflumm, S. Friedle, M. Schütze, Intermetallics, 2015, 56, 1-14 
[7] aΦ .ƛƪΣ !Φ DƛƭΣ aΦ {ǘȅƎŀǊΣ WΦ 5ŊōǊƻǿŀΣ tΦ WŜƭŜƵΣ 9Φ 5ƱǳƎƻƵΣ aΦ [ŜǏƴƛŀƪΣ aΦ {ƛǘŀǊȊΦ нлмфΣ млрΣ нфς38 
[8] D. B. Lee, T. D. Nguyen, S. W. Park, Oxid. Met., 2012 , 77, 275ς287 
[9] J. L. Smialek, Metall. Mater. Trans. A Phys. Metall. Mater. Sci., 2018, 49, 782ς792 
 
  



 

у 

SCP2.2 
Microstructure related electrochemical corrosion behavior of intermetallic  

Fe-25Al-5Cr-0.5Zr and Fe-25Al-5Cr-0.5Zr+TiC iron aluminides 
René Daniel Pütz and Daniela Zander  

 
Chair of Corrosion and Corrosion Protection, Foundry Institute, RWTH Aachen University,  

52072 Aachen, Germany, r.puetz@gi.rwth-aachen.de, d.zander@gi.rwth-aachen.de 
 
Introduction 
It is well known that iron aluminides are a potential material group for high temperature applications based on 
the easily accessible elements like Al and Fe, good wear resistance, high strength-to-weight ratio, and promising 
high temperature oxidation resistance [1-3]. Additionally, their usage in aqueous conditions might also be 
promising due to their wide passivity range in acidic environments [4]. Under aqueous conditions, Al facilitates 
the formation and stability of a passive layer at the surface of iron aluminides [5]. While several studies [6-8] 
agree on an enrichment of Al3+ within the passive layer, the formation of divergent layer sequences in H2SO4 
containing solutions were proposed. These include the formation of only one layer with a mixed oxide/hydroxide 
containing Fe- and Al-cations [6], the formation of a sandwich like layer model with an accumulation of Al3+ in 
the center [7], or the formation of a two-layered film composed of an outer mixed Fe-Al oxide/hydroxide and an 
inner layer containing primarily Al cations [8]. While most aqueous corrosion investigations focus on the passive 
film formation and the resistance against Cl- induced pitting corrosion, the influence of phases regarding micro-
galvanic coupling has barely been investigated. Negache et al. [9] indicated that among others, Zr-rich phases 
might lead to selective corrosion phenomena. However, a more in-depth analysis is necessary to understand the 
impact of phase manifestation on the electrochemical corrosion behavior in more detail. Therefore, the 
microstructure related electrochemical corrosion behavior of Fe-25Al-5Cr-0.5Zr and the same alloy modified with 
TiC additions were analyzed using electrochemical methods to identify the role of Zr-rich phases like the (Fe,Al)2Zr 
Laves phase and Zr-rich carbides on the occurring aqueous corrosion mechanisms. A previous study [12] could 
already identify the role of the adjusted microstructure on the high temperature oxidation behavior at 700 °C by 
reducing the inner oxidation depth of Zr-rich phases using TiC as an additive for Fe-25Al-5Cr-0.5Zr iron aluminide. 

 
Materials and Methods 
The iron aluminides (in at.%) Fe-25Al-5Cr-0.5Zr and Fe-25Al-5Cr-0.5Zr+TiC were produced using an investment 
casting procedure that was performed by Access e.V. (Aachen, Germany). Approximately 0.7 wt.% TiC were 
added before the melting process to the second alloy system to adjust the microstructure. 
 
To analyze the as-cast microstructure of the materials, scanning electron microscopy (SEM), energy dispersive X-
ray spectrometry (EDS), and X-ray diffraction (XRD) were performed. The electrochemical testing of the iron 
alumindes was utilized in a regular three-electrode set-up in which the sample is the working electrode (WE), a 
platinum sheet is the counter electrode (CE), and a saturated calomel electrode (SCE) that is connected via a 
bridge-tube capillary, serves as the reference electrode (RE). The samples were stepwise ground and polished 
until 0.02 µm grit and cleaned with ethanol prior to the corrosion testing. A thermostat provided a constant 
solution (acidified with H2SO4) temperature of 25 °C by heating water in a double walled beaker. The open circuit 
potential (OCP) was measured for 3600 s after the sample was immersed into the solution. Electrochemical 
impedance spectroscopy (EIS) was performed at OCP with 10 points per decade and an AC amplitude of 10 mVrms. 
Additionally, potentiodynamic polarization (PDP) measurements were utilized with a scan rate of 0.167 mV/s.  
 
Results and Discussion 
The materials characterization of Fe-25Al-5Cr-0.5Zr revealed the formation of an interdendritic (Fe,Al)2Zr Laves 
phase network within the ordered Fe-Al matrix. The addition of TiC hampered the manifestation of a (Fe,Al)2Zr 
Laves phase network that was then rather discontinuously found at the grain boundaries and within the grains. 
Additionally, Zr-rich carbides were formed at the grain boundaries and in the grain interior due to the high affinity 
of Zr to C. In Fig. 1 a), the Nyquist plots (data and fitting) at OCP in 0.25 M H2SO4 solution after 3600 s of immersion 
for both iron aluminides are depicted showing the imaginary (-½ΩΩύ ŀƴŘ ǊŜŀƭ ό½Ωύ ǇŀǊǘ ƻŦ ǘƘŜ ƛƳǇŜŘŀƴŎŜΦ For both 
alloys, one capacitive arc in the high frequency region and one inductive arc in the low frequency region can be 
identified. These two arcs suggest the presence of two time constants, which can also be identified in the Bode 
plot of the phase angle in Fig. 1 b). The appearance of the inductive arc for both alloys indicates the impact of 
adsorption processes at the reaction front. These can also be observed for various Fe-based materials in H2SO4 
solutions [10,11]. The diameters of the capacitive semi-circles in the Nyquist plot (Fig. 1 a)) as well as the absolute 
impedance |Z| values in Fig. 1 b) already indicate a decreased corrosion susceptibility of the microstructural 
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modified Fe-25Al-5Cr-0.5Zr+TiC compared to Fe-25Al-5Cr-0.5Zr under the stated conditions. The reduced 
corrosion susceptibility is suggested to be reasoned by the changed behavior of micro-galvanic coupling between 
the Fe-Al matrix and the present phases.  
 

 

Fig. 1: EIS data and fitting for both iron aluminides at OCP in 0.25 M H2SO4 solution after 3600 s of immersion 
in the a) Nyquist plot, b) Bode plot of the phase angle, and c) Bode plot of the absolute impedance |Z|. 
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Introduction 
High-entropy alloys (HEAs) and complex concentrated alloys (CCAs) based on refractory metals (RHEAs, RCCAs) 
alloyed with light metals have shown promising combinations of low density and high strength at high 
temperatures resulting in extensive research efforts to exploit their full potential for high-temperature 
applications. 
In this work, the three RCCAs AlMo0.5NbTa0.5TiZr [1], AlCrMoNbTi [2] and AlCrMoTaTi [2] were chosen as (near-) 
equimolar starting compositions for a comparative study. By systematically varying elemental concentrations of 
!ƭΣ /Ǌκ½Ǌ ŀƴŘ ¢ƛ όǎǘƻƛŎƘƛƻƳŜǘǊƛŎ ŦŀŎǘƻǊǎΥ !ƭ мΧоΣ /Ǌ мΧлΦрΣ ½Ǌ мΧлΦнрΣ ¢ƛ мΧоύΣ ǘƘŜ ǘƘǊŜŜ ōŀǎŜ w//!ǎ ŀǊŜ 
experimentally screened in terms of microstructure and isothermal oxidation resistance at 1000 °C for 48 h in 
ŀƳōƛŜƴǘ ŀƛǊΦ !ŘŘƛǘƛƻƴŀƭƭȅΣ ǘƘŜ ŜŦŦŜŎǘ ƻŦ ƳƛƴƻǊ ŀŘŘƛǘƛƻƴǎ ƻŦ {ƛ όмΧр atomic per cent) is investigated.  
Screened RCCAs with highest oxidation resistance, beneficial phase composition and microstructure and 
promising mechanical properties will be further improved by microalloying in terms of high-temperature 
strength in future work. 
 
Materials and Methods 
Elemental bulk materials with purities >99.9 % were melted in an AM 500 vacuum arc melting furnace in 0.6 bar 
Ar atmosphere. Each slug was flipped over at least five times to ensure macroscopic homogeneity. After 
solidification, almost all alloys under investigation showed cracks as well as macroscopically inhomogeneous 
microstructures with grain sizes from µm-range to several mm. Thus, powder metallurgy processes were chosen 
to produce dense, crack-free samples with macroscopic homogeneous microstructure. Vacuum arc-melted alloy 
slugs were crushed and milled to powder using a vibrating disc mill with 1500 rpm for 10 s in ambient air. Powders 
were compacted by spark plasma sintering (SPS) to discs with 20 mm diameter and 2 mm height using graphite 
tools at 1300 °C and 50 MPa with a dwell time of 5 min in <0.1 mbar vacuum. After sandblasting and flat grinding 
all disc samples, homogenisation heat treatment at 1300 °C for 48 h in Ar atmosphere followed. Samples for 
oxidation testing were ground and polished using SiC abrasive papers down to grit 1200. For screening purposes, 
oxidation samples were cleaned in ethanol and weighed before as well as after isothermal oxidation testing at 
1000 °C for 48 Ƙ ƛƴ ŀƳōƛŜƴǘ ŀƛǊΦ ¢ƘŜ ƳŜŀǎǳǊŜŘ Ƴŀǎǎ Ǝŀƛƴ ƛǎ ŀƴ ƛƴŘƛŎŀǘƻǊ ŦƻǊ ŜŀŎƘ ŀƭƭƻȅΩǎ ƻȄƛŘŀǘƛƻƴ ǊŜǎƛǎǘŀƴŎŜΦ 
Selected promising alloys with highest oxidation resistance were investigated in more detail regarding phase 
composition, microstructure, mechanical properties and oxidation behaviour by thermal gravimetric analysis 
(TGA), scanning electron microscopy (SEM), energy dispersive X-ray spectroscopy (EDS), X-ray diffraction (XRD), 
differential scanning calorimetry (DSC), Vickers hardness testing, compression testing and Archimedes method. 
Experimental investigations are supplemented by CALPHAD simulations using Thermo-Calc software with 
TCHEA5 database which is specifically designed for HEAs and CCAs. 
 
Results and Discussion 
For AlMo0.5NbTa0.5TiZr, isothermal oxidation results showed mass gain of 164 mg/cm2 which decreased to 
152 mg/cm2 for AlMo0.5NbTa0.5TiZr-5Si, 142 mg/cm2 for AlMo0.5NbTa0.5TiZr0.25 and 113 mg/cm2 for 
Al2.5Mo0.5NbTa0.5TiZr, respectively. Varying Ti concentration did not change oxidation mass gain significantly. 
Both the base RCCA and all its chemical derivatives showed apparent dense oxide scales with considerable 
increase in volume, resulting in extensive cracking of the oxide scales. This was presumably caused by high Pilling-
Bedworth ratios of Nb2O5 (2.68), Ta2O5 (2.50), TiO2 (1.73) and ZrO2 (1.56). [3] Thus, no protective oxide scales 
were formed. Investigations of Lu et al. [4] regarding varying Al concentrations showed the same trend, although 
mass gains were lower with 101 mg/cm2 for AlMo0.5NbTa0.5TiZr down to 70 mg/cm2 for Al1.5Mo0.5NbTa0.5TiZr, all 
in as-cast condition. Oxidation results for AlCrMoNbTi, AlCrMoTaTi and their chemical derivatives will be 
addressed in the talk. 
Phase composition and microstructure of AlMo0.5NbTa0.5TiZr and AlCrMoTaTi are strongly affected by varying 
element concentrations, respectively (Fig. 1). Phase composition ranges from two (Fig. 1c, g, h, i) to five apparent 
phases (Fig. 1b, j) judging by BSE contrast. CALPHAD simulations confirm these findings, suggesting a high 



 

мм 

potential for tailoring beneficial phase composition and microstructure for high-temperature applications in 
future work. Microstructure results for AlCrMoNbTi and its chemical derivatives will be addressed in the talk. 
Hardness testing resulted in high hardness values of 614 ± 12 HV10 for AlMo0.5NbTa0.5TiZr, 841 ± 30 HV10 for 
Al2.5Mo0.5NbTa0.5TiZr, 438 ± 4 HV10 for AlMo0.5NbTa0.5Ti2.5Zr, 682 ± 10 HV10 for AlMo0.5NbTa0.5TiZr0.25 and 
673 ± 21 HV10 for AlMo0.5NbTa0.5TiZr-5Si. In comparison, cast and heat-treated IN713C (355 ± 55 HV10 [5]) and 
powder metallurgical processed and heat-treated MoSiB (630 ± 15 HV10) show considerably lower hardness 
values at room temperature. Hardness results for AlCrMoNbTi, AlCrMoTaTi and their chemical derivatives as well 
as results of more detailed investigations will be addressed in the talk. 
 

       

    

       

    
Fig. 1: SEM-BSE micrographs at identical magnifications of AlMo0.5NbTa0.5TiZr and AlCrMoTaTi with varying 
compositions in homogenised condition: a) AlMo0.5NbTa0.5TiZr, b) Al2.5Mo0.5NbTa0.5TiZr, c) 
AlMo0.5NbTa0.5Ti2.5Zr, d) AlMo0.5NbTa0.5TiZr0.25, e) AlMo0.5NbTa0.5TiZr-5Si, f) AlCrMoTaTi, g) Al3CrMoTaTi, h) 
AlCrMoTaTi3, i) AlCr0.5MoTaTi and j) AlCrMoTaTi-5Si. 
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A novel pesting resistant Cr-Si-Mo alloy  
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Introduction 
wŜŦǊŀŎǘƻǊȅ ƳŜǘŀƭǎ ŀƴŘ ŀƭƭƻȅǎ ƘŀǾŜ ŎƻƳŜ ƛƴǘƻ ǘƘŜ ŦƻŎǳǎ ƻŦ ǊŜǎŜŀǊŎƘ ƻŦ ƴƻǾŜƭ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜ ŀƭƭƻȅǎ ŘǳŜ ǘƻ ǘƘŜƛǊ 
ƘƛƎƘ ƳŜƭǝƴƎ Ǉƻƛƴǘǎ ŀƴŘ ǎƻƭƛŘǳǎ ǘŜƳǇŜǊŀǘǳǊŜǎΦ IƻǿŜǾŜǊΣ ǊŜŦǊŀŎǘƻǊȅ ƳŜǘŀƭ ŀƭƭƻȅǎ ƻƊŜƴ ǎǳũŜǊ ŦǊƻƳ ǇƻƻǊ ƻȄƛŘŀǝƻƴ 
ǊŜǎƛǎǘŀƴŎŜ ŀǘ ƛƴǘŜǊƳŜŘƛŀǘŜ ƻǊ ŜƭŜǾŀǘŜŘ ǘŜƳǇŜǊŀǘǳǊŜǎ ώмϐΦ {ƛƎƴƛŬŎŀƴǘ ǇǊƻƎǊŜǎǎ ǿŀǎ ǊŜŎŜƴǘƭȅ ƳŀŘŜ ƛƴ ǘƘŜ 
ŘŜǾŜƭƻǇƳŜƴǘ ƻŦ ƻȄƛŘŀǝƻƴπǊŜǎƛǎǘŀƴǘ aƻπ{ƛπ¢ƛ ŀƭƭƻȅǎ ώнςпϐΦ Lǘ ǿŀǎ ŦƻǳƴŘ ǘƘŀǘ ǎǳōǎǘŀƴǝŀƭ ¢ƛ ŀŘŘƛǝƻƴ ƭŜŀŘǎ ǘƻ ŀ 
ǎǳǊǇǊƛǎƛƴƎƭȅ ǇǊƻǘŜŎǝǾŜ ¢ƛhнκ{ƛhн ǎŎŀƭŜ ƛƴ ǘƘŜǎŜ ŀƭƭƻȅǎΣ ǇǊŜǾŜƴǝƴƎ ǘƘŜƳ ŦǊƻƳ ŎŀǘŀǎǘǊƻǇƘƛŎ ƻȄƛŘŀǝƻƴ όάǇŜǎǝƴƎέύ 
ŀǘ ƛƴǘŜǊƳŜŘƛŀǘŜ ǘŜƳǇŜǊŀǘǳǊŜǎ όϤ улл ϲ/ύΦ {ƛƳƛƭŀǊ ƻǊ ŜǾŜƴ ǎǳǇŜǊƛƻǊ ǊŜǎǳƭǘǎ ƳƛƎƘǘ ōŜ ŀŎƘƛŜǾŜŘ ƛƴ ƻǘƘŜǊ aƻπ{ƛπ· 
ǎȅǎǘŜƳǎ ǘƘǊƻǳƎƘ ŀƭƭƻȅƛƴƎ ǿƛǘƘ ŜƭŜƳŜƴǘǎ ǘƘŀǘ ŀǊŜ ŎƻƴǎƛŘŜǊŜŘ ǇŀǎǎƛǾŀǝƴƎΣ ƭƛƪŜ /ǊΦ ¢ƻ ƛƴǾŜǎǝƎŀǘŜ ǘƘŜ ǇƻǘŜƴǝŀƭ 
ǇŜǎǝƴƎ ǊŜǎƛǎǘŀƴŎŜ ƻŦ /Ǌπ{ƛπaƻ ŀƭƭƻȅǎΣ ŀƴ ŀƭƭƻȅ ŘŜǎƛƎƴ ŀǇǇǊƻŀŎƘ ǿŀǎ ŀǇǇƭƛŜŘ ǘƘŀǘ ŀƛƳŜŘ ŦƻǊ ŀ ŬƴŜ ƭŀƳŜƭƭŀǊΣ ǘǿƻ 
ǇƘŀǎŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŎƻƴǎƛǎǝƴƎ ƻŦ ŀ ǎƻƭƛŘ ǎƻƭǳǝƻƴ ŀƴŘ ŀƴ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŎƻƳǇƻǳƴŘΦ /ǊπмоΦр{ƛπонΦнaƻ όŀǘΦ҈ύ ǿŀǎ 
ƛŘŜƴǝŬŜŘ ŀǎ ǇǊƻƳƛǎƛƴƎ ŎŀƴŘƛŘŀǘŜ ƛƴ ǘƘŜ /Ǌπ{ƛπaƻ ǎȅǎǘŜƳΣ ŀǎ ŘŜǎŎǊƛōŜŘ ōŜƭƻǿΦ /ǊπмоΦр{ƛπонΦнaƻ όŀǘΦ҈ύ ǿŀǎ 
ǎǳōƧŜŎǘŜŘ ǘƻ ŎȅŎƭƛŎ ƻȄƛŘŀǝƻƴ ŀǘ уллΣ ммлл ŀƴŘ мнлл ϲ/ ŦƻǊ ǳǇ ǘƻ млл Ƙ ǘƻ ŀŘŘǊŜǎǎ ǘƘŜ ŦƻƭƭƻǿƛƴƎ ŦǳƴŘŀƳŜƴǘŀƭ 
ǉǳŜǎǝƻƴǎΥ  

¶ How do fine-lamellar Cr-Si-Mo alloys compare to similar Mo-Si-Ti alloys with respect to oxidation resistance, 
especially in the pesting regime (around 800 °C) with potential MoO3 evaporation and beyond 1100 °C 
where CrO3 starts to evaporate? 

¶ How does solute partitioning of Cr in Cr-Si-Mo compare to Ti in Mo-Si-Ti in view of the continuous phase 
fields of (Cr,Mo)ss and (Cr,Mo)3Si? 
 

Materials and Methods 
aƛŎǊƻǎǘǊǳŎǘǳǊŜ ŀƴŀƭȅǎƛǎΥ /ǊπмоΦр{ƛπонΦнaƻ ƛƴƎƻǘǎ ǿŜǊŜ Ŏŀǎǘ ŦǊƻƳ ǇǳǊŜ aƻ Ŧƻƛƭǎ ό9±h/I9aΣ ффΦфр ҈ύ {ƛ ǇƛŜŎŜǎ 
ό/ƘŜƳtǳǊΣ ффΦфф ҈ύ ŀƴŘ /Ǌ ƎǊŀƴǳƭŜǎ ό/ƘŜƳtǳǊ ффΦфф҈ύ ōȅ ŀǊŎ ƳŜƭǝƴƎ ό!aκлΣр !ǊŎ aŜƭǘŜǊΣ 9ŘƳǳƴŘ .ǸƘƭŜǊ 
DƳōIύΦ ¢ƘŜ ŎƘŀƳōŜǊ ǿŀǎ ŜǾŀŎǳŀǘŜŘ ŀƴŘ ƅƻƻŘŜŘ ǿƛǘƘ !Ǌ όҔ ффΦффу ҈ύ ŀǘ ƭŜŀǎǘ ǘƘǊŜŜ ǝƳŜǎΦ CƻǊ ŀǊŎ ƳŜƭǝƴƎ ŀƴ !Ǌ 
ōŀǎŜ ǇǊŜǎǎǳǊŜ ƻŦ слл ƳōŀǊ ǿŀǎ ǳǎŜŘΦ ¢ƘŜ ƛƴƎƻǘǎ ǿŜǊŜ ƅƛǇǇŜŘ ŀƴŘ ǊŜƳŜƭǘŜŘ ŬǾŜ ǝƳŜǎ ƛƴ ŀ ǿŀǘŜǊ ŎƻƻƭŜŘ /ǳ 
ŎǊǳŎƛōƭŜ ǘƻ ŜƴǎǳǊŜ ƘƻƳƻƎŜƴŜƛǘȅΦ tǊƛƻǊ ǘƻ ŀƭƭ ƻȄƛŘŀǝƻƴ ŜȄǇŜǊƛƳŜƴǘǎΣ ǘƘŜ ƛƴƎƻǘǎ ǿŜǊŜ ƘŜŀǘ ǘǊŜŀǘŜŘ ŀǘ мнлл ϲ/ ŦƻǊ 
млл Ƙ ƛƴ ŀ ǇǊƻǘŜŎǝǾŜ !Ǌ ŀǘƳƻǎǇƘŜǊŜ όҔ ффΣффу ҈ ǇǳǊƛǘȅύ ǳǎƛƴƎ ŀ I¢wI тлπсллκму ǊŜǎƛǎǘŀƴŎŜ ǘǳōŜ ŦǳǊƴŀŎŜ 
ό/ŀǊōƻƭƛǘŜ DŜǊƻDƳōI ϧ /ƻΦ YDύΦ ¢ƻ ǇǊƻǘŜŎǘ ǘƘŜ ƛƴƎƻǘǎ ŦǊƻƳ ƛƳǇǳǊƛǝŜǎ ƛƴ ǘƘŜ !Ǌ ŀǘƳƻǎǇƘŜǊŜΣ ¢ƛ ǎǇƻƴƎŜ ǿŀǎ ǳǎŜŘ 
ŀǎ ƎŜǧŜǊ ƳŀǘŜǊƛŀƭ ƛƴ ǘƘŜ ǘǳōŜ ŦǳǊƴŀŎŜΦ bƻ h ǳǇǘŀƪŜ ǿŀǎ ŘŜǘŜŎǘŜŘΦ CƻǊ ƳƛŎǊƻǎǘǊǳŎǘǳǊŀƭ ŀƴŀƭȅǎƛǎ ƻŦ ǘƘŜ ŀǎπŎŀǎǘ ό!/ύΣ 
ƘŜŀǘπǘǊŜŀǘŜŘ όI¢ύ ŀƴŘ ƻȄƛŘƛȊŜŘ ŎƻƴŘƛǝƻƴǎΣ ŎǊƻǎǎ ǎŜŎǝƻƴǎ ǿŜǊŜ ǇǊŜǇŀǊŜŘ ŦƻǊ ǎŎŀƴƴƛƴƎ ŜƭŜŎǘǊƻƴ ƳƛŎǊƻǎŎƻǇŜ ό{9aύ 
ŀƴŀƭȅǎƛǎΦ .ŀŎƪǎŎŀǧŜǊŜŘ ŜƭŜŎǘǊƻƴ ŎƻƴǘǊŀǎǘ ƛƳŀƎƛƴƎ ό.{9ύ ƳƛŎǊƻƎǊŀǇƘǎ ƻŦ !/ ŀƴŘ I¢ ŎƻƴŘƛǝƻƴǎ ŀǎ ǿŜƭƭ ŀǎ ǘƘŜ ƻȄƛŘŜ 
ǎŎŀƭŜǎ ǿŜǊŜ ǘŀƪŜƴ ŀǘ нл ƪ± ƻƴ ŀ [9h DŜƳƛƴƛ мрол ό/ŀǊƭ ½Ŝƛǎǎ !Dύ {9aΦ ¢ƘŜ ǇƘŀǎŜǎ ǇǊŜǎŜƴǘ ƛƴ ǘƘŜ ōǳƭƪ ƳŀǘŜǊƛŀƭΣ 
ŀǎ ǿŜƭƭ ŀǎ ǘƘŜ ǇƘŀǎŜǎ ŦƻǊƳŜŘ ŘǳǊƛƴƎ ŎȅŎƭƛŎ ƻȄƛŘŀǝƻƴ ǿŜǊŜ ƛƴǾŜǎǝƎŀǘŜŘ ǘƘǊƻǳƎƘ ·πǊŀȅ ŘƛũǊŀŎǝƻƴ ό·w5ύ ǳǎƛƴƎ ŀ 5н 
tƘŀǎŜǊ ό.ǊǳƪŜǊύΦ 9ƴŜǊƎȅ ŘƛǎǇŜǊǎƛǾŜ ·πǊŀȅ ǎǇŜŎǘǊƻǎŎƻǇȅ ό95{ύ ǿŀǎ ǳǎŜŘ ǘƻ ŘŜǘŜǊƳƛƴŜ ǘƘŜ ƭƻŎŀƭ ŎƘŜƳƛŎŀƭ 
ŎƻƳǇƻǎƛǝƻƴ ƻŦ ǘƘŜ ƛƴŘƛǾƛŘǳŀƭ ǇƘŀǎŜǎ ƛƴ ǘƘŜ ƴƻƴπƻȄƛŘƛȊŜŘ I¢ ŎƻƴŘƛǝƻƴ ŀƴŘ ǘƻ ŀƴŀƭȅȊŜ ǘƘŜ ƻȄƛŘŜ ǎŎŀƭŜ ŀƊŜǊ ŎȅŎƭƛŎ 
ƻȄƛŘŀǝƻƴ ŀǘ улл ϲ/ ŦƻǊ млл ƘΦ {9a ōŀǎŜŘ 95{ ǿŀǎ ǇŜǊŦƻǊƳŜŘ ƻƴ ŀƴ !ǳǊƛƎŀ сл ό/ŀǊƭ ½Ŝƛǎǎ !Dύ ǳǎƛƴƎ мп ƪ± 
ŀŎŎŜƭŜǊŀǝƻƴ ǾƻƭǘŀƎŜΦ {ŎŀƴƴƛƴƎ ǘǊŀƴǎƳƛǎǎƛƻƴ ŜƭŜŎǘǊƻƴ ƳƛŎǊƻǎŎƻǇȅ ό{¢9aύ ōŀǎŜŘ 95{ ǿŀǎ ǇŜǊŦƻǊƳŜŘ ƻƴ ŀ C9L ǳǎƛƴƎ 
ŀƴ ŀŎŎŜƭŜǊŀǝƻƴ ǾƻƭǘŀƎŜ ƻŦ нлл ƪ±Φ CƻǊ {¢9aπ95{ ŀ ƭŀƳŜƭƭŀ ǿŀǎ ǇǊŜǇŀǊŜŘ ǳǎƛƴƎ ŀ C9L {ǘǊŀǘŀ плл{ CƻŎǳǎŜŘ Lƻƴ 
.ŜŀƳ ǿƛǘƘ ŀ Dŀ Lƻƴ ǎƻǳǊŎŜΦ 
/ȅŎƭƛŎ ƻȄƛŘŀǝƻƴΥ /ǳōƻƛŘŀƭ ǎŀƳǇƭŜǎ ƻŦ όр Ҏ р Ҏ рύ ƳƳо ƛƴ ŘƛƳŜƴǎƛƻƴǎ ǿŜǊŜ Ŏǳǘ ŦǊƻƳ I¢ ƳŀǘŜǊƛŀƭ ōȅ ŜƭŜŎǘǊƛŎŀƭ 
ŘƛǎŎƘŀǊƎŜ ƳŀŎƘƛƴƛƴƎ ŀƴŘ ƎǊƻǳƴŘ ǘƻ ƎǊƛǘ tнрллΦ ¢ƘŜ ƛƴƛǝŀƭ ǎŀƳǇƭŜ ǎǳǊŦŀŎŜ ŀǊŜŀ ǿŀǎ ƻōǘŀƛƴŜŘ ǳǎƛƴƎ ŀ ²ƛƭŘπ
IŜŜǊōǊǳƎƎ aпнл ƻǇǝŎŀƭ ƳŀŎǊƻǎŎƻǇŜ ŀƴŘ ǘƘŜ ǎƻƊǿŀǊŜ hƭȅƳǇǳǎ {ǘǊŜŀƳ 9ƴǘŜǊǇǊƛǎŜ мΦт όhƭȅƳǇǳǎύΦ /ȅŎƭƛŎ 
ƻȄƛŘŀǝƻƴ ǿŀǎ ǇŜǊŦƻǊƳŜŘ ƛƴ ƭŀōƻǊŀǘƻǊȅ ŀƛǊ ǳǎƛƴƎ ƳǳƉŜ ŦǳǊƴŀŎŜǎ όDŜǊƻ ŀƴŘ bŀōŜǊǘƘŜǊƳύ ŀǘ уллΣ ммлл ŀƴŘ мнлл 
ϲ/Φ hȄƛŘŀǝƻƴ ŎȅŎƭŜǎ ǿŜǊŜ ǇŜǊŦƻǊƳŜŘ ŦƻƭƭƻǿƛƴƎ ǘƘŜ ǎŎƘŜƳŜ ŘŜǎŎǊƛōŜŘ ƛƴ wŜŦΦώрϐ ǳǇ ǘƻ ŀƴ ŜȄǇƻǎǳǊŜ ǝƳŜ ƻŦ млл ƘΦ 



 

мо 

aŀǎǎ ŎƘŀƴƎŜǎ ƻŦ ǘƘŜ ƻȄƛŘŀǝƻƴ ǎŀƳǇƭŜǎ ǿŜǊŜ ǘǊŀŎƪŜŘ ŀƊŜǊ ŜŀŎƘ ƻȄƛŘŀǝƻƴ ŎȅŎƭŜ ǳǎƛƴƎ ŀ {ŀǊǘƻǊƛǳǎ ǇǊŜŎƛǎƛƻƴ 
ōŀƭŀƴŎŜ ǿƛǘƘ ŀƴ ŀŎŎǳǊŀŎȅ ƻŦ м ˃ ƎΦ hȄƛŘŜ ǎŎŀƭŜ ǘƘƛŎƪƴŜǎǎŜǎ ǿŜǊŜ ŘŜǘŜǊƳƛƴŜŘ ōȅ ǇǊƻŎŜǎǎƛƴƎ .{9 ƳƛŎǊƻƎǊŀǇƘǎ ƻŦ 
ǎŀƳǇƭŜ ŎǊƻǎǎ ǎŜŎǝƻƴǎ ǳǎƛƴƎ LƳŀƎŜW  
 
Results and Discussion 
/ǊπмоΦр{ƛπонΦнaƻ όŀǘΦ҈ύ ǎƻƭƛŘƛŬŜǎ ŀǎ ƳŜǘŀǎǘŀōƭŜ ǎƛƴƎƭŜ ǇƘŀǎŜ π̀ǇƘŀǎŜ ό/ǊсCŜт ǇǊƻǘƻǘȅǇŜύ ǿƛǘƘ ŀ ŘŜƴŘǊƛǝŎ 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŘǳǊƛƴƎ ŀǊŎ ƳŜƭǝƴƎΦ IŜŀǘ ǘǊŜŀǘƳŜƴǘ ƭŜŀŘǎ ǘƻ ǘƘŜ ŘŜŎƻƳǇƻǎƛǝƻƴ ƛƴǘƻ ŀ ŬƴŜπƭŀƳŜƭƭŀǊ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ 
ƻŦ ό/ǊΣaƻύǎǎ ό² ǇǊƻǘƻǘȅǇŜύ ŀƴŘ ό/ǊΣaƻύо{ƛ ό/Ǌо{ƛ ǇǊƻǘƻǘȅǇŜύ ǘƘǊƻǳƎƘ ŀ ǎƻƭƛŘ ǎǘŀǘŜ ǊŜŀŎǝƻƴ ŀǎ ǇǊŜǾƛƻǳǎƭȅ ǊŜǇƻǊǘŜŘ 
ōȅ wǳŘȅ ŀƴŘ bƻǿƻǘƴȅ ώтϐ ŦƻǊ ǎƛƳƛƭŀǊ ŀƭƭƻȅ ŎƻƳǇƻǎƛǝƻƴǎΦ ¢ƘŜ /Ǌ ŎƻƴŎŜƴǘǊŀǝƻƴ ǾŀǊƛŜǎ ƻƴƭȅ ƳŀǊƎƛƴŀƭƭȅ ōŜǘǿŜŜƴ 
ǘƘŜ ǘǿƻ ǇƘŀǎŜǎΦ ! ǇǊƻǘŜŎǝǾŜ /Ǌнhо ƭŀȅŜǊ ǿƛǘƘ ƭƻǿ ƎǊƻǿǘƘ ǊŀǘŜǎ ǿŀǎ ŦƻǊƳŜŘ ǳǇƻƴ ŎȅŎƭƛŎ ƻȄƛŘŀǝƻƴ ŀǘ уллΣ ммлл 
ŀƴŘ мнлл ϲ/ ŦƻǊ ǳǇ ǘƻ млл ƘΦ {ŎŀƭŜ ǘƘƛŎƪƴŜǎǎŜǎ ŀƊŜǊ млл Ƙ ǿŜǊŜ ōŜƭƻǿ мΣ р ŀƴŘ му Ƴ˃Σ ŀǘ уллΣ ммлл ŀƴŘ мнллϲ/Σ 
ǊŜǎǇŜŎǝǾŜƭȅΦ Lƴ ŀŘŘƛǝƻƴ ǘƻ ǘƘŜ /Ǌнhо ƭŀȅŜǊΣ ǘƘŜ ŦƻǊƳŀǝƻƴ ƻŦ ŀƴ ƛƴǘŜǊƴŀƭ ǎƛƭƛŎƻƴ ƻȄƛŘŜ ƭŀȅŜǊ ƛǎ ŦƻǳƴŘ ŦƻǊ мнлл ϲ/Φ 
/ƘǊƻƳƛŀ ŦƻǊƳŀǝƻƴ ƭŜŀŘǎ ǘƻ aƻ ŀƴŘ {ƛ ŜƴǊƛŎƘƳŜƴǘ ƛƴ ǘƘŜ ǎǳōǎǳǊŦŀŎŜ ǊŜƎƛƻƴ ŀƴŘ ǘƘŜ ŦƻǊƳŀǝƻƴ ƻŦ ŀ aƻπǊƛŎƘ 
ό/ǊΣaƻύо{ƛ ǊŜƎƛƻƴ ǘƘŀǘ ǇǊŜǾŜƴǘǎ ǘƘŜ ƳŀǘŜǊƛŀƭ ŦǊƻƳ ƴƛǘǊƛŘŀǝƻƴΦ ¢ƘŜ ƻȄƛŘŀǝƻƴ ƻŎŎǳǊǊŜŘ ƴƻǘ ƻƴƭȅ ǊŜƳŀǊƪŀōƭȅ ŦǊŜŜ 
ƻŦ ƴƛǘǊƛŘŀǝƻƴΣ ōǳǘ ƴŜƛǘƘŜǊ ǎǇŀƭƭŀǝƻƴ ƴƻǊ ǇŜǎǝƴƎ ǿŜǊŜ ƻōǎŜǊǾŜŘΦ hȄƛŘŀǝƻƴ ǎŎŀƭŜǎ ǎƘƻǿ ŀ ǉǳŀǊǝŎ ƎǊƻǿǘƘ ǊŀǘŜ ŀǘ 
улл ϲ/ ŀƴŘ ǇŀǊŀōƻƭƛŎ ƎǊƻǿǘƘ ǊŀǘŜǎ ŀǘ ммлл ŀƴŘ мнлл ϲ/Φ !ǘ ммллϲ/Σ ŀƭǎƻ Ƴŀǎǎ ŎƘŀƴƎŜǎ ǎƘƻǿŜŘ ŀ ǇŀǊŀōƻƭƛŎ ƎǊƻǿǘƘ 
ǊŀǘŜΦ ¢ƘŜ ƻōǘŀƛƴŜŘ ƻȄƛŘŀǝƻƴ ǊŀǘŜ Ŏƻƴǎǘŀƴǘǎ ŀǎǎƻŎƛŀǘŜŘ ǿƛǘƘ ǉǳŀǊǝŎ ŀƴŘ ǇŀǊŀōƻƭƛŎ ǊŀǘŜ ƭŀǿǎ ŀǊŜ ǾŜǊȅ ƭƻǿ 
ŎƻƳǇŀǊŜŘ ǘƻ ƻǘƘŜǊ /Ǌнhо ŦƻǊƳŜǊǎΦ ¢ƘŜ ǊŜǎǳƭǘǎ ƻŦ ǘƘƛǎ ǎǘǳŘȅ ǿŜǊŜ ǇǳōƭƛǎƘŜŘ ƛƴ wŜŦΦ ώсϐΦ  

  

  
Fig. 1: BSE micrographs, overview and magnifications of the AC 
and HT microstructures 

Fig. 2: STEM-EDS mapping of the oxide scale 
after 100 h cyclic oxidation at 800 °C [6] 
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Introduction 
Gamma titanium aluminide-based alloys are considered more and more as a potential substitute of the currently 
employed nickel superalloys for structural applications in the aeroengines industry, as the material of choice for 
low-pressure turbine blades [1-2]. Development and advancement of gamma titanium aluminides technologies 
is regarded as a key factor for achieving the targets of engine efficiency and reduction of carbon dioxide emissions 
in new generation gas turbine engines [3]. Additive manufacturing by Electron Beam Melting (EBM) can be used 
to effectively produce gamma titanium aluminide (TiAl) intermetallic alloys with mechanical properties suitable 
for structural components, [4]. TiAl alloys are now considered as a substitute of some traditionally employed 
alloys in some specific applications in the energy, aerospace, and automotive industry (e.g., turbochargers wheels 
and engine valves), [5]. Even if TiAl alloys provide favorable specific strength at the relevant temperatures 
compared to competing nickel superalƭƻȅǎΣ ǘƘŜȅΩǊŜ ǊŜƎŀǊŘŜŘ ŀǎ ƳƻǊŜ ŎƻƳǇƭŜȄ ǘƻ ŘŜǎƛƎƴ ŎƻƳǇƻƴŜƴǘǎ ǿƛǘƘΣ ŘǳŜ 
to their specific mechanical properties compared with conventional alloys. Moreover, depending on their final 
microstructure, fatigue strength is one of the most important design requirements, in the view of designing 
structural parts. 
In this work, the fatigue crack growth properties of a high-Nb containing TiAl alloy (Ti-45Al-8Nb-2Cr, at. %) 
produced by additive manufacturing by Electron Beam Melting (EBM) technology is experimentally analyzed. 
Fatigue crack growth experiments with sub-size SENT specimens have been conducted with the aim of 
highlighting the interaction with the microstructure of fatigue cracks in the threshold region of this TiAl alloy, 
with special focus to the contribution of shielding mechanisms and crack closure in the near threshold regime. 

 
Materials and Methods 
¢ƘŜ ƎŀƳƳŀ ǘƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜ όʴ-TiAl) Ti-45Al-8Nb-2Cr (at. %) intermetallic alloy studied in this work was 
produced by powder bed fusion additive manufacturing technique by electron beam melting (EBM), by means 
of the EBM A2 machine manufactured and distributed by ARCAM AB (Sweden). After EBM, the as-built material 
undergoes hot isostatic pressing (HIP, as described also in [4]) and subsequent heat treatment. Depending on 
the heat treatment parameters, fully lamellar or duplex microstructures may be obtained, [6]. In the case of the 
material studied in the present work, final microstructure is predominantly made by lamellar grains with grain 
size ranging from 200 to 500 µm, with an average grain size of about 300 µm. 
Small squared-section blocks (12x12 mm cross section, 28 mm height) were cut by EDM from samples of heat-
treated material. For each block, at mid-height, a deep notch with a small tip radius of about 150 µm was 
manufactured by thin wire EDM, so that fatigue cracks could be generated at the notch root by employing a 
specific compression pre-cracking procedure, [7-8]. Finally, sub-size SENT specimens were cut by EDM out of the 
pre-cracked blocks (Fig. 1), and a set of custom clevis grips was designed and manufactured, so that fatigue tests 
could be performed at loading ratio R=0.05. The evolution of the fatigue cracks was observed by optical 
microscope observations, allowing to reconstruct the progressive interaction of the growing cracks with the 
microstructure. 
 
Results and Discussion 
In the 2D view of the crack propagation as observable on the lateral surfaces of the specimens, it can be observed 
that fatigue accumulation damage is governed by the local microstructure, [9]. Fatigue crack paths are heavily 
controlled by the orientation of lamellar grains respect to the main loading direction and the crack propagation 
direction, resulting in a complex zig-zag pattern. By the observation made on propagating cracks, it became 
evident that a certain amount of crack deflection is always present, as the propagation direction usually changes 
when the fatigue cracks cross lamellar grains with different orientations, (Fig. 2). This phenomenon results in 
relatively rough fracture surfaces, with the premature contact between the fracture surface asperities during the 
unloading phase of the fatigue cycle, suggesting that roughness induced closure may play an important role in 
the fatigue damage process. For this reason, crack closure levels have been experimentally measured by applying 
the compliance offset method, with measured ratios of Kcl/Kmax in the range of 32-38%.  
In order to model the roughness induced closure phenomenon, the micro-geometric model of Suresh-Ritchie 
[10] was applied, allowing to assess that a key component of the closure effect on the fatigue crack threshold 
(between 70% and 85%) can be attributed to the roughness of the fracture surfaces. 



 

мр 

The crack propagation rates measured within the miniaturized SENT specimens are in line with the data 
previously collected with standard C(T) specimens, giving confidence that the present test technique could be 
applied extensively for assessing the fatigue properties of TiAl alloys, at least in the early material development 
phase, when limited amounts of material are available. The lamellar microstructure is responsible for different 
άŀǇǇŀǊŜƴǘέ ǎǘǊŜƴƎǘƘŜƴƛƴƎ ƳŜŎƘŀƴƛǎƳǎΣ ǎǳŎƘ ŀǎ ōǊƛŘƎƛƴƎΣ ŎǊŀŎƪ ŘŜŦƭŜŎǘƛƻƴΣ ŎǊŀŎƪ ōǊŀƴŎƘƛƴƎ ŀƴŘ ƳƛŎǊƻŎǊŀŎƪ 
shielding. The intensity of the closure phenomenon is remarkable, as can be observed from the experimentally 
determined crack opening forces. According to the Suresh-Ritchie model a significant part of the closure 
phenomenon can be attributed to roughness-induced closure. Further activities will require to acquire more data 
on crack propagation and especially on the contact between fracture surface asperities, which is responsible for 
roughness-induced closure. 
More refined crack closure model(s) will provide more reliable closure levels assessment and allow to identify 
ǘƘŜ ŜŦŦŜŎǘƛǾŜ ǎǘǊŜǎǎ ƛƴǘŜƴǎƛǘȅ ǘƘǊŜǎƘƻƭŘ ɲYth,eff for the fatigue design of mechanical structural components. 

 

  
Fig. 1: Sub-size SENT specimen employed 
for the fatigue crack growth tests 

Fig. 2: Observation of evolution of fatigue cracks and interaction 
with microstructure 

 
References 
[1] F. Appel, J. D. H. Paul, M. Oehring, Gamma titanium aluminide alloys: science and technology. John Wiley & 

Sons 2011. 
[2] C. Leyens, M. Peters (Eds), Titanium and Titanium Alloys, WILEY-VCH, 2003. 
[3] B.P. Bewlay, S. Nag, A. Suzuki, M. J. Weimer, Mater. High Temp., 33(4-5), 549ς559, 2016. 
[4] S. Biamino, A. Penna, U. Ackelid, et al., Intermetallics, 19(6), 776-81, 2011. 
[5] H. Clemens, S. Mayer, Advanced Engineering Materials, 15(4), 191ς215, 2013. 
[6] M. Terner, S. Biamino, A. Penna, et al., EuroPM 2012 Conference, Vol. 1: PM Applications and new processes, 

2012. 
[7] R. Pippan, P. Hageneder, W. Knabl, H. Clemens, T. Hebesberger, B. Tabernig, Intermetallics, 9(1), 89ς96, 

2001. 
[8] S. Eck, J. Maierhofer, C. Tritremmel, et al., Intermetallics, 121, 1067ς70, 2020. 
[9] L. Patriarca, M. Filippini, S. Beretta, Intermetallics, 75, 42ς50, 2016. 
[10] S. Suresh, R.O. Ritchie, Metall. Trans. A, 13(9), 1627ς1631, 1982. 
 
 
 
 
 
 
  

Trans-
lamellar 

fracture
Inter-lamellar 
decohesion



 

мс 

SCP3.2 
Optimized process parameters of advanced PBF-EB technology 

ŜƴŀōƭƛƴƎ ǘƘŜ Řǳŀƭ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŎƻƴŎŜǇǘ ƻŦ ʴ-TiAl for industrial application 
Marcel Reith1, Martin Franke1 and Carolin Körner2  

 

1Neue Materialien Fürth, Dr.-Mack-Str. 81, 90762 Fürth, Germany, marcel.reith@nmfgmbh.de, 
martin.franke@nmfgmbh.de 

2Chair of Material Science and Engineering for Metals, Friedrich-Alexander-Universität Erlangen-Nürnberg, 
Martensstraße 5, 91058 Erlangen, carolin.koerner@fau.de 

 
Introduction 
¢ƘŜ Řǳŀƭ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŎƻƴŎŜǇǘ ƻŦ ƎŀƳƳŀ ǘƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜǎ όʴ-TiAl) is based on the idea of adjusting the local 
aluminum content by applying different melting parameters during electron beam powder bed fusion (PBF-EB) 
[1]. During subsequent heat treatmenǘΣ ǊŜƎƛƻƴǎ ǿƛǘƘ ŀ ƭƻǿ ŀƭǳƳƛƴǳƳ ŎƻƴǘŜƴǘ ŀǊŜ ƛƴ ǘƘŜ ʰ ǇƘŀǎŜ ŦƛŜƭŘΣ ƭŜŀŘƛƴƎ ǘƻ 
ŀ Ŧǳƭƭȅ ƭŀƳŜƭƭŀǊ όC[ύ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜΣ ǿƘƛƭŜ ǊŜƎƛƻƴǎ ǿƛǘƘ ŀ ƘƛƎƘŜǊ ŀƭǳƳƛƴǳƳ ŎƻƴǘŜƴǘ ŀǊŜ ƛƴ ǘƘŜ ʰҌʴ ǇƘŀǎŜ ŦƛŜƭŘΣ 
resulting in a nearly lamellar (NL) microstructure [1]. While the FL microstructure provides increased creep 
strength [2], the NL microstructure shows a higher ductility [3]. In this way, complex geometries, for example, 
turbine blades, can be tailored to the local working loads during application [4]. Knörlein et al. demonstrated 
first, that this concept is feasible using conventional PBF-9. ǎȅǎǘŜƳǎ ŦƻǊ ǘƘŜ ¢ba ʴ-TiAl alloy [1]. However, the 
heat treatment window is too small for industrial applications. 
 
Materials and Methods 
¢ƘŜ ʴ-TiAl powder Ti-44.5Al-4Nb-1Mo-0.1B (at%), called TNM, is processed on a prototype PBF-EB machine 
named HELIOS. The freely programmable prototype is developed by pro-beam GmbH & Co. KGaA (Gilching, 
Germany) and runs on a script programmed by the Chair of Material Science and Technology for Metals at the 
Friedrich-Alexander-Universität (Erlangen, Germany). The machine is capable of 150 kV acceleration voltage and 
up to 45 kW power. Furthermore, in-situ process observation via electron optics (ELO) is available [5]. 
Subsequent heat treatments are conducted in a vacuum furnace LHTM 250/300 (CarboliteGero GmbH und Co. 
KG, Neuhausen, Germany). The microstructure is analyzed in the scanning electron microscope Helios NanoLab 
600i (FEI Company, Hillsboro, Oregon, USA) by a circular backscatter electron detector (CBS). Finally, the 
aluminum content is determined by electron probe microanalysis (EPMA) with the Jeol JXA 8100 (JEOL, Akishima, 
Japan).  
 
Results and Discussion 
¢ƘŜ ƘƛƎƘ ŀŎŎŜƭŜǊŀǘƛƻƴ ǾƻƭǘŀƎŜ ŜƴŀōƭŜǎ ǘƘŜ ǇǊƻŎŜǎǎƛƴƎ ƻŦ ʴ-TiAl in a vacuum atmosphere (2*10-5 mbar) without 
processing gas. Further, 150 kV widens the processing window to lower area energies and higher lateral velocities 
(see Fig. 1). The larger processing window enables the production of dense samples over a larger range of area 
energies, which is beneficial for the dual microstructure concept. Further, the EPMA measurements reveal a 
more homogeneous microstructure of 150 kV samples compared to conventionally manufactured (60 kV) 
samples. Both aspects, homogeneous microstructure, and enlarged processing windows facilitate a heat 
treatment window of 25°C, which should be suitable for industrial application.  
 
 
 



 

мт 

 

 
Fig. 1: Processing window of electron beam powder 

ōŜŘ Ŧǳǎƛƻƴ ŦƻǊ ǘƘŜ ʴ-TiAl TNM alloy. The 
increased acceleration voltage widens the 
processing window to lower area energies and 
higher lateral velocities. 

Fig. 2: Scanning microscope images after heat 
treatment. Two separate heat treatments with 
a temperature difference of 25°C are 
conducted. Both samples, left and right, show 
dual microstructures consisting of fully lamellar 
(FL) and nearly lamellar (NL). 
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Introduction 
¢ǳƴƎǎǘŜƴ Ƙŀǎ ōŜŜƴ ŦƻǳƴŘ ǘƻ ƛƴŎǊŜŀǎŜ ǘƘŜ ƳŜŎƘŀƴƛŎŀƭ ǎǘǊŜƴƎǘƘ ƻŦ ʴ-TiAl based intermetallics up to 800 °C [1], an 
effect which lead to the IRIS alloy of composition of Ti-48Al-2W-0.08B [at.%] [2]. This alloy exhibits high strength 
at elevated temperature and reasonably good ductility at room temperature, thanks to an optimized 

ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŎƻƴǎƛǎǘƛƴƎ ƻŦ ǊŜǎƛǎǘŀƴǘ ŦƛƴŜ ƭŀƳŜƭƭŀǊ ŎƻƭƻƴƛŜǎ Ғ 40 µm in size, surrounded by ductile equiaxed g 
grains. Here, we examine in detail the role of tungsten addition on the deformation mechanisms, which effect is 
suspected to result from its low diffusivity [3]. In particular, we will examine whether the presence of tungsten 
in solid solution induces changes in the controlling mechanisms (climb vs. glide of ordinary dislocations), and if 
modifications on the kinetics of these phenomena can be observed, by means notably of in-situ TEM heating and 
straining investigations. For these purposes, two model alloys have been processed, one of binary composition 
and the other containing tungsten (referred to as TiAl and TiAl-W, respectively). Thus, a powder metallurgy route, 
i.e. ingot casting, gas atomization and subsequent powder densification by spark plasma sintering (SPS), has been 
employed. On these materials, creep tests have been conducted at 800°C. 

 
Materials and Methods 
Specimens of Ti-48.4Al-0.1B (TiAl) and Ti-46.3Al-2.2W-0.2B (TiAl-W) compositions have been processed by SPS, 
using prealloyed powders provided by GFE Metalle und Materialien GmbH (Nuremberg, Germany). For the 
determination of the mechanical properties, sintering conditions have been employed to adjust lamellar 
microstructures, that is, by selecting elaboration temperatures of 1350°C-1375°C. For the investigations of the 

microscopic deformation mechanisms of the g phase by TEM, specimens of near-g microstructures have been 
elaborated at 1260°C-1300°C. To determine the creep strength of the materials of lamellar microstructure, tests 
have been conducted at 800°C under 200 MPa. For TEM post-mortem analysis, the tests were carried out with 

the specimens of near-g microstructure at 800°C under 36 MPa, and interrupted after 3-5 % of plastic strain. The 
TEM in-situ ƛƴǾŜǎǘƛƎŀǘƛƻƴǎ ƘŀǾŜ ōŜŜƴ ŎŀǊǊƛŜŘ ƻǳǘ ŀǘ Ғ 800 °C, using commercial (Gatan) and home-made sample 
holders. 
 
Results and Discussion 
The creep tests (800°C-200 MPa) on the lamellar materials gave lifetimes of 19 h and 146 h, and secondary 
deformation rates of 2.6×10-7 s-1 and 1.4×10-7 s-1 for the TiAl and TiAl-W alloys, respectively. Therefore, tungsten 
addition leads to significant increase of the creep strength, as already reported. TEM post-mortem and in-situ 
investigations in the TiAl and TiAl-W alloy showed that the deformation mechanisms were glide and mixed climb 
of ὥςϳἂρρπ dislocations, as classically reported [4]. However, uncommon ὥππρ dislocations have also been 
detected, which studies of our group have identified in the case of planar loops developing in (001) habit planes 
[5]. However, in contrast with this previous study, the a[001] dislocations identified here exhibited complex, 
helical non-planar morphologies (Fig. 1). This is therefore a new deformation mechanism, which requires now to 
be described in more details. Nevertheless, the helical morphology, which implies that the Burgers vector 
b=a[001] is not contained in the habit plane of the dislocation, is another direct evidence that climb is involved, 
and probably controls the deformation kinetics. However, the TEM in situ ŜȄǇŜǊƛƳŜƴǘǎ ŀǘ Ғулл ϲ/ ƛƴ ǘƘŜ ōƛƴŀǊȅ 
TiAl alloy, coupled with determination of the habit planes of the dislocations, have unambiguously demonstrated 
that pure glide of ordinary ὥςϳἂρρπ dislocations is also activated (Fig. 2), and that the velocities of the 
dislocations for the glide and climb mechanisms are of close orders of magnitude (in the 0.5 ς 5 nm/s range) [4]. 
This observation is surprising, pure glide being frequently supposed to involve much higher kinetics than glide. 
Finally, measurements in TiAl-W alloy gave rise to dislocation velocities of 3-9 nm/s, that is, close to that observed 
in the binary TiAl alloy, considering the scattering of the data. 
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Fig. 1. C-type a[001] dislocation of complex morphology formed during creep at 800°C in a binary TiAl alloy. 
Micrographs (a) and (b) show this dislocation for tilt angles of the sample holder of +21° and -23°, respectively, 
allowing to show that the segment labelled 1 is not contained in the loop plane labelled 2, which demonstrates 

a helical morpho 
 

 
 

Fig. 2. Dislocation moving by glide at 770°C. (a) Image extracted from an in-situ TEM experiment, showing that 
a dislocation has moved at a velocity of 4.4 ± 0.2 nm/s. (b) Image of the same region after inclination of the 

sample holder, showing that the slip traces left by the dislocation during its motion at 770°C are contained in a 

pure glide ρρρ plane. 
 
Conclusions 
¢ƘŜ ¢9a ƻōǎŜǊǾŀǘƛƻƴǎ ǎƘƻǿŜŘ ǎƛƳƛƭŀǊ ŘŜŦƻǊƳŀǘƛƻƴ ƳŜŎƘŀƴƛǎƳǎ όƎƭƛŘŜ ŀƴŘ ŎƭƛƳōύ ŀǘ Ғуллϲ/ ŦƻǊ ōƻǘƘ ǘƘŜ ¢ƛ!ƭ ŀƴŘ 
TiAl-W alloys. Therefore, no clear mechanism transition seems to be induced by the addition of tungsten. The 
dislocation velocity measurements (0.5 ς 5 nm/s for TiAl and 3 - 9 nm/s for TiAl-W), gave also close orders of 
magnitude in the two alloys. However, potential effects of the addition of W on the dislocation kinetics can also 
be hidden by the scattering of the experimental data. 
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{ǇŀǊƪ ǇƭŀǎƳŀ ǎƛƴǘŜǊƛƴƎ ό{t{ύ Ƙŀǎ ōŜŜƴ ǳǎŜŘ ŦƻǊ ŘŜǾŜƭƻǇƛƴƎ ¢ƛ!ƭ ŀƭƭƻȅǎ ƻǾŜǊ ǘƘŜ Ǉŀǎǘ ŬƊŜŜƴ ȅŜŀǊǎ ώмϐΦ {t{ ƛǎ ŀ 
ŎƻƴǎƻƭƛŘŀǘŜŘ ǇƻǿŘŜǊ ƳŜǘŀƭƭǳǊƎȅ όtaύ ǘŜŎƘƴƛǉǳŜ ƛƴ ǿƘƛŎƘ ŀ ƎǊŀǇƘƛǘŜ ŀǎǎŜƳōƭȅ ŎƻƴǘŀƛƴƛƴƎ ǘƘŜ ǇƻǿŘŜǊ ƛǎ 
ǎƛƳǳƭǘŀƴŜƻǳǎƭȅ ŜȄǇƻǎŜŘ ǘƻ ǳƴƛŀȄƛŀƭ ǇǊŜǎǎǳǊŜ ŀƴŘ ŀ ŘƛǊŜŎǘ ƘƛƎƘ ƛƴǘŜƴǎƛǘȅ ǇǳƭǎŜŘ ŜƭŜŎǘǊƛŎ ŎǳǊǊŜƴǘ ώнϐΦ 5ǳŜ ǘƻ ƛǘǎ ǎƘƻǊǘ 
ǇǊƻŎŜǎǎƛƴƎ ŎȅŎƭŜΣ ǘƘƛǎ ƳŜǘƘƻŘ ǇǊƻŘǳŎŜǎ ƻǊƛƎƛƴŀƭ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜǎ ǿƛǘƘ ŜƴƘŀƴŎŜŘ ǇǊƻǇŜǊǝŜǎ ŎƻǳǇƭŜŘ ǿƛǘƘ ƴƻƴπ
ǘŜȄǘǳǊŜŘ ŀƴŘ ƘƻƳƻƎŜƴƻǳǎ ǎǘǊǳŎǘǳǊŜǎΣ ǿƘƛŎƘ ŀǊŜ ŎƻƳƳƻƴ ǘƻ ŀƭƭ ta ǘŜŎƘƴƛǉǳŜǎΦ !ǎ ŀ ǊŜǎǳƭǘΣ ǘƘŜ LwL{ ŀƭƭƻȅ 
ό¢ƛпфΦф!ƭпу²н.лΦмύ ǿŀǎ ŘŜǾŜƭƻǇŜŘ ŦƻǊ ǎǘǊǳŎǘǳǊŀƭ ŀǇǇƭƛŎŀǝƻƴǎ ƛƴ Ǝŀǎ ǘǳǊōƛƴŜ ŀƴŘ ŀǳǘƻƳƻǝǾŜ ŜƴƎƛƴŜǎ ƻǇŜǊŀǝƴƎ ŀǘ 
ǘŜƳǇŜǊŀǘǳǊŜǎ ǳǇ ǘƻ уллϲ/ ώоϐΦ ¢ƘŜ LwL{ ŀƭƭƻȅ Ƙŀǎ ŀ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ǿƘƛŎƘ Ŏƻƴǎƛǎǘǎ ƻŦ ǎƳŀƭƭ ƭŀƳŜƭƭŀǊ ŎƻƭƻƴƛŜǎ 

ǎǳǊǊƻǳƴŘŜŘ ōȅ g ǎƛƴƎƭŜπǇƘŀǎŜ ōƻǊŘŜǊǎΦ 
¦ƴŘŜǊ ǘƘŜ ƭŜŀŘŜǊǎƘƛǇ ƻŦ {ŀŦǊŀƴπ¢ŜŎƘΣ ŦǊŜƴŎƘ ŎƻƳǇŀƴƛŜǎ ŀƴŘ ǊŜǎŜŀǊŎƘ ƛƴǎǝǘǳǝƻƴǎ ƘŀǾŜ ōŜŜƴ ǿƻǊƪƛƴƎ ǘƻƎŜǘƘŜǊ ŦƻǊ 
ǘƘŜ Ǉŀǎǘ ǘƘǊŜŜ ȅŜŀǊǎ ǘƻ ŜƴƘŀƴŎŜ ǘƘŜ ŜƴǝǊŜ {t{ ǾŀƭǳŜ ŎƘŀƛƴ ǳǎŜŘ ǘƻ ǇǊƻŘǳŎŜ ¢ƛ!ƭ ŀƭƭƻȅǎΣ ƳƻǊŜ ǎǇŜŎƛŬŎŀƭƭȅ ǘƘŜ LwL{ 
ŀƭƭƻȅΦ 
¢ƘŜ ǇǊŜǎŜƴǘ ǘŀƭƪ ƛǎ ŀƛƳƛƴƎ ŀǘ ǇǊŜǎŜƴǝƴƎ ŦƻǳǊ ƻŦ ǘƘŜǎŜ ƛƳǇǊƻǾŜƳŜƴǘǎΥ 

¶ It has been demonstrated in the past that a crucial factor in producing high-quality alloys is related to 
the powder's homogeneity, particularly its chemical homogeneity when heavy elements like tungsten 
are used [4]. [Ref]. In particular, it has been found that the EIGA atomisation process generates 
inhomogeneities linked to the production of the electrode. It will be shown that processing the initial 
ingot for atomization via the PAM-CHR approach enables the production of powders free of tungsten 
inhomogeneities; 

¶ In order to reduce the temperature gradient, a hybrid SPS system was used to sinter large billets of 
material. An external induction/resistance heating system is employed to help the original heating 
system driven by the current flowing in the graphite assembly. As a result, billets with good structural 
homogeneity were produced, measuring up to 10 mm in height and 300 mm in diameter; 

¶ The high-temperature service properties of these PAM-EIGA powder-sintered IRIS alloys, including 
creep, fatigue, and oxidation resistance, were assessed and compared with those of the most recent 
TiAl alloys. The ability of the SPS-IRIS alloy to operate effectively at high temperatures has been 
confirmed; 

¶ An improved chemical composition, called as IRIS+, was proposed after the effects of the incorporation 
of additional elements on the alloy characteristics were assessed. It is primarily based on the addition 
of carbon, which improves alloy resistance without significantly lowering low temperature ductility. 
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Figure. Illustrations of the successive steps of this work. A) PAM-CHR ingot, b) powder particles, c) large SPS billet, 
d) microstructure of the IRIS alloy and e) comparison of the creep properties at 800°C-200 MPa of the IRIS and 
IRIS+ alloy 
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Introduction 
LƴǘŜǊƳŜǘŀƭƭƛŎ ǘƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜ ŀƭƭƻȅǎ ōŀǎŜŘ ƻƴ ǘƘŜ ƻǊŘŜǊŜŘ ʴ-TiAl phase are promising materials for lightweight 
high-temperature applications. In addition to their low density of roughly 4 g·cm-3Σ ǘƘŜƛǊ ƘƛƎƘ ǎǇŜŎƛŦƛŎ ¸ƻǳƴƎΩǎ 
modulus and strength even at elevated temperatures as well as their good oxidation and burn resistance, 
especially their excellent creep properties make these alloys a material of choice for challenging structural 
applications [1]. Following intensive research and developmenǘ ŀŎǘƛǾƛǘƛŜǎΣ ʴ-TiAl based alloys have recently 
entered service in the automotive and aircraft engine industries, e.g. as low-pressure turbine blades in 
environment-friendly jet engines, as engine valves in sports and racing cars, or as turbocharger turbine wheels 
[2]. In the course of the past decades, the development of these complex multi-phase alloys has benefited greatly 
from the application of in situ synchrotron X-ray techniques [3]. Diffraction and scattering techniques, in 
particular, have offered access to the atomic structure of the material and provided information on a variety of 
microstructural parameters. Advanced experimental setups, which are steadily refined, have even allowed the 
exploration of elaborate manufacturing processes and yielded insights that have so far been inaccessible by 
means of conventional methods. In this contribution, we will present several examples of in situ high-energy X-
ray diffraction (HEXRD) experiments that were designed to understand specific aspects of engineering alloys 
connected with thermodynamic disequilibrium, such as critical e.g. ǘƻ ǘƘŜ ŀŘŘƛǘƛǾŜ ƳŀƴǳŦŀŎǘǳǊƛƴƎ ό!aύ ƻŦ ʴ-TiAl 
based alloys.  
 
Materials and Methods 
The first part of this contribution will attempt to provide a brief overview on different experimental setups and 
specimen environments that can be used at a synchrotron radiation source to study AM-related aspects. The 
ǘƻǇƛŎǎ ŀŘŘǊŜǎǎŜŘ ƛƴŎƭǳŘŜ ǘƘŜ ǊŀǇƛŘ ǎƻƭƛŘƛŦƛŎŀǘƛƻƴ ōŜƘŀǾƛƻǳǊ ƻŦ ʴ-TiAl based alloys [4], the microstructural 
evolution during AM [5]Σ ŀǎ ǿŜƭƭ ŀǎ ǘƘŜ ŎƘŀǊŀŎǘŜǊƛǎŀǘƛƻƴ ƻŦ ʴ-TiAl based powder [6], which can serve as feedstock 
material. Most of the examples presented rely, at least in some form, on the dilatometer setup currently available 
at the Hereon-run High-Energy Materials Science beamline P07 at PETRA III at the Deutsches Elektronen-
Synchrotron (DESY) in Hamburg, Germany [7]. Since the dilatometer permits an accurate control over 
temperature and atmosphere, isolated features of AM processes can be simulated and studied in great detail. 
For example, specimens can be subjected to temperature profiles measured previously on specific sample 
locations during AM, in order to investigate the phase transformations and microstructural evolution during an 
intrinsic heat treatment with good grain statistics.  
²ƘŜƴ ƛǘ ŎƻƳŜǎ ǘƻ ǎǘǳŘȅƛƴƎ ǘƘŜ ǊŀǇƛŘ ǎƻƭƛŘƛŦƛŎŀǘƛƻƴ ōŜƘŀǾƛƻǳǊ ƻŦ ʴ-TiAl based alloys, though, a dilatometer might 
not be the device of choice. The reason for this is not only that it is difficult to melt dilatometer samples in a 
controlled manner, but also that the cooling rates of real AM processes simply cannot be reached. For such 
experiments, a dedicated setup, thus, had to be developed, which will be presented in detail in the second part 
of this contribution. The following paragraphs of this abstract refer to this very case study, parts of which have 
been published in Ref. [4]. 
The setup employed for the in situ solidification experiments was based on a laser powder bed fusion (LPBF) 
chamber adapted for use at a synchrotron radiation source [8]. The laser, which was moved by a scanner unit, 
was used to melt the upper edge of a sample mounted on a sample holder. During the process, both the laser 
and the sample unit were contained in a chamber flooded with inert Ar gas. Due to the adaptation of the LPBF 
chamber, the synchrotron X-ray beam could be positioned perpendicular to the sample as well as the laser beam, 
pointing on a stationary point just below the upper edge of the sample. Consequently, the phase transformations 
upon melting and re-solidification could be probed in the gauge volume in transmission geometry. As the laser 
was set to move along the upper edge of the sample, an entire melting cycle including heating, melting, and 



 

но 

subsequent cooling could be traced. The use of the LPBF setup and the connected small melt pool size ensured 
that conditions, and especially cooling rates, close to those encountered during actual AM were met. 
For this experiment to work, however, it is imperative that at a certain point in time the entire gauge volume is 
made up of melt. In a powder-bed based setup, this requirement is not easily met, since a sufficient sample 
thickness is necessary for a suitable diffraction signal. In this case, it is unlikely that all powder particles in the 
gauge volume will be simultaneously melted by the laser, independent of the hatch pattern, and the remaining 
solid particles will obstruct any analysis of, e.g., primary solidifying phases. To circumvent this problem, thin 
platelet-shaped specimens were inserted into the sample holder, and, while being single-track fused along the 
upper edge, the laser parameters were carefully selected to ensure a suitable melt pool size with respect to the 
X-ray beam. 
The in situ solidification experiments shown in the following were condǳŎǘŜŘ ƻƴ ŀƴ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ʴ-TiAl based 
alloy with a nominal chemical composition of Ti-48Al-2Cr-2Nb (at.%). Platelets with cross-sections of 5 × 5 mm2 
and thicknesses ranging from 200 to 500 µm were cut from as-cast material. Following an extensive laser 
parameter study, which was performed in close collaboration with the Laser- and Plasma-Technologies of the 
Joanneum Research Forschungs-gesellschaft mbH, Niklasdorf, Austria, the in situ HEXRD experiments were 
conducted at beamline P07 at DESY using a mean photon energy of 100 keV and a PILATUS3 X CdTe 2M area 
detector. 

 
Results and Discussion 
Figure 1 shows an example of the evolution of the azimuthally integrated intensities of various reflections 
pertaining to the different phases in the investigated Ti-48Al-2Cr-2Nb (at.%) alloy during one melting cycle. Based 
on the amorphous region that occǳǊǎ ǊƻǳƎƘƭȅ ōŜǘǿŜŜƴ ор ŀƴŘ пр Ƴǎ ŀƴŘ ƛǎ ƭŀōŜƭƭŜŘ ŀǎ ά[έ όŦƻǊ ƭƛǉǳƛŘύΣ ƛǘ Ŏŀƴ ōŜ 
concluded that the experiment was successful in the sense that the entire gauge volume was melted at one given 
moment. In contrast to thermodynamic calculations based on the T0 concept [9], which predicted for the alloy 
Ti-48Al-2Cr-нbō όŀǘΦ҈ύ ŀ ŎƘŀƴƎŜ ƛƴ ǘƘŜ ǇǊƛƳŀǊƛƭȅ ǎƻƭƛŘƛŦȅƛƴƎ ǇƘŀǎŜ ŦǊƻƳ ʲ ǘƻ ʰ ŦƻǊ ƘƛƎƘ ŎƻƻƭƛƴƎ ǊŀǘŜǎΣ ǘƘŜ in situ 
HEXRD experiments permitted the identification of the primary phase forming even at cooling rates of 103-104 
Yκǎ ŀǎ ʲ όǎŜŜ ǘƘŜ ŦƻƭƭƻǿƛƴƎ ǊŜƎƛƻƴ ά[Ҍʲέ ƛƴ CƛƎΦ мύΦ !ŦǘŜǊ ǎƻƭƛŘƛŦƛŎŀǘƛƻƴΣ ǘƘŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ Ƴŀƛƴƭȅ ŎƻƴǎƛǎǘŜŘ ƻŦ ʰ2 
phase. Experiments with detector frame rates varying from 50 Hz [4] to 250 Hz (Fig. 1) highlighted the importance 
of fast area detectors for the investigation of such rapid phase transformations, since only at the highest rates 
ǘƘŜ ǳƴŀƳōƛƎǳƻǳǎ ƛŘŜƴǘƛŦƛŎŀǘƛƻƴ ƻŦ ʲ ŦƻǊƳƛƴƎ ŦǊƻƳ ǘƘŜ ƳŜƭǘ ǿŀǎ ǇƻǎǎƛōƭŜΦ ²ƘƛƭŜ ƴƻ ŎƘŀƴƎŜ ƛƴ ǘƘŜ ǎƻƭƛŘƛŦƛŎŀǘƛƻƴ 
pathway was confirmed experimentally, the tests with varying sample thicknesses showed that in fact the 
interplay between temperature gradient and solidification rate plays a decisive role in the microstructural 
evolution. Further experiments, coupled with a dedicated simulation by means of finite element modelling, are 
planned to extricate these exact influences. 
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Fig. 1: Azimuthally integrated diffraction patterns stacked 
as a function of time during an in situ rapid solidification 
experiment on a Ti-48Al-2Cr-2Nb (at.%) alloy. 
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Introduction 
[ƛƎƘǘǿŜƛƎƘǘ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ʴ-TiAl based alloys are advanced engineering materials and have gained significant 
interest in recent years. Their mechanical properties, such as high-temperature strength, low density, and high 
resistance against creep and oxidation, make them ideal candidates for high-temperature applications up to 750 
°C. Consequently, this alloy class has already been successfully implemented in internal combustion engines for 
the aerospace aƴŘ ŀǳǘƻƳƻǘƛǾŜ ƛƴŘǳǎǘǊȅ ώмΣнϐΦ hƴŜ ǇŀǊǘƛŎǳƭŀǊ ƎǊƻǳǇ ƻŦ ʴ-TiAl based alloys are the so-ŎŀƭƭŜŘ ʲ-
stabilized TNM alloys with a nominal chemical composition of Ti-43.5Al-4Nb-1Mo-0.1B (at.%). The microstructure 
ƻŦ ǘƘŜǎŜ ¢ba ŀƭƭƻȅǎ ƛǎ Ƴŀƛƴƭȅ ƳŀŘŜ ǳǇ ƻŦ ǘƘŜ ʴ-phase (L10 ǎǘǊǳŎǘǳǊŜύ ŀƴŘ ǘƘŜ ʰ2-phase (D019 structure). In 
addition, depending on the thermomechanical processing including hot working and heat treatments, a certain 
ŀƳƻǳƴǘ ƻŦ ʲo-ǇƘŀǎŜ ό.н ǎǘǊǳŎǘǳǊŜύ ƛǎ ŀƭǎƻ ǇǊŜǎŜƴǘΦ Lƴ ƎŜƴŜǊŀƭΣ ǘƘƛǎ ǇŀǊǘƛŎǳƭŀǊ Ŏƭŀǎǎ ƻŦ ʴ-TiAl based alloys with 
ƛƴŎǊŜŀǎŜŘ ʲ-stabilizing elements such as Nb and Mo is characterized by improved hot workability. In addition to 
workability with conventional forging tools, this has led to the development of new heat treatments resulting in 
novel microstructures with balanced properties [2-4]. For the development and optimization of modern 
manufacturing and joining technologies, it is important to determine residual stresses with high precision. A 
commonly used method for determining residual stresses is based on X-ray diffraction as well as the application 
of the diffraction elastic constants (DECs) S1 and S2 [5,6]. These constants link the experimentally determined 

lattice strains with the macroscopic stresses prevailing in the material and can be obtained either by 
measurement or calculation. However, studies have indicated that DECs can be affected by various factors, such 
as texture, microstructure and alloying elements [7-10]. Therefore, this work investigates the impact of various 
microstructures of TNM alloys on the DECs. The experimental evaluation was performed using tensile tests and 
in-situ high-energy X-ray diffraction (HEXRD) at a synchrotron radiation source. In addition, the experimental 
results were corroborated by theoretical calculations based on a finite element model (FEM). Finally, DECs were 
ŘŜǘŜǊƳƛƴŜŘ ŦƻǊ ǘƘŜ ʴ-ǇƘŀǎŜ ŀƴŘ ǘƘŜ ʰ2-phase in the TNM alloy. 
 
Materials and Methods 
The material investigated in this study was a nominal TNM alloy. In order to explore the influence of the 
morphology and fractions of the individual phases, cylindrical tensile samples with different microstructures 
were prepared by heat-ǘǊŜŀǘƛƴƎ ǘƘŜ ƛƴƛǘƛŀƭ Ŏŀǎǘ ƳŀǘŜǊƛŀƭΦ Lƴ ǇŀǊǘƛŎǳƭŀǊΣ ǎŀƳǇƭŜǎ ǿƛǘƘ ŀ ƴŜŀǊƭȅ ƭŀƳŜƭƭŀǊ ʴ όb[-ʴύ ŀǎ 
ǿŜƭƭ ŀǎ ǿƛǘƘ ŀ ƴŜŀǊƭȅ ƭŀƳŜƭƭŀǊ ʲ (NL-ʲύ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜΣ ǿŜǊŜ ǇǊƻŘǳŎŜŘΦ Lƴ ǘƘŜ b[-ʴ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜΣ ǿƘƛŎƘ ƻŦŦŜǊǎ 
ōŀƭŀƴŎŜŘ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǘƛŜǎ ŦƻǊ ǘŜŎƘƴƻƭƻƎƛŎŀƭ ǇǳǊǇƻǎŜǎ ώмϐΣ ǘƘŜ ʴ-phase is present in two morphologies. The 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ Ŏƻƴǎƛǎǘǎ ƻŦ ƭŀƳŜƭƭŀǊ ʰ2κʴ ŎƻƭƻƴƛŜǎ ǎǳǊǊƻǳƴŘŜŘ ōȅ ƎƭƻōǳƭŀǊ ʴ-ƎǊŀƛƴǎ ŀƴŘ ŀ ʲo-seam. In contrast, the 
NL-ʲ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŘƻŜǎ ƴƻǘ Ŏƻƴǘŀƛƴ ƎƭƻōǳƭŀǊ ʴ-ƎǊŀƛƴǎΦ ¢ƘŜ ʰ2-phase is present as fine lamellae in both 
conditions. Furthermore, microstructures were adjusted in which the constituents are predominantly present in 
ƎƭƻōǳƭŀǊ ŦƻǊƳΦ CƛƴŀƭƭȅΣ ŀƴ ʰ2- o̡ duplex microstructure was adjusted. For more detailed information about the 
microstructures, the reader is referred to Refs. [2,3]. 
In-situ HEXRD experiments during tensile loading using a uniaxial testing machine were conducted at the side 
station of the High Energy Materials Science beamline P07B run by Helmholtz Zentrum Hereon at PETRA III at 
DESY in Hamburg, Germany. By continuously recording 2D diffraction patterns in transmission geometry during 
loading, it was possible to observe the elastic behavior of individual sets of lattice planes based on the shifts in 
the reflection positions. These shifts correspond to lattice strains, which permit to determine the hkl-determine 
DECs for each phase if coupled with the information on the increasing macroscopic stress. Finally, the expressions 
 

Ὓ ’ ȾὉ .          
 (1) 

and 
 

Ὓ ρ ’ ȾὉ .         

 (2) 
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were used to calculate the DECs S1 and S2 based on the diffraction elastic moduli Ehkl ŀƴŘ tƻƛǎǎƻƴΩǎ Ǌŀǘƛƻǎ h˄kl as 

determined from the slopes of the lattice strain vs. macroscopic stress curves evaluated parallel and 
perpendicular to the loading axis. A detailed description of the evaluation methodology can be found in Ref. [9].  
The theoretical approach using FEM started with the modeling of the aforementioned microstructures. Firstly, a 
sufficient number of grains was generated, approximating the morphology corresponding to the desired 
structure. After assigning the phase fractions, a random orientation was applied to the grains in accordance with 
ǘƘŜ ƴŜƎƭƛƎƛōƭŜ ǘŜȄǘǳǊŜ ƻŦ ǘƘŜ ¢ba ǎŀƳǇƭŜǎ ǘƘŀǘ ǎƻƭƛŘƛŦƛŜŘ ŜƴǘƛǊŜƭȅ Ǿƛŀ ǘƘŜ ʲ ǇƘŀǎŜ ŘǳǊƛƴƎ ŎŀǎǘƛƴƎ ώммϐΦ .ȅ ǎǳōƧŜŎǘƛƴƎ 
the model to a load, lattice strains could be determined from the displacement in a particular direction of nodal 
points within specific grains. By averaging these strains, the DECs of the individual phases could also be calculated 
using Eq. 1 and Eq. 2 as laid out in Ref. [6]. 
 
Results and Discussion 
This section discusses the influence of the different phase morphologies in the microstructures by comparing the 
ŜȄǇŜǊƛƳŜƴǘŀƭ ǊŜǎǳƭǘǎ ƻŦ ǘƘŜ ʰ2-phase. Figure 1 shows two investigated conditions of the TNM alloy. In the first 
microstructure, indicated as TNM-!Σ ǘƘŜ ʰ2-phase predominantly occurs in fine-ƭŀƳŜƭƭŀǊ ʰ2κʴ ŎƻƭƻƴƛŜǎ ǘƘŀǘ ŀǊŜ 
ǎǳǊǊƻǳƴŘŜŘ ōȅ ŀ Ŏƻƴǘƛƴǳƻǳǎ ŦǊƛƴƎŜ ƻŦ ʲo-ǇƘŀǎŜ ŎƻƴǘŀƛƴƛƴƎ ŎƻŀǊǎŜ ʴ-ǇƭŀǘŜƭŜǘǎ ŀƴŘ ǎƻƳŜ ƎƭƻōǳƭŀǊ ʰ2-grains. In 
contrast, all phases in TNM-B predominantly exhibit a globular form. Occasionally, some coarse-ƭŀƳŜƭƭŀǊ ʰ2κʴ 
ŎƻƭƻƴƛŜǎ ŀǊŜ ŀƭǎƻ ǇǊŜǎŜƴǘΦ Lƴ ōƻǘƘ ǎǘŀǘŜǎΣ ǘƘŜ ʰ2-phase has a volume fraction of about 14 m.%. Regarding the 
determination of the DECs, it should be noted that only those diffraction peaks can be analyzed that did not 
ƻǾŜǊƭŀǇ ǿƛǘƘ ǘƘƻǎŜ ƻŦ ƻǘƘŜǊ ǇƘŀǎŜǎΦ ¢ƘŜǊŜŦƻǊŜΣ ƻƴƭȅ ǘƘǊŜŜ ǇŜŀƪǎ ƻŦ ǘƘŜ ʰ2-phase could be unambiguously 
evaluated. The results for S1 and S2 ƻŦ ǘƘŜ ʰ2-phase in both microstructures are presented in Fig. 2. It can be 

clearly seen that, despite an identical chemical composition, there is a certain offset between the values 
determined on TNM-A and TNM-B.  
 

 
 

Fig. 1: Scanning electron microscopy images, 
taken in backscattered electron mode, depicting 
two different microstructures of the TNM alloy. 
¢ƘŜ ƳƻǊǇƘƻƭƻƎȅ ƻŦ ǘƘŜ ʰ2-phase differs in the two 
conditions. 

Fig. 2: Comparison between the experimentally 
determined DECs S1 and S2 ƻŦ ǘƘŜ ʰ2-phase in TNM-A and 

TNM-B condition. The results are plotted as a function of 
the orientation parameter H2 specific to the hexagonal 
crystal symmetry [6]. 

 
Lƴ ŎƻƴŎƭǳǎƛƻƴΣ ǘƘŜ ŦƛƴŘƛƴƎǎ ǎǳƎƎŜǎǘ ǘƘŀǘ ǘƘŜ ƛƴŘƛǾƛŘǳŀƭ ǇƘŀǎŜǎΩ ƳƻǊǇƘƻƭƻƎȅ ŀƴŘ interaction with the surrounding 
matrix can significantly influence the DECs. The current approach using FEM modeling is able to predict this 
behavior and provided insights into possible explanations for this material behavior. To ensure an accurate 
calculation of residual stresses, either experimental measurements or advanced modeling techniques are 
necessary. The data obtained in this study will be used to further improve the FEM approach for the simulation 
of multiphase microstructures and the prediction of their elastic and plastic properties. 
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Introduction 
LƴǘŜǊƳŜǘŀƭƭƛŎ ʴ-titanium aluminide (TiAl) based alloys are structural multi-phase materials applied at 
temperatures up to 750°C. During service, they often have to withstand high tensile stresses and resist creep, for 
example when used in aircraft engines [1]. Due to their diverse crystal structures, the mechanical responses of 
the individual phases (i.e. ɹ  ό[м0 ǎǘǊǳŎǘǳǊŜύΣ ʰ2 (D019 ǎǘǊǳŎǘǳǊŜύΣ ŀƴŘ ƛƴ ʲ-ǎǘŀōƛƭƛȊŜŘ ǾŀǊƛŀƴǘǎ ŀƭǎƻ ʲo (B2 structure)) 
are quite different from each other and in part also temperature-dependent [1, 2]. At the onset of plastic 
deformation, load redistribution from plastically deforming phases (e.g. ɹ ύ ǘƻ ǇƘŀǎŜǎ ǿƛǘƘ ƘƛƎƘŜǊ ȅƛŜƭŘ ƭƛƳƛǘǎ όe.g. 

2h ŀƴŘ ʲo) can be observed [2]. This information is crucial for understanding the interplay of multiple phases in a 
ƳŀǘŜǊƛŀƭΦ 9ǎǇŜŎƛŀƭƭȅ ǘƘŜ ʲo phase is known to be very brittle at room temperature. However, it is still not fully 
understood why, and depending on the chemical composition and condition of the investigated alloy the 
ƛƴŦƭǳŜƴŎŜ ƻŦ ǘƘŜ ˖o phase (B82 structure) has to be considered [3]. Findings from in situ high-energy X-ray 
diffraction (HEXRD) can be used to observe the elastic/plastic behavior in detail [2]. In situ tensile tests at 
synchrotron radiation sources allow to pinpoint the conditions, e.g. regarding the applied load, for the onset of 
specific deformation mechanisms and stages in the specimens. These pieces of information can be used as a 
support for microstructural design in the future, especially when assisted and quantified by finite element 
modelling (FEM). 
 

 

 
CƛƎΦ мΥ 9ȄŀƳǇƭŜǎ ŦƻǊ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜǎ ǳǎŜŘ ƛƴ ǘƘŜ ŜȄǇŜǊƛƳŜƴǘǎΦ bŜŀǊƭȅ ƭŀƳŜƭƭŀǊ ʲ ǿƛǘƘƻǳǘ ŀ ƎƭƻōǳƭŀǊ ʴ ŎƻƴǘŜƴǘ 
όŀύΣ ƴŜŀǊƭȅ ƭŀƳŜƭƭŀǊ ʴ όōύ ŀƴŘ ŀ Řǳŀƭ-ǇƘŀǎŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŎƻƴǎƛǎǘƛƴƎ ƻŦ ʰ2 ŀƴŘ ʲo only (c). 

 
Fig. 2: Process of building up the FEM simulation: (a) sample microstructure of 500 globular grains constructed 
using NEPER (edge length of 500 µm), (b) manipulation of the tessellation to embed the microstructure inside 
a bulk TNM cube (edge length of 1 mm), (c) assignment of phases according to experimentally determined 
phase volume fractions and (d) a sample tensile test, which shows the von Mises stress distribution under an 
elastic load of 1000 MPa. 
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Materials and Methods 
The investigated material is the so-called TNM alloy with a nominal chemical composition of Ti-43.5Al-4Nb-1Mo-
0.1B (in at.%). Using established heat treatments, it is possible to set different microstructures [4]. Examples of 
ǘƘŜǎŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ Ŏŀƴ ōŜ ǎŜŜƴ ƛƴ CƛƎΦ мΦ {ǘŀǊǘƛƴƎ ǿƛǘƘ ǘŜŎƘƴƻƭƻƎƛŎŀƭ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜǎ ƭƛƪŜ b[ ʲ όCƛƎΦ мŀύ ŀƴŘ b[ ɹ  
(Fig. 1b) which consist of lameƭƭŀǊ ʰ2κʴ ŎƻƭƻƴƛŜǎ ŀƴŘ ŀ ʲo seam at the grain boundaries, NL ɹ  ŀƭǎƻ Ŏƻƴǘŀƛƴǎ ƎƭƻōǳƭŀǊ 
ʴ ƎǊŀƛƴǎΦ ! Řǳŀƭ-ǇƘŀǎŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ƛǎ ǎƘƻǿƴ ƛƴ CƛƎΦ мŎΣ ŎƻƴǎƛǎǘƛƴƎ ƻŦ ʰ2 ƎǊŀƛƴǎ ŀƴŘ ŀ ʲo seam. For the present 
work, cylindrical  
tensile test samples of different microstructures were manufactured and tested in situ using HEXRD and a 
universal testing machine for tensile loading. The experiments were conducted at the Hereon-run high-energy 
materials science beamline P07B at PETRA III at the Deutsches Elektronen-Synchrotron in Hamburg, Germany, in 
a setup as described in Ref. [2]. The diffraction data were analyzed using in-house Python scripts, which yielded, 
for example, experimental load vs. lattice strain curves for various sets of lattice planes of all intermetallic phases 
present.  
To complement the qualitative interpretation of these data and quantify certain aspects pertaining to the 
deformation behavior of the TNM alloy, a FEM routine was established. Using NEPER, a software designed for 
microstructure modelling [5], a realistic globular microstructure was derived and implemented via automated 
Python routines into the commercial FE-package ABAQUS (R2019, Dassault Systemes Simulia Corp., Providence, 
RI, USA). This process can be followed in Fig. 2, which shows a sample microstructure consisting of 500 grains as 
modelled by NEPER (Fig. 2a). For reference, the edge length of the cube was taken to be 500 µm. In this program 
it is possible to alter grain sizes and distributions, add lamellae or elongated grains, all depending on actual 
microstructures. Altering the tessellation of this microstructure (i.e. the position of vertices, edges and faces), a 
bulk TNM cube can be implemented (edge length of 1 mm in total), which houses the actual microstructure (Fig. 
2b). After meshing in NEPER, some Python routines were implemented to assign material parameters and 
orientations of the grains, depending on the orientation relationships between the phases (Fig. 2c). Utilizing 
elastic constants for the individual phases calculated earlier by means of density functional theory, it is possible 
to generate a FEM model, which depends only on calculated elastic material parameters extended by material 
models for the plastic response. Figure 2d shows the sample under an elastic load case, to visualize that 
orientations and phase material parameters affect the stresses experienced by individual grains.  
Furthermore, using sophisticated user subroutines and multiscale modelling, it is possible to simulate the fine 
lamellae found in this type of intermetallic alloys. The generated model will be used to compare the experiment 
with simulation. 
 
Results and Discussion 
The diffraction patterns gained by means of HEXRD during tensile loading were evaluated and provided 
information about the lattice strain evolution of the individual intermetallic phases. These results were 
correlated with the macroscopic stress to show the yield points of the individual phases. The developed FEM 
simulation routine was used.  
to reproduce the experimental findings in a computational way. This allowed a quantitative interpretation of the 
experimental results, for the first time taking into account the actual microstructure of the specimens. 
The interplay of the individual phases is significant to the macroscopic mechanical response of the material. 
Therefore, several different microstructures have been used to provoke as different mechanical responses as 
possible. During tensile testing, peak positions measured with HEXRD will shift in their respective position, 
allowing the measurement of the change in lattice spacing regarding the individual phases. This change can be 
interpreted as a lattice strain, which can be correlated with the macroscopic stress. Using many different 
microstructures with different volume fractions of the different phases, it is possible to collect parameters for 
the elastic and plastic regime to set up a FEM model. The FEM model in return delivers the same information 
(lattice strain and macroscopic stress) and it is therefore possible to gain insights into the prevailing deformation 
mechanisms.  
During the simulation part of this work, novel approaches were taken by simulating realistic 3D-microstructures 
consisting of a great number of grains by means of FEM in comparison to previous work conducted in the field 
ƻŦ ʴ-TiAl based alloys [6], which relied on simplifications like periodic grains [7], dimensionality [8] or single phase 
simulations [9] Additionally, the conducted simulations in this work are self-consistent, implying that e.g. elastic 
parameters of the phases are derived from density functional theory.  
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Introduction 
In the last decades there has been a growing interest in developing new intermetallic families, which would we 
able to improve the specific performances of superalloys at high temperature. The TNB (Ti-Al-Nb) and the TNM  
(Ti-Al-Nb-Mo) families were developed to fulfil the required performances. In particular, the creep resistance 
should be improved and consequently the study of the diffusion mechanisms and the associated relaxation 
processes become very useful to get a deep understanding of the physics involved during creep. Mechanical 
spectroscopy, including the measurement of the internal friction spectra and the dynamic modulus curves as a 
function of temperature between 600 K and 1400 K allowed approaching the study of such processes.  

Previous works on several g-TiAl alloys show several relaxation processes associated with the Ti diffusion in the 

2 phase [1-3] and with the Al diffusion in the g phase [4], as well as an internal friction background at high 

temperature, which is associated with the creep behaviour [2]. At present, a new generation of g-TiAl, called 
TNM+, is being developed to improve the creep resistance by microalloying with C and Si [5]. However, to extend 
the creep resistance on temperature and on time, the stability of the microstructure should be guaranteed or, 
as in the case of superalloys, well mastered in what concerns to its evolution. 
The aim of the present work is to overview the relaxation processes associated with Ti diffusion in 2 phase and, 
from the analysis of the relaxation processes, obtain the diffusion coefficient of Ti in each particular alloy. 
However, Nb and C atoms in solid solution could have a secondary effect on creep resistance by slowing down 
the diffusion of Ti in the constitutive phases.  
 
Materials and Methods 
The experimental part of this work is based on the internal friction measurements made by mechanical 
spectroscopy at different frequencies and in different alloys, TNB, TNM, TNM+ and Nb-free TiAl, [1-5]. Then, the 
theory of mechanical spectroscopy [6] is developed to establish the relationship between the relaxation time 
and the diffusion coefficient. The local atomic configuration and the models for internal friction are taken into 
account to obtain the corresponding equations. 
The experimental validation of this approach has been carried out by the comparison of the diffusion coefficients 
obtained through internal friction with those from the literature [7]. 
 
Results and Discussion 
An experimental work was approached in previous publication in which the relaxation processes associated with 
Ti diffusion were observed in several alloys with different amounts of Nb and C in solid solution, such as the TNB, 
TNM. TNM+ and Nb-free TiAl alloys. In the present work, the relaxation processes observed by internal friction 
are related, through the activation parameters, to the diffusion coefficients of the different atomic species and 
compared, when possible, with those from the literature. To do it, the theory of relaxation during the internal 
friction measurements is theoretically and experimentally compared and related with the classical atomic 
diffusion theory, establishing the corresponding equations. As an example, Fig. 1 shows the diffusion coefficient 
of Ti in 2 phase obtained by both methods; the blue squares are the data measured in a binary TiAl alloy, from 
the ref. [7], and the red dots are the points obtained through the analysis of the internal friction data, measured 
on a Nb-free TiAl alloy in ref. [2]. The diffusion parameters are in an exceptional agreement for both kind of 

measurements; the mean activation energy is E(Ti)= 2.99°0.02 eV and D0=2.5°0.1 ³ 10-5 s.  
 
Conclusions 
It can be concluded that internal friction measurements allow to obtain a plot of the diffusion coefficients of Ti 

in several families of g-TiAl alloys with different amounts of Nb, and, in addition, in an expanded temperature 
range closer to the temperatures used in service conditions. 
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Fig. 1: Diffusion coefficient of Ti in the lattice of the 2 phase. Diffusion data taken from Ref. [7] (in blue). 
Diffusion coefficient measured from internal friction in a Nb-free Ti-Al alloy, from the data of Ref. [2] (in red). 
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Introduction 
-ɹTiAl alloys are competitive alternatives to Ni-base superalloys as material for turbine blades in aero engines in 

the low pressure turbine section due to their lower density and at least comparable specific creep strength. 
However, being composed of ordered intermetallic phases, which are responsible for the high strength, but are 
also inherently brittle, it is necessary to impose a good microstructure control during processing to ensure 
sufficient damage tolerance of the parts [1]. Already small deviations from the desired target microstructure can 
otherwise reduce the already low ductility and damage tolerance to unacceptable levels. Casting is an important 
processing method for TiAl, either to directly produce parts or as processing step prior to e.g. forging. Also in the 
upcoming additive manufacturing processes melting and solidification steps are frequently involved. To 
understand the microstructure formation and phase constitution of TiAl alloys during solidification is hampered 
by the complexity of the Ti-Al phase diagram in the Al range in question between ca. 42 to 48 at.%. Not only is 
the high temperature situation masked by lower temperature phase transformations, but also the solidification 

path itself changes depending on the Al content. For lower Al contents a solidification via the primary b-phase 
takes place, while for Al contents starting from slightly below 45 at.% and above the material solidifies 
peritectically [2]. Nevertheless, the textures founŘ ƛƴ ǎǳŎƘ ŀƭƭƻȅǎ ǊǳƭŜ ƻǳǘ ǘƘŀǘ ʰ ǇƘŀǎŜ ŦƻǊƳŜŘ ŘǳǊƛƴƎ ǘƘŜ 

solidification grew from the b phase with the expected Burgers orientation relationship. Accordingly, while a 
complete understanding and reliable prediction of the solidification behavior of TiAl alloys is desirable, it is still 
necessary to unveil its details by sophisticated experiments and validate models by their results. Two binary TiAl 
alloys with different Al content were directionally solidified varying the withdrawal rate to change the 
solidification conditions. The device used for this allows to observe the situation at different distances from the 
solidification front by in situ X-ray diffraction [3]. Accordingly, it was possible to determine the types of solidifying 
phases and their orientation and compare these results with the predictions of the nucleation and constitutional 
undercooling (NCU) model [4]. 
 
Experimental 
Two binary alloys with the nominal chemical compositions Ti-45Al and Ti-48Al (all in at.%) were produced by arc 
melting, and in a final arc melting step cast to bars of 12 mm diameter and 150 to 160 mm length. The rods were 
mounted in a zone melting device, which is specially constructed to allow directional solidification under in situ 
observation with high energy X-rays produced at a synchrotron storage ring. For this, the device is equipped with 
windows to allow the illuminating X-ray beam to hit the specimen and the diffracted beam to leave the device 
to be recorded with an area detector. In addition, the induction coil to heat the specimen is constructed so that 
the entry and exit of the beam is not blocked, even in the molten zone located inside the induction coil. The X-
ray diffraction experiments were done in transmission at the high-energy material science beamline (HEMS) 
operated by Helmholtz-Zentrum Hereon at the PETRA III storage ring of the DESY synchrotron in Hamburg, 
Germany. Due to the high X-ray energy of nearly 98.189 keV the investigation could be conducted in 
transmission. During the solidification the temperature is measured at two locations by pyrometers allowing to 
calculate the temperature gradient. The withdrawal rate was changed between 6 mm/h and 360 mm/h, and by 
lowering or lifting the device relative to the X-ray beam height diffraction signals at different distances from the 
solidification front can be recorded. During the experiments the bars were rotated with 10 rotations per minute 
to allow for a more homogeneous temperature distribution in the specimen. The X-ray diffraction data was 
afterwards processed with the software Fit2D and the software package MAUD for Rietveld analysis. 
 
Results and Discussion 
Figure 1 shows the diffraction patterns recorded during an experiment with the Ti-48Al alloy. The specimen was 
positioned at a height, where the X-ray beam transmitted a volume of the specimen, where melt and solid 
material co-exist to get an insight to the initial situation of solidification. In the quarter section of the area 
detector image shown at the bottom of Figure 1 a), when using a withdrawal rate of 6 mm/h, a diffuse ring is 
visible which belongs to the melt combined with weaker sharp diffraction rings of the already solidified material. 



 

оп 

¢Ƙƛǎ ǎƻƭƛŘƛŦƛŜŘ ƳŀǘŜǊƛŀƭ Ŏŀƴ ōŜ ƛŘŜƴǘƛŦƛŜŘ ŀǎ ʰ ǇƘŀǎŜΦ ¢Ƙƛǎ Ŏŀƴ ōŜ ǎŜŜƴ ŜŀǎƛŜǊ ƛƴ ǘƘŜ ŘƛŦŦǊŀŎǘƛƻƴ ǇŀǘǘŜǊƴ at the top 
of Figure 1 a), which was generated by azimuthally integrating the X-ray intensity of the area detector. Due to 
ǘƘŜ ŦŀŎǘ ǘƘŀǘ ǘƘŜ ƛƴǘŜƴǎƛǘȅ ƛǎ ƘƻƳƻƎŜƴŜƻǳǎƭȅ ŘƛǎǘǊƛōǳǘŜŘ ŀǊƻǳƴŘ ǘƘŜ ŘƛŦŦǊŀŎǘƛƻƴ ǊƛƴƎǎ ōŜƭƻƴƎƛƴƎ ǘƻ ǘƘŜ ʰ ǇƘŀǎŜ ƻƴ 
the area detector, ƛǘ Ŏŀƴ ŀƭǎƻ ōŜ ŎƻƴŎƭǳŘŜŘ ǘƘŀǘ ǘƘŜ ʰ ǇƘŀǎŜ Ƙŀǎ ŦƻǊƳŜŘ ǿƛǘƘ ƴƻ ǇǊŜŦŜǊŜƴǘƛŀƭ ƻǊƛŜƴǘŀǘƛƻƴΦ ¢Ƙƛǎ 
Ŏŀƴ ōŜ ƛƴǘŜǊǇǊŜǘŜŘ ǘƘŀǘ ǘƘŜ ǿƛǘƘŘǊŀǿŀƭ ǊŀǘŜ ǿŀǎ ǎƭƻǿ ŜƴƻǳƎƘ ǘƻ ŀƭƭƻǿ ŦƻǊ ǇƭŀƴŀǊ ǎƻƭƛŘƛŦƛŎŀǘƛƻƴ ƻŦ ǘƘŜ ʰ ǇƘŀǎŜΦ 
The situation for a faster withdrawal rate of 360 mm/h resulting in a lower ratio between thermal gradient G and 
withdrawal rate V ς G/V ς is shown in Figure 1b. Again, a diffuse ring belonging to the melt is present. But the 

ǎƻƭƛŘ ǇƘŀǎŜǎ ǎƘƻǿ ŀ ŘƛŦŦŜǊŜƴǘ ōŜƘŀǾƛƻǊΦ tƘŀǎŜǎ ʰ ŀƴŘ b are present in about equal fractions, and from increased 
intensities on some sections of the corresponding diffraction rings it is also evident that both now exhibit 
preferential crystallographic orientation (see yellow arrows in Figure 1 b)). Obviously, the G/V ratio is decreased 

to ǎǳŎƘ ŀƴ ŜȄǘŜƴǘ ǘƘŀǘ ƴƻǿ ŀ ǇŀǊŀƭƭŜƭ ŘŜƴŘǊƛǘƛŎ ƎǊƻǿǘƘ ƻŦ ʰ ŀƴŘ b phase takes place. 
In addition to the results shown similar experiments were conducted with Ti-45Al. Here, solidification always 

took place via the b phase, but again depending from G/V different preferred crystallographic orientations 
resulted, which could also be explained by a transition from planar to dendritic solidification mode. The results 
can qualitatively be explained by the NCU model. Quantitative discrepancies may occur due to not well-known 
input parameters for the NCU model, as for example the diffusion rate in the liquid. 
 

 
Fig.1. Diffraction patterns of Ti-48Al recorded during a directional solidification experiment in the solid-liquid 
region: a) withdrawal rate of 6 mm/h; b) withdrawal rate of 360 mm/h; 
 
Conclusions 
Using a specially designed specimen environment it was possible to investigate directional solidification of two 
TiAl alloys. While the primary phase depended on G/V for an alloy with an Al content of 48 ŀǘΦ҈Σ ōŜƛƴƎ ʰ ǇƘŀǎŜ 

ŦƻǊ ƘƛƎƘ Dκ± ŀƴŘ ʰ ŀƴŘ b phase for low G/V, in an alloy with 45 at.% Al solidification always took place via the b 
phase. In both alloys a transition from planar growth for high to dendritic growth for low G/V is observed. These 
observations are in qualitative agreement with predictions of the NCU model. 
 
References 
[1] B. P. Bewlay, S. Nag, A. Suzuki, M. J. Weimer, TiAl alloys in commercial aircraft engines, Mater. High Temp. 

2016, 33, 549-559. 
[2] V. Küstner, M. Oehring, A. Chatterjee, V. Güther, H.-G. Brokmeier, H. Clemens, F. Appel, An investigation of 

microstructure formation during solidification of gamma titanium aluminides alloys, in Gamma Titanium 
Aluminides 2003 (Eds.: Y-W. Kim, H. Clemens, A.H. Rosenberger), TMS, Warrendale, PA, 2003, 89 - 96. 

[3] C. Gombola, G. Hasemann, A. Kauffmann, I. Sprenger, S. Laube, A. Schmitt, F. Gang, V. Bolbut, M. Oehring, 
M. Blankenburg, N. Schell, P. Staron, F. Pyczak, M. KrǸger, M. Heilmaier, A zone melting device for the in-
situ observation of directional solidification using high-energy synchrotron X-rays, Rev. Sci. Instr. 2020, 
91,093901. 

[4] O. Hunziker, M. Vandyoussefi, W. Kurz, Phase and microstructure selection in peritectic alloys close to the 
limit of constitutional undercooling, Acta Mater. 1998, 46, 6325-6336.  

ŀύ ōύ 



 

ор 

SCP5.1 
Balanced properties of Mo-V-Si-B alloys modified with small amounts of titanium 

Dennis Zang, Georg Hasemann and Manja Krüger 
 

Institute of Materials and Joining Technology, Otto-von-Guericke University Magdeburg, Magdeburg, Germany, 
dennis.zang@ovgu.de, georg1.hasemann@ovgu.de, manja.krueger@ovgu.de 

 
Multiphase Mo-Si-B alloys have a great potential for replacing nickel-based superalloys in the aerospace and 
energy sector because they show excellent mechanical properties and the potential for good oxidation 
characteristics, due to the Mo silicide phases. However, the oxidation behavior of such alloys is still a critical 
issue, since catastrophic oxidation failure occurs locally at the Mo solid solution phase at intermediate 
temperatures [1]. It was shown that the addition of vanadium to Mo-Si-B alloys leads to a significant density 
reduction, which is even lower than the density of a state-of-the-art nickel-base superalloy CMSX-4. This 
phenomenon is directly related to the high solubility of vanadium in molybdenum and the respective Mo silicides, 
while vanadium has no effect on the phase fractions of the Moss-Mo3Si-Mo5SiB2 triangle. In this context it was 
found that alloys with the composition Mo-40V-9Si-8B exhibit the best set of properties with respect to 
normalized mechanical strength and ductility. On the other side, alloying with vanadium leads to a reduction in 
creep resistance. In addition, such alloys have a significantly higher oxygen content [2]. For this reason, titanium 
is will be added to the Mo-V-Si-B alloy in order to somewhat mitigate disadvantages of the vanadium addition. 
Furthermore, titanium has a high affinity for oxygen and therefore it is believed that titanium may act as a getter 
for dissolved oxygen and thus contribute to improve the ductility as well as to minimize internal oxidation in 
these alloys. 
 
Elemental powders of Mo, V, Si, B and TiH2 of 99.95%, 99,5%, 99,5%, 98% and 99,5 % purity, respectively, were 
used to produce different alloys with chemical composition of Mo-40V-9Si-8B-xTiH2 (in at. %, x=0, 2, 5) by a 
multi-step powder metallurgical process. Mechanical alloying of the powders was carried out in a planetary ball 
mill with powder to ball weight ratio of 1:13 and a rotational speed of 300 rpm. Weighing, mixing and powder 
removal was done under protective argon atmosphere in order to keep the oxygen content as low as possible. 
In the first step of this work, a milling study of mechanically alloyed Mo-40V-9Si-8B was carried out in order to 
optimize the powder metallurgical processing route. Then, 2 at. % and 5 at. % titanium were added to this alloy, 
substituting both the molybdenum and the vanadium in all constituents, which improves the stress-strain 
properties even further. The analytical methods used to determine the milling progress of the respective powder 
alloys include SEM analysis, XRD analysis, oxygen content analysis, microhardness measurements and laser 
diffraction. In the next step, the Ti-modified alloy powders and the reference material (Mo-40V-9Si-8B) were 
subjected to heat treatment. In this way, a multi-phase microstructure was formed in which the intermetallic 
phases Mo3Si and Mo5SiB2 are embedded in a continuous Mo matrix [3]. After compaction via field assisted 
sintering the compacted material was analyzed with respect to microstructure, mechanical properties and 
oxidation resistance to verify whether the addition of titanium contributes to an improvement in this respect.  
 
In the following, initial results from the milling studies will be presented. The milling progress for the first two 
alloys can be seen from the SEM images in Fig. 1. At the beginning of ball milling (2 h), larger light (light grey, 
molybdenum-rich phase) and darker areas (vanadium-rich phase) occur within the individual powder particles. 
As the milling time increases (10 h), a lamellar structure then gradually forms, indicating that vanadium is 
increasingly dissolving in the molybdenum and, as a result, the microstructure is becoming more homogeneous.  
 
However, after 20 h of ball milling, a completely homogeneous microstructure is not yet evident, because 
lamellar structures can still be detected in some particles for both alloys, which in turn suggests that the 
mechanical alloying of the powders is not yet fully completed at this point. 
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Furthermore, microhardness measurements were carried out as a function of milling time (see Figure 2), in order 
to obtain a first tendency regarding the mechanical properties. In the first five hours of milling, the microhardness 
in both alloys initially increases, which, in addition to solid solution strengthening, is also due to grain refinement 
and work hardening at this early stage of mechanical alloying. In the further course, the microhardness does not 
change significantly. However, the microhardness of the reference alloy Mo-40V-9Si-8B is at a slightly higher 
level throughout the milling time than that of the alloy with 2 at. % TiH2, which means that titanium dihydride, 
at least in small amounts, does not lead to any improvement in this respect in the powder state. This will probably 
change after a heat treatment. 
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Fig. 2: Microhardness profile of the two alloys investigated as a function of milling time 

Fig. 1: Microstructure of the mechanically alloyed powders after 2, 10 and 20 h. a) Mo-40V-9Si-8B b) Mo-40V-9Si-8B-2TiH2 
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Introduction 
MoSiB alloys have been introduced explicitly to replace Nickel-based superalloys in gas turbine applications. High 
strength at high temperatures is provided by refractory metal intermetallic phases [1,2]. A critical feature is the 
phase distribution of the metallic Molybdenum solid solution phase. Only if this phase is present as a coherent 
metallic matrix, ductility can be achieved in the alloy, which is critical for damage tolerance or toughness. 
Solidification from the melt usually leads to an intermetallic matrix, as Molybdenum solidifies first forming islands 
through the solidification process  Therefore, powder metallurgical manufacturing routes have been under 
investigation for years [3,4]. The second critical property is the silicon content in the solid solution phase. This 
needs to be as low as possible. Silicon tends to segregate to the grain boundaries and, therefore, causes 
embrittlement [5]. This problem can be tackled in several ways. First, the maximum consolidation or processing 
temperature can be selected as low as possible, just enough to ensure densification, for example using hot 
isostatic pressing (HIP) or spark plasma sintering (SPS) compaction. Second, the material can be heat treated to 
allow for silicon diffusion to the nearby existing silicide phases. For this method to work, the silicon diffusion 
paths need to be small and molybdenum grain boundaries should be avoided, as well. Third, Titanium (or another 
appropriate reactive element) can be introduced in the alloy to form silicides within the metallic matrix upon 
heat treatment or cooling [6,7]. The addition of Titanium also destabilizes the A 15 phase causing a different 
phase field equilibrium consisting of Molybdenum solid solution, the ternary Mo5SiB2 T2 phase and the Mo5Si3 
T1 phase.  

 
Materials and Methods 
Starting point of the investigations was the composition Mo-9Si-8B (at.-%), which corresponds to Mo-3Si-1B (wt.-
%), and has been the starting point for several compositional modifications or basic research done within the 
Berczik triangle, also in the latest years. As Titanium occupies the lattice sites of Molybdenum, the atomic 
percentages of Silicon and Boron were kept constant. The investigated composition is Mo-25Ti-9Si-8B (at.-%). 
Powders of Molybdenum, MoSi2, TiH2 and Boron were used as starting materials for the experiments. The 
oxygen content of the powder mixture was about 5000 ppm. 
The powders were milled using a Netzsch planetary ball mill under Argon with a vial volume of 2000 ml containing 
250 g powder and 2 kg steel balls (diameter 10 mm). The abrasion of iron has been determined to be less than 
500 weight ppm. The resulting powder mixture was compacted using an FCT Spark Plasma Sinter furnace 
equipped with graphite tools (diameter 20 mm or 60 mm). At 600 °C a dehydrogenation treatment was 
performed for 10 min to decompose the TiH2. The max. temperature was 1600 °C for a dwell time of 20 min at 
uniaxial pressure of 30 MPa. The whole process was performed in vacuum (p < 1 mbar). 
Following the compaction phase formation annealing was performed in vacuum to decompose the A 15 phase 
(if existent) and to allow for Ti5Si3 precipitation in Molybdenum solid solution phase. Temperatures between 
1350 °C and 1500 °C were tested and dwell times were between 3 h and 48 h.  
Discs for mechanical testing were SPS compacted. After compaction, the whole disc was annealed at 1400 °C for 
24 h in vacuum followed by hot isostatic pressing, using a Quintus QIH 15L URQ, at 1400 °C and 200 Mpa with a 
dwell time of two hours. After the dwell time the samples were rapidly quenched to 400 °C with a cooling rate 
between 30 K/s and 100 K/s (gas temperature). As the samples became brittle after quenching, they were then 
annealed at 1200 °C for 2 h in vacuum to allow for spark cutting mechanical test samples. Bars were eroded and 
ground to 3x4x50 mm³ and tested in high temperature 4-point bending at temperatures of 900 °C and 1000 °C, 
respectively. In comparison, non HIPed samples were mechanically tested at 900 °C, as well. 
Additionally atomized powder of the composition Mo-9Si-8B was provided by Taniobis with a particle size 
distribution of 63-150 µm and an oxygen content of 400 ppm.  
Additive manufacturing was performed by electron beam powder bed fusion (PBF-EB) on an Arcam 2X machine. 
 
Results and Discussion 
The probably most important parameter for the toughness of the alloy is a continous Mo matrix. This is confirmed 
by the micro images as present in the samples (not shown here). Annealing caused a partly decomposition of the 
A 15 phase. Said decomposition leaves an eutectoid stripe-like mixture of Molybdenum solid solution and Mo5Si3 
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phase (i.e., (Mo,Ti)5Si3 or (Ti,Mo)5Si3 depending on the Titanium content and the crystal structure). The attempt 
to distinguish those has not been performed in this study and the phase will be called Mo5Si3 hereafter. It cannot 
be stated if the Molybdenum emerging from the eutectoid composition is thoroughly connected or not. 
However, this fine microstructure is supposed to help strengthen the material (Hall-Petch relationship). The 
phase composition, with and without full decomposition of the A 15, could be calculated using the overall 
composition. However, this was not the case for phase densities due to unknown local titanium content. As a 
guideline, the phase compositions of the titanium-free alloy, with and without full decomposition of the A 15 
phase, have been calculated using the densities of the Titanium-free phases. Considering a minimum amount of 
50 % for a continuous Molybdenum solid solution phase, the content of 53 % or 60 % should be enough to form 
a connected phase. Grey scale analysis was used to determine the volume phase fraction in the 1400 °C 24 
annealed sample. However, variations are introduced depending on where grey scale thresholds are set. The 
mechanical testing showed a bending strength of roughly 500 MPa at 900 °C in the non HIPed condition. No 
plasticity could be reached at this temperature. This is in agreement with data from MoSiB-literature, where the 
DBTT was between 1000 °C and 1200 °C for metallic matrix materials [8]. After HIP the strength increased 
significantly to over 700 MPa at 900 °C and 1000 °C, as well (s. fig. 1). Surprisingly the bending strength does not 
vary significantly between those two temperatures. However, no plasticity was reached up to 1000 °C. The 
reasons for that can be either the diffusion of the remaining silicon to the grain boundaries or the large oxide 
particles which can act as crack initiation sites. Silicon is known to cause embrittlement due to the following 
mechanism. At the highest processing or service temperature silicon is partly dissolved in the Molybdenum solid 
solution phase. Upon cooling the solubility decreases causing the silicon to diffuse to the grain boundaries where 
silicide precipitation occurs, which can cause crack initiation. This crack initiation at precipitates on the grain 
boundaries is the common embrittlement mechanism in MoSiB alloys as it was found by Jain et al. and Lemberg 
et al. among others [5,9]. The strength of both the HIPed and non-HIPed alloys exceeds the tensile strength of 
the commercial superalloy IN 713C (275 MPa at 930 °C [10]). The HIPed alloys are close to the tensile strength of 
the high temperature superalloy CMSX 4 (811 MPa at 980 °C [11]). The strength of the PBF EB samples will be 
addressed in the talk.  

 

 
Fig. 1: 4 point bending strength of MoSiBTi alloy (left [12]) by powder metallurgy and MoSiB alloy by PBF-EB. 
Both alloys were HIPed. 
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Introduction 
The V-Si-B system has gained scientific interest as a new low-density, refractory metal-based structural 
intermetallic alloy system. The alloy design is strongly influenced and driven by the developments in the field of 
Mo-Si-B alloys and shares some interesting structural and microstructural features. Very recently, the formation 
of ternary eutectic VSS-V3Si-V5SiB2 microstructure has been reported which contains the same isomorphous 
phases as the ternary eutectic in the well-studied Mo-Si-B system: a refractory metal-based solid-solution phase 
(MoSS or VSS) and the two intermetallic phases with either an A15 (Mo3Si and V3Si) or a D8l (Mo5SiB2 and V5SiB2) 
structure. However, while the Mo-Si-B-based ternary eutectic shows some oxidation resistance due to its 
intermetallic character, oxidation of the V-based eutectic is an even more serious issue. To address this problem, 
different amounts of Cr were added to a eutectic V-Si-B alloy to study the microstructural influence on the ternary 
eutectic reaction, the phase stability as well as the mechanical and oxidation properties as a function of Cr 
concentration. Alloys with Cr additions between 5 ς 30 at.% were fabricated by conventional arc-melting and 
were analyzed in the as-cast state or heat-treated at 1400 °C for 100 hrs. 

 
Materials and Methods 
The present study is focused on the compressive stress-strain behavior of ternary eutectic V-Si-B alloys with 10, 
20 and 30 at.% Cr additions. Compression tests were performed using an electro-mechanical universal testing 
machine and a constant crosshead speed corresponding to an initial (engineering) strain rate of 10-3 s-1. The yield 
stresses were determined by the 0.2% offset method. The temperature dependence of its compressive yield 
stress between room temperature and 1000 °C was investigated in the as-cast and annealed state (1400 °C for 
100 hrs) and compared to the Cr-free ternary eutectic alloys V-9Si-6.5B as well as V-Si-B alloys taken from the 
literature.  
 
Results and Discussion 
Prior to the mechanical compression tests the microstructures of the Cr-added ternary eutectic alloys V-9Si-6.5B 
were investigated. Even at high Cr-additions of 30 at.% the eutectic VSS-V3Si-V5SiB2 microstructure could be 
maintained. Thus, Cr has almost no influence on the solidification behavior in this part of the V-Si-B system, which 
seems to be plausible since Cr stabilizes all three eutectic phases [1]. As an example, the microstructures of the 
base alloys and an alloy with 30 at.% Cr additions is shown in Fig. 1, including a heat treatment at 1400 °C for 
100 hrs. According to XRD analysis, the newly discovered phase V8SiB4 could also be detected in all eutectic alloys 
with Cr additions after the heat treatment.  
The ternary eutectic alloy V-9Si-6.5B features the ductile VSS phase as the major phase. Thus, first compression 
test revealed a deformability even at room temperature. However, the yield strength decreases quickly with 
increasing test temperatures and is even more pronounced in the heat-treated state. In order to develop a 
comparably low-density materiel for high temperature structural applications, the high-temperature strength 
(and later on, the creep resistance) should be further improved by Cr-additions. Cr dissolves in all the ternary 
eutectic phases and, as mentioned before, does not influence the eutectic formation. This fact makes Cr an ideal 
candidate to study the strengthening behavior of the alloys by subsequently increasing its Cr content. With 
increasing Cr-additions the compressive yield strength increased, too. Accompanied with the hardening effect, 
Cr leads to a drastic increase of brittle-to-ductile transition temperature (BDTT) of the alloys investigated. The 
strengthening effect is mainly attributed to solid-solution strengthening of the VSS phase, which forms the major 
phase (about 50-60% phase fraction) in the Cr-free and Cr-added alloys. Since Cr is also dissolved in the 
intermetallic phase, a strengthening effect may also occur in these phases. However, the intermetallic phases 
already act as second phase strengthener and have an even higher BDTT as compared to the solid-solution phase.  
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Fig 1: Exemplary microstructures auf the ternary eutectic base alloy V-9Si-6.5B (top) and theV-9Si-6.5B-30Cr 
alloys (bottom) in the as-cast or heat-treated state. 
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Introduction 
Nb-Si based ultrahigh temperature alloys are the potential alternative for Ni based superalloys to operate at 
higher temperature (1200~1400 ᴈ) due to their lower densities and excellent high temperature strength. 
However, their insufficient room temperature fracture toughness and poor high temperature oxidation 
resistance are the bottlenecks for the practical applications of Nb-Si based ultrahigh temperature alloys [1]. 
Alloying is an effective way to improve the comprehensive properties of the alloys. It has been reported that 
alloying with V or Zr in the binary Nb-Si alloy improves the room temperature fracture toughness and high 
temperature oxidation resistance, while lowers high temperature strength [2]. Considering that Mo element has 
higher melting point and thus is beneficial for high temperature strength, the present work aims to add Mo, V 
and Zr simultaneously to improve the comprehensive properties of Nb-Si based ultrahigh temperature alloys. 
Additionally, Nb-Si based ultrahigh temperature alloys have been developed to multi-elemental systems with six 
or more elements [3]. In multi-elemental Nb-Si based ultrahigh temperature alloy systems, the composite 
alloying effects become more and more complex and is worthy of exploring. Recently, the reports on Mo, V and 
Zr alloying primarily focus on the ternary or quaternary Nb-Si based ultrahigh temperature alloys, and hardly 
involve their composite effects in multi-elemental Nb-Si based ultrahigh temperature alloys [4]. Therefore, it is 
essential to systematically investigate the effects, especially the composite effects of Mo, V and Zr on the 
comprehensive properties of multi-elemental Nb-Si based ultrahigh temperature alloys for further compositional 
optimization. 

 
Materials and Methods 
Fifteen multi-elemental Nb-Si based ultrahigh temperature alloys with nominal compositions of Nb-22Ti-15Si-
5Cr-3Al-2Hf-xMo-yV-zZr (at.%) (referred as xMo-yV-zZr alloy hereafter) were prepared by vacuum non-
consumable arc melting. The alloying effects of Mo, V and Zr on the arc-melted (referred as AC) and heat-treated 
(referred as HT) microstructures have been investigated. The heat treatment was conducted at 1450 ᴈ for 50 h. 
The oxidation performances of fifteen arc-melted multi-elemental Nb-Si based ultrahigh temperature alloys were 
evaluated at 1250 °C for 1 and 20 h, respectively. The microhardness, three point bending and compression at 
1250°C measurements were conducted for revealing the effects of Mo, V and Zr additions on the room and high 
temperature mechanical properties of the multi-elemental Nb-Si based ultrahigh temperature alloys. 
 
Results and Discussion 
The phase constituents of the multi-elemental Nb-Si based ultrahigh temperature alloys are Nbss (Niobium solid 
solution), h / (ɹNb,X)5Si3 and Laves Cr2Nb phases. As shown in Fig. 1, alloying with V or Zr promotes the formation 
of hypereutectic structure, and cooperatively alloying with V and Zr further increases the content of primary 
silicides. While, in the presence of V or Zr, further adding Mo decreases the content of primary silicides. The 
additions of Mo, V and Zr can suppress the formation of h(Nb,X)5Si3, whilst promote the formation of ɹ(Nb,X)5Si3. 
During heat treatment at 1450 ᴈ for 50 h, some ɹ(Nb,X)5Si3 phases in 0Mo-0V-0Zr and 0Mo-3V-0Zr alloys have 
transformed to h (Nb,X)5Si3 phases, but this phase transformation is not observed in Mo- or Zr-containing alloys. 
In addition, the heat treatment at 1450 ᴈ for 50 h eliminates segregation microstructures and promotes the 
formation of (Nb,X)3Si phase in the alloys. Adding V causes serious element segregation in the solidified 
microstructure of Nb-Si based ultrahigh temperature alloys, and thus increases the content of Cr2Nb/Nbss 
eutectic, Cr2Nb/Nbss/(Nb,X)5Si3 three phase eutectic, Nbss dendrites and H-shaped primary silicides. Adding Mo 
promotes to form lamellar Nbss/ɹ(Nb,X)5Si3 eutectic structure. Adding Zr decreases the content of silicides during 
eutectic solidification, and thus promotes the formation of fine Nbss/ɹ (Nb,X)5Si3 eutectic structure. Additionally, 
V and Mo elements primarily dissolve in Nbss, while Zr almost wholly dissolves in silicides. 
After oxidation at 1250 °C for 1 and 20 h, respectively, all scales formed on the alloy have double layered 
structure, namely outer layer and inner layer. Both of them consist of Nb2O5, (Ti,X)O2 and TiNb2O7 oxides. Besides, 
some V2O5, CrVNbO6 and Nb9VO25 oxides form in the scales of V-containing alloys. Solely adding Mo or V 
ameliorates the adhesion of the scales and thus improves the oxidation resistance of the alloys. Solely adding Zr 
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does not affect the adhesion of the scales, but can improve the oxidation resistance of the alloys by increasing 
the oxidation resistance of silicide phases. Cooperative additions of Mo and Zr further improves the high 
temperature oxidation resistance, and the mass gain per unit area of 5Mo-0V-4Zr-AC alloy oxidized at 1250 ᴈ 
for 20 h is only 30.3 mg/cm2. The cooperative additions of V with Mo/Zr do not improve, but degrade the 
oxidation resistance of alloys, since more liquid V2O5 flow out of the scales. In the presence of V and Zr, the 
limited addition of Mo (2 at.%) marginally improves the oxidation resistance of the alloys, while further increasing 
the Mo content decreases the oxidation resistance of the alloys. 
The microhardness of ɹ(Nb,X)5Si3 is improved by solely adding Mo, V or Zr, and is further improved by cooperative 
additions of them. The microhardness of (ɹNb,X)5Si3 phase in 5Mo-3V-8Zr-HT alloy shows the highest value, and 
is 1593 MPa. Solely adding Zr hardly affects the microhardness of Nbss due to the lower content of Zr in Nbss 
(not exceed 0.2 at.%). Solely adding Mo significantly increases the microhardness of Nbss, while sole addition of 
V reduces the microhardness of Nbss by its solid solution softening effect, and the microhardness of Nbss in 5Mo-
0V-4Zr-AC alloy reaches 682 MPa. The composite effects of Mo and V on the microhardness of Nbss is related to 
their relative contents. When Mo content exceeds the V content, the cooperative additions of Mo and V show 
positive effects on the microhardness of Nbss. After heat treatment at 1450 ᴈ for 50 h, the redistribution of 
alloying elements causes the increase in the microhardness of (ɹNb,X)5Si3 and the decrease in the microhardness 
of Nbss. The room temperature fracture toughness of the alloys has been improved by sole addition of V or Zr, 
and is further improved by cooperative additions of them. The 0Mo-3V-4Zr-AC alloy has the highest KQ values of 
room temperature fracture toughness among the fifteen alloys (15.3 MPa·m1/2). These positively composite 
alloying effects are strengthened by increase in Zr content. In the presence of V and Zr, the room temperature 
fracture toughness of the alloys is ameliorated by lower content addition (2 at.%) of Mo and is degraded by the 
addition of higher content of Mo (5 or 10 at.%). The effects of Mo and Zr additions, especially their composite 
additions significantly improve the high temperature compressive strength of the alloys, and the compressive 
strength at 1250 ᴈ/0.005 s-1 of 5Mo-0V-4Zr-AC alloy reaches 393 MPa. When simultaneously adding Mo, V and 
Zr, the compressive strength at 1250°C of the alloys is improved with increase in Mo content, but is hardly 
influenced by the addition of more than 4 at.% Zr. 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

 
 
 
 
 

Fig. 1: BSE images of arc-melted multi-elemental Nb-Si based ultrahigh temperature alloys: (a) 0Mo-0V-0Zr-AC, 
(b) 5Mo-0V-0Zr-AC, (c) 0Mo-3V-0Zr-AC, (d) 0Mo-0V-4Zr-AC, (e) 5Mo-3V-0Zr-AC, (f) 5Mo-0V-4Zr-AC, (g) 0Mo-3V-
4Zr-AC and (h) 5Mo-3V-4Zr-AC; (a1) and (c1) are enlarged BSE images of local areas labelled in (a) and (c), 
respectively 
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Introduction 
Ni-base superalloys show great mechanical strength at high operating temperatures and thus are a widely used 
material for high-temperature load-bearing applications, like turbine blades. The strength of Ni-base superalloys 
strongly depends on their precipitation microstructure. The most common type of Ni-base superalloys features 
an fcc ‎ matrix in which intermetallic Ni3Al L12 ordered ‎ precipitates are distributed. The interactions between 
these precipitates and dislocations are the cause for major strengthening effects, which are still relevant at 
ŜƭŜǾŀǘŜŘ ǘŜƳǇŜǊŀǘǳǊŜǎ ƴŜŀǊ ǘƘŜ ŀƭƭƻȅΩǎ ƳŜƭǘƛƴƎ ǘŜƳǇŜǊŀǘǳǊŜΦ ¢ƘŜǎŜ ƛƴǘŜǊŀŎǘƛƻƴǎ ŘŜǇŜƴŘ ǎǘǊongly on the 
morphology of the precipitates, their size, shape, and distance from each other. A model to predict tensile 
properties based on the observed precipitate microstructure is of high interest to further accelerate the 
development of alloys and new processes.  
 
Grain structures and textures resulting from different processing methods, influencing the elastic and plastic 
deformation behavior of the materials, are additional influences that need to be considered. This work describes 
the development of a model predicting the temperature-dependent yield strength of medium to high ‎ volume 
fraction Ni-base superalloys based on a statistical description of grain and precipitation microstructure. 
 
Materials and Methods 
The materials discussed in this work are different Ni-base superalloys with a medium to high ‎ volume fraction 
πȢσυ ὠ πȢχ. The materials ‎Ⱦ‎ᴂ microstructure was characterized from scanning electron images. The 

technique used for evaluating accurate distributions of the parameters of interest, the precipitate size Ὠ as well 
as the channel width ὒ, is described in [1]. 
 
Fig. 1 describes the process schematically. A neural net is used to segment the images and identify precipitates, 
which are then characterized for their size Ὠ. The minimal distance between neighboring precipitates is evaluated 
as a measure for the channel width ὒ. The described procedure can also be applied to 3D data sets, like such 
resulting from phase-field simulations, while delivering consistent performance. 
 
From EBSD maps the grain microstructure is analyzed for the direction-dependent grain size and the crystal 
orientation using the MTEX toolbox. Both parameters are considered in the model, influencing the yield strength. 
 
The model for the yield strength is based on the previous work of Galindo-Nava et. al. [2] and Goodfellow et. al. 
[3]. It considers the contributions of different chemistry- and microstructure-based effects on the overall yield 
strength of the material. These effects include grain boundary strengthening, solid solution strengthening, 
precipitate dislocation interactions through anti-phase boundary shearing and the Orowan mechanism, the 
effect of the lattice parameter misfit between matrix and precipitate phases, as well as the temperature-
dependent effect through Kear-Wilsdorf locks. The contributions are combined in a nonlinear way, trying to 
mimic their physical relationship as close as possible. Temperature dependence of the yield strength is described 
through the consideration of many temperature-dependent material parameters, as well as microstructure, 
which also changes with temperature. 
 
Results and Discussion 
Different combination strategies of the contributions are compared for their fit to the analyzed alloys. It was 
found that linear summation of all contributions leads to worse results than using a parallel combination of the 
anti-phase boundary shearing and Orowan contributions in conjunction with linear summation of the remaining 
contributions. Different ways of defining this parallel combination were explored, including a minimum switch 
and setup similar to an electronic parallel circuit of resistors.  
 
Fig 2 shows an example of these combination schemes including the prediction of the yield strength of a single 
crystalline material at room temperature. These changes improve the room temperature model as described in 
the literature. The performance is also validated against several datasets published in the literature. 
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In terms of the temperature dependence of the yield strength, different implementations of temperature 
dependence are compared. Considering the change of different material parameters, like elastic or shear moduli 
and anti-phase boundary energy does not have a sufficient influence on the prediction, leading to overestimation 
at higher temperatures. Further, including the change in microstructure that is present due to a reduction in ‎ 
volume fraction at higher temperatures and thus resulting in a change in precipitate size Ὠ and channel width ὒ, 
improves the performance only slightly. Including the influence of Kear-Wilsdorf locks through experimental data 
as an additional contribution, leads to further improvement. In another enhancement, the measured 
distributions for the precipitate size Ὠ and channel widths ὒ are used to consider the higher mobility of 
dislocations at higher temperatures and thus their ability to select weaker obstacles, e.g. through climbing, 
improving the prediction of the model.  
 
In conclusion, the literature model was improved in terms of its performance at room temperature, and high-
temperature prediction capabilities were added, coming closer to the real word use case of Ni-base superalloys. 
 

  
Fig. 1: Schematic showing the statistical characterization of the key 
microstructure parameters precipitate size Ὠ and channel width ὒ from 2D and 
3D data sets, resulting in distributions for each parameter. A detailed 
description of the channel width evaluation method can be found in [1]. 

Fig. 2: Left: example of a 
combination scheme of different 
contributions to the overall yield 
strength; Right: example of 
resulting prediction. 
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Introduction 
The demand for alloys with excellent physical and mechanical properties in the aircraft industry requires the 
development of new high-temperature structural materials. The intermetallic NiAl B2-phase is a prime candidate 
for such applications as it possesses a higher melting point, lower density, and thus lower specific weight in 
comparison to other Ni-based-superalloys and exceptional oxidation behavior [1]. Nevertheless, the application 
as a structural material is limited due to low room temperature ductility and fracture toughness, as well as low 
creep resistance [2]. By embedding a second phase of (Cr,Mo) with lamellar morphology into the NiAl matrix 
these drawbacks can be mitigated [3ς5].  
One promising alloy in this material class is the so-believed eutectic 33Ni-33Al-28Cr-6Mo (all following 
concentrations are given in at.%). Typically, this material has been processed in a conventional Bridgman process. 
The microstructure exhibits NiAl and (Cr,Mo) lamellae that are ordered in a circular manner inside the eutectic 
cells [6]. By refining the lamellae spacing with adjusted withdrawal rates, it was possible to enhance the high-
temperature properties. Contrary to the literature, Förner et al. [7] found in the as-cast microstructure primary 
NiAl-dendrites, which is a result of non-fully eutectic solidification. This is in good agreement with the updated 
thermodynamic modeling of the Ni-Al-Cr-Mo system done by Peng [8]. In addition, Förner et al. [7] present a 
feasibility study towards additive manufacturing of NiAl-(Cr,Mo). Because of the higher solidification rate, the 
non-eutectic alloy solidifies in a eutectic manner with phase distances of less than 10 nm.  
To exploit the full potential of the material class, a eutectic composition with a lamellar microstructure and fine 
phase distances is necessary. The aim of this research is to establish and characterize a novel eutectic NiAl-
(Cr,Mo) in-situ composite processed via electron beam powder bed fusion (PBF-EB/M). 

 
Materials and Methods 
The alloy development is realized with the in-house developed alloy design tool PyMultOpt. The tool is based on 
the CALPHAD (Calculation of Phase Diagrams) method and uses the updated thermodynamical calculations of 
the quaternary Ni-Al-Cr-Mo alloy system by Peng [8]. The software determines for various chemical compositions 
the difference between solidus temperature and liquidus temperature, which is described as the solidification 
interval. In this case, a small solidification interval is desired to obtain an optimal microstructure of the 
strengthening (Cr,Mo)-phase. Therefore, the composition is optimized towards a minimal solidification interval. 
Gas atomized powder by Praxair Surface Technologies GmbH was used and characterized with a Zeiss Axio Imager 
M1m light microscope (Carl Zeiss AG, Germany) and a Mastersizer 3000 particle size analyzer (Malvern 
Panalytical, United Kingdom). The optimized eutectic powder is processed via electron beam powder bed fusion 
on an Arcam A2 (GE Additive ς former: Arcam AB, Mölndal, Sweden). In total, 400 cuboids with a geometry of 
15x15x20 mm³ are produced to characterize the processability of the alloy. Therefore, a porosity and 
microstructural analysis is carried out. The area within 1 mm to the edge is neglected in order to analyze the bulk 
material properties. Each sample is divided into three sections: bottom, middle and top. The grain size is 
measured by the linear intercept method, and the phase distances is determined via scanning electron 
microscopy images.  
For a first classification of the mechanical properties creep tests are conducted. The creep tests are done on a 
pneumatic in-house-built creep testing machine at temperatures between 750 °C and 900 °C. The applied 
stresses are between 250 and 500 MPa. Cylindrical compression creep specimens with a height of 6 mm and a 
diameter of 4 mm are produced by wire electrical discharge machining.  
 
Results and Discussion 
Fig.1 summarizes the presented approach and characterization of the novel NiAl-(Cr,Mo) alloy. The optimization 
with the design tool PyMultOpt yielded a chemical composition of Ni-36Al-31.4Cr-2Mo and a solidification 
interval of around 0.3 °C. This is significantly lower than the so-believed eutectic 33Ni-33Al-28Cr-6Mo alloy, 
which exhibits a calculated solidification interval of 17 °C. Arc-melted samples as well as directional solidified 
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samples of the optimized alloy have shown a significantly refined microstructure consisting of lamellar (Cr,Mo)-
phase in the NiAl-matrix. With the processability study a process map, in which samples are categorized in 
porous, dense and bulged, is presented. The microstructural investigation exhibits a fine cellular microstructure 
with a dark NiAl-matrix and a bright discontinuous (Cr,Mo) network. The PBF-EB samples show an average grain 
size below 10 µm. In comparison, the grain size for directionally solidified samples of Ni-33Al-33Cr-1Mo with 
ǎƻƭƛŘƛŦƛŎŀǘƛƻƴ ǊŀǘŜǎ җ нрΦп mm/h measures around 200 µm [9]. This means, by processing via electron beam 
powder bed fusion an approximately 20-times finer grain can be achieved. The lamellae spacing follows the same 
trend. To examine the influence of the grain refinement, creep tests were conducted.  In general, a pronounced 
improvement compared to the intermetallic NiAl was observed.  As expected, the directionally solidified 
33Ni-33Al-28Cr-6Mo alloy exhibits good creep properties in build direction, whereas perpendicular to the build 
direction the properties decrease. The optimized NiAl-(Cr,Mo) alloy performs at 900 °C comparable to TiAl-based 
alloys, which are already used in industry for high temperature applications as an alternative for Ni-based 
superalloys. At 750 °C the optimized alloy performs slightly better than the TiAl-based alloy. In addition, the 
drawback of a strong anisotropy behavior as seen in the conventionally casted material could be reduced by 
processing the material via PBF-EB/M.  
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LƴǘǊƻŘǳŎǝƻƴ 
wŜŦǊŀŎǘƻǊȅ ŎƻƳǇƻǎƛǝƻƴŀƭƭȅ ŎƻƳǇƭŜȄ ŀƭƭƻȅǎ όw//!ύ ŀǊŜ ǇǊƻƳƛǎƛƴƎ ŎŀƴŘƛŘŀǘŜǎ ŦƻǊ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊǳŎǘǳǊŀƭ 
ŀǇǇƭƛŎŀǝƻƴǎΦ wŜŎŜƴǘƭȅΣ {ŜƴƪƻǾ ŀƴŘ ŎƻπǿƻǊƪŜǊǎ ώмϐ ǊŜǇƻǊǘŜŘ ŀ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ǿƛǘƘ ŎƻƘŜǊŜƴǘ ŎǳōƻƛŘŀƭ όŘƛǎƻǊŘŜǊŜŘ 
!нύ ǇǊŜŎƛǇƛǘŀǘŜǎ ƛƴ ŀƴ ƻǊŘŜǊŜŘ .н ƳŀǘǊƛȄ ȅƛŜƭŘƛƴƎ ǇǊƻƳƛǎƛƴƎ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊŜƴƎǘƘ ƛƴ ǘƘŜ !ƭπaƻπbōπ¢ŀπ¢ƛπ½Ǌ 
ǎȅǎǘŜƳΦ IƻǿŜǾŜǊΣ ǘƘŜ ŀƭƭƻȅ ƭŀŎƪǎ ŘǳŎǝƭƛǘȅ ŀǘ ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜΦ  
wŜǎǳƭǘǎ ŀƴŘ 5ƛǎŎǳǎǎƛƻƴ 
CƻƭƭƻǿƛƴƎ ŀƭƻƴƎ ŀōƻǾŜ ŎƻƴŎŜǇǘǳŀƭ ǇŀǘƘ ǿŜ ǊŜǾƛŜǿ ƘŜǊŜ ǘƘŜ ŎǳǊǊŜƴǘ ǎǘŀǘǳǎ ƻŦ ƻǳǊ ƛƴǾŜǎǝƎŀǝƻƴǎ ǿƛǘƘƛƴ ǘƘŜ ¢ŀπ
aƻπ¢ƛπ/Ǌπ!ƭ ǎȅǎǘŜƳΣ ǿƘƛŎƘ ŜȄƘƛōƛǘǎ ŀ ǇǊƻƳƛǎƛƴƎ ŎƻƳōƛƴŀǝƻƴ ƻŦ ǎǘǊŜƴƎǘƘ ŀƴŘ ƻȄƛŘŀǝƻƴ ǊŜǎƛǎǘŀƴŎŜ ŀǘ ŜƭŜǾŀǘŜŘ 
ǘŜƳǇŜǊŀǘǳǊŜǎ ώнϐΦ ¢ƘŜǊƳƻŘȅƴŀƳƛŎ ŎŀƭŎǳƭŀǝƻƴǎ ǿŜǊŜ ŜƳǇƭƻȅŜŘ ǿƛǘƘ ŀƴ ƛƴπƘƻǳǎŜ ŘŀǘŀōŀǎŜ ǘƻ ǇǊŜŘƛŎǘ ǎǇŜŎƛŬŎ 
ǘǊŀƴǎŦƻǊƳŀǝƻƴ ǎŜǉǳŜƴŎŜǎ ƻŦ ƻǊŘŜǊƛƴƎ ŀƴŘ ŘƛũǳǎƛƻƴπŎƻƴǘǊƻƭƭŜŘ ǇƘŀǎŜ ǎŜǇŀǊŀǝƻƴ ǿƛǘƘƛƴ ǘƘƛǎ ǎȅǎǘŜƳΦ !ǎ ƻōǎŜǊǾŜŘ 
ƛƴ ǘƘŜ ¢ŀπŦǊŜŜ ǎǳōǎȅǎǘŜƳ aƻ¢ƛ/Ǌ!ƭΣ !ƭ Ƙŀǎ ŀ ǎƛƎƴƛŬŎŀƴǘ ŜũŜŎǘ ƻƴ ǘƘŜ ƻǊŘŜǊƛƴƎ ǘǊŀƴǎƛǝƻƴ ŦǊƻƳ !н ǘƻǿŀǊŘǎ .н ώоϐΦ 
IƻǿŜǾŜǊΣ ƛƴ ǘƘŜ ŎŀǎŜ ƻŦ aƻ¢ƛ/Ǌ!ƭΣ ƴƻ ƳǳƭǝπǇƘŀǎŜ ŬŜƭŘ ǿŀǎ ŦƻǳƴŘ ŀƊŜǊ ǘƘŜ ƘƻƳƻƎŜƴƛȊŀǝƻƴΦ ¢ƘŜ ǎƛǘǳŀǝƻƴ 
ŎƘŀƴƎŜǎ ōȅ ǘƘŜ ŀŘŘƛǝƻƴ ƻŦ ¢ŀΣ ŀǎ ŀ ƳǳƭǝπǇƘŀǎŜ ŬŜƭŘ ƛǎ ǘƘŜǊƳƻŘȅƴŀƳƛŎŀƭƭȅ ǇǊŜŘƛŎǘŜŘ ώпϐΦ ¢ƘŜ ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ƻŦ 
ǘǿƻ ŎƻƳǇƻǎƛǝƻƴǎ όƘƛƎƘ ŀƴŘ ƭƻǿ ƛƴ !ƭύ ǿŜǊŜ ƛƴǾŜǎǝƎŀǘŜŘ ŜȄǇŜǊƛƳŜƴǘŀƭƭȅ ōȅ ǎŎŀƴƴƛƴƎ ŀƴŘ ǘǊŀƴǎƳƛǎǎƛƻƴ ŜƭŜŎǘǊƻƴ 
ƳƛŎǊƻǎŎƻǇȅΣ ǿƘƛƭŜ ǘƘŜ ǇƘŀǎŜ ǘǊŀƴǎƛǝƻƴǎ ǿŜǊŜ ŘŜǘŜǊƳƛƴŜŘ ōȅ ƳŜŀƴǎ ƻŦ ŘƛũŜǊŜƴǝŀƭ ǎŎŀƴƴƛƴƎ ŎŀƭƻǊƛƳŜǘǊȅΦ ¢ƘŜ 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ƻŦ ǘƘŜ ŀƭƭƻȅ ǿƛǘƘ ƘƛƎƘ !ƭ ŎƻƴŎŜƴǘǊŀǝƻƴ ŜȄƘƛōƛǘŜŘ ŀ .н ƳŀǘǊƛȄ ǿƛǘƘ !н ǇǊŜŎƛǇƛǘŀǘŜǎΤ ƛƴ ŎƻƴǘǊŀǎǘΣ ŀƴ 
!н ƳŀǘǊƛȄ ǿƛǘƘ .н ǇǊŜŎƛǇƛǘŀǘŜǎ ǿŀǎ ŦƻǳƴŘ ƛƴ ǘƘŜ !ƭπƭŜŀƴ ŀƭƭƻȅΦ ¢ƘŜ ƴŜŎŜǎǎŀǊȅ ǊŜŀŎǝƻƴ ǎŜǉǳŜƴŎŜǎ ŀǊŜ ŘƛǎŎǳǎǎŜŘ ƛƴ 
ŘŜǘŀƛƭ ŀƴŘ ǇǊƻǾƛŘŜ ƛƴŦƻǊƳŀǝƻƴ ŀōƻǳǘ ǘƘŜ ǇƘŀǎŜ ŘƛŀƎǊŀƳ ƴŜŎŜǎǎŀǊȅ ǘƻ ǊŜǇǊƻŘǳŎƛōƭȅ ƻōǘŀƛƴ ǘƘŜ ŘŜǎƛǊŜŘ ǘǿƻπǇƘŀǎŜ 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŜǎΦ aƛŎǊƻǎǘǊǳŎǘǳǊŀƭ ǇŜŎǳƭƛŀǊƛǝŜǎΣ ǎǳŎƘ ŀǎ ǎŜƎǊŜƎŀǝƻƴ ŀǘ ǇƭŀƴŀǊ ŘŜŦŜŎǘǎ ŀǎ ǿŜƭƭ ŀǎ ǘƘŜƛǊ ƛƳǇƭƛŎŀǝƻƴǎ 
ƻƴ ǘƘŜ ƳŜŎƘŀƴƛŎŀƭ ǇǊƻǇŜǊǝŜǎ ǿƛƭƭ ōŜ ŀƭǎƻ ŘƛǎŎǳǎǎŜŘΦ  
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Introduction 
High entropy alloys (HEA) consist of at least five elements (5-35 at.%) without a main alloy element [1-3]. Unlike 
conventional alloys, HEA are located in the middle of multi-dimensional phase diagrams. HEA are single solid 
solution phases, preferably with simple crystal structures, which means a combination of chemical complexity 
with topological order. This circumstance offers a whole new bunch of possible combinations of alloying 
elements with the potential to meet the increasing demands for high-performance materials. HEA are reported 
to possess promising properties, e.g., high strength and ductility [4]. While conventional alloys have been studied 
for decades, the relations between microstructure and the resulting properties of HEA remain mostly unknown 
[4]. Recent research focuses on a few known HEA, with a large amount of research on the face-centered cubic 
(fcc) Cantor alloy Cr-Mn-Fe-Co-Ni and the body-centered cubic (bcc) Senkov alloy Ti-Zr-Hf-Nb-Ta [1,2]. Only a few 
hcp HEA are known so far, with HoȤDyȤYȤGdȤTb (HEA-Fb, Feuerbacher alloy) being one of the very few single-
phase hcp HEA reported today [5,6]. The equiatomic HEA HoȤDyȤYȤGdȤTb with extraordinarily similar constituent 
elements is ideal for assessing the widely discussed high entropy effect of HEA. To assess this possible high 
entropy effect, the microstructures and tensile behavior of equiatomic alloys made from one to five rare earth 
elements were evaluated (see Fig. 1, [6]). 
 
Materials and Methods 
Single element alloys, equiatomic low, and medium entropy alloys were derived from the high entropy alloy HEA 
consisting of the elements Ho, Dy, Y, Gd, and Tb to vary the configurational entropy, see Fig. 1. Details on the 
compositions of the alloys, the alloy production via arc melting, specimen preparation, and tensile testing at 
room temperature (RT) as well as microstructure analysis via scanning electron microscopy (SEM), energy 
dispersive X-Ray spectroscopy (EDS) and X-Ray diffractometer (XRD) can be found in [6].  
Furthermore, a detailed microanalysis of HEA-Fb as well as the medium entropy alloy HoȤDyȤGdȤTb (4-Y) via 
(scanning) transmission electron microscopy ((S)TEM) was carried out with different microscopes. The TEM 
specimens were prepared via focused ion beam (FIB) Helios NanoLab 600. The microstructures of both alloys in 
the as-cast state and after their stress-strain curves were compared. Changes in their microstructures were 
assessed to understand their tensile behavior better. Bright-field (BF) and dark field (DF), high-angle annular dark 
field (HAADF) imaging in (S)TEM, STEM EDS elemental mappings and line scans, as well as diffraction patterns 
(DF) in (S)TEM, were conducted. 
 
Results and Discussion 
The results of this study enable the determination of the often-discussed high entropy effect of HEA using HEA-
Fb and other medium and low entropy alloys from the same elements with minimized solid solution 
strengthening (SSS). This alloy system is highly susceptible to oxidation, making sample preparation and testing 
challenging. In Fig. 1, all stress-strain curves are compared, with pure elements in Fig. 1 a), ductile alloys in Fig. 1 
b), and brittle alloys in Fig. 1 c). As the strength of all tested samples is comparable, minimized SSS is confirmed. 
At the same time, a direct correlation of the configurational entropy and the tensile behavior at RT is excluded 
for HEA-Fb. Interestingly, the alloys 2+Y, 3+Y, and HEA-Fb behave very brittle, while all other tested pure 
elements and alloys show a higher ductility during tensile tests. While HEA-Fb appears single phase in XRD and 
SEM EDS analysis, 2+Y, and 3+Y possess a Y-rich second phase at the grain boundaries, which explains their 
embrittlement. More details, e.g., on the tensile behavior and EDS elemental mappings, may be found in [6].  
For HEA-Fb and 4-Y, a detailed study via (S)TEM provides the first explanation for the differences in their tensile 
behavior. All specimens have a Mg-type hcp structure, and twinning is observed in the as-cast state. The twin 
grain boundary formation in HEA-Fb is slightly increased during tensile testing. However, while the brittle HEAȤFb 
contains only occasional dislocations after the tensile test, more dislocations were generated in the ductile 4-Y. 
Most dislocations were formed within the twins and along the interfaces of twins and parent material, creating 
outlines of the twin grain boundaries. Additional glide planes were observed in the alloys after tensile tests. By 
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this TEM analysis of the microstructures and formation of dislocations, the different tensile behavior of HEA-Fb 
and 4-Y can be reasoned.  
 

 
Fig. 1: Left: Stress-Strain curves from tensile testing of all alloys. Pure elements on top, ductile alloys in middle 
and brittle alloys in lower diagram [6]. Right: Compositions used in this work. The number elements, the and the 
denominations of these compositions are given. 

 

 
Fig. 2: 4-HAADF STEM image of 4-Y. The outlines of the twins (diagonal structures from upper left to lower right) 
indicate the formation of dislocations preferably at the interfaces. 
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Introduction 
The Al-Ge-Mg system has been studied in the past for its potential applications in the aerospace and automotive 
industries. The phase equilibria in the Al-Ge-Mg system were experimentally described already in 1958 by 
Badaeva [1] using methods of thermal analysis. Various vertical sections of the phase diagram were investigated. 
No ternary phase was mentioned in the paper [1] but several candidate phases have been later discussed in 
literature and stoichiometric ternary ̱-phase Al2Ge2Mg was identified in the work of Pukas et al. [2]. This phase 
was confirmed in our recent study [3], but the composition of the ternary phase was found to be off-
stoichiometric with the measured composition close to Al9Ge9Mg7, see Figure 1(a) and Ref. [3]. Considering this 
partly conflicting literature data, we have decided to use theoretical tools, in particular quantum-mechanical 
calculations, in order to shed some light on the experimental results.  
 
Methods 
Our ab initio calculations were performed using the Vienna Ab initio Simulation Package (VASP) [4,5]. We have 
employed projector augmented wave (PAW) pseudopotentials [6,7]. The exchange and correlation energy was 
treated within the generalized gradient approximation (GGA), in particular the Perdew-Burke-Ernzerhof (PBE) 
parametrization [8]. When calculating properties of off-stoichiometric states of the ̱-phase, we have used 
multiples of the 5-atomic unit cell of Al2Ge2Mg, see Figure 1(b), for example a 20-atom supercell shown in Fig. 
1(c) as a 2x2x1 multiple of the 5-atom cell. The plane-wave energy cut-off was equal to 520 eV. The product of 
the number of k-points in the reciprocal space and the number of atoms was equal to 10 240, i.e. a 16x16x8 k-
point mesh was used in the case of 5-atom cell of the stoichiometric Al2Ge2Mg, see Fig. 1(b) and a 8x8x8 mesh in 
the case of the 20-atom supercell as, e.g., that in Figure 1(c). The thermodynamic stability of both stoichiometric 
Al2Ge2Mg and its defects-containing off-stoichiometric variants AlxGeyMgz were assessed by calculating the 
formation energy Ef. In general, for a AlxGeyMgz the Ef is defined as: 
 

 Ef(AlxGeyMgz) = { Ef(AlxGeyMgz) ς ȄϊmAl ς ȅϊmGe ς ȊϊmMg }/(x+y+z)                                                                                                 (1)  
 

using the chemical potentials m, i.e. energies (per atom) of elements in their ground states, here face-centered 
Al, diamond-structure Ge and hexagonal close-packed Mg. The formation energy was evaluated for a series of 
Al2Ge2Mg defect-containing states in which atoms of one chemical species are replacing atoms of another 
element at its sublattice within the structure. Figure 1(c) shows a substitution of one Al atom at the Al sublattice 
by an Mg atom in an Mg-rich Al7Ge8Mg5 as an example. A chemical formula reflecting the composition of 
individual sublattices is (Al7,Mg1)Ge8Mg4.  
Next to the thermodynamic stability, we have also tested the mechanical stability by determining and analyzing 
a complete tensor of second-order elastic constants using the stress-strain method [9]. Further, the dynamic 
stability of a few selected compositions was examined by computing phonon modes employing the PHONOPY 
software [10].  
 
 
 
 
 
 
 
 
 
 

 
 

Fig. 1: The Al-Ge-Mg phase diagram for the temperature 250 °C (adapted from our paper [3]) including a region 
with the off-stoichiometric Al2Ge2Mg -̱phase (a). A 5-atom computational unit cell of the stoichiometric 
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Al2Ge2Mg intermetallics together with its 20-atom 2x2x1 multiple, which we used for our calculations of off-
stoichiometric states, are shown in parts (b) and (c), respectively. Part (c) visualizes a particular case when Mg 
replaces Al atoms at the Al sublattice (see the atom marked as MgAl). Please mind that some atoms are visualized 
with their periodic images.   
 
Results and Discussion 
Our calculations show that an off-stoichiometric Mg-rich Al7Ge8Mg5 as visualized in Fig. 1(c) has a formation 
energy lower than the stoichiometric Al2Ge2Mg (or, equivalently, its 2x2x1 multiple Al8Ge8Mg4) by 7 meV/atom. 
It means that the defect-containing state is thermodynamically more stable. Both Al2Ge2Mg and Al7Ge8Mg5 also 
exhibit elastic constants corresponding to mechanically stable systems, i.e. they fulfill all the conditions of 
mechanical stability [11]. Further, phonon frequencies of both intermetallics are all real, without any imaginary 
ones (so-called soft phonon modes), as an indication that both compounds are also dynamically stable.  
 
Importantly, the Al-Ge-Mg system is quite sensitive to the type of defects. Another type of substitution leading 
to the composition Al8Ge7Mg5, when an Mg atom replaces a Ge atom at the Ge sublattice, Al8(Ge7Mg1)Mg4, 
illustrates this sensitivity. This substitution results in (i) a significant increase of the formation energy by 71 
meV/atom with respect to the formation energy of the stoichiometric Al2Ge2Mg (Al8Ge7Mg5 is therefore much 
less thermodynamically stable) and also (ii) soft phonon modes which render the system dynamically unstable 
(it cannot exist unless externally stabilized).  
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Titanium alloys have been widely applied in biomedical, aerospace and chemical industries due to the 
exceptional strength-to-weight ratio, excellent corrosion resistance and good biological compatibility [1]. The 
microstructure, phase constituents of Ti alloys and their properties strongly depend on the composition and 
manufacturing procedure. Now, for an improved energy efficiency and reduced environmental effects, the 
development of novel Ti alloys with higher temperature resistance for gas turbine engines attracts considerable 
attentions. In a general manner, the conventional processing routes like casting for low-pressure turbine blades 
ƳŀŘŜ ŦǊƻƳ ʴ ǘƛǘŀƴƛǳƳ ŀƭǳƳƛƴƛŘŜǎ ƳƛƎƘǘ ǊŜǎǘǊƛŎǘ ǘƘŜ ǳǎŜ ƻŦ ǘƘŜǎŜ ƳŀǘŜǊƛŀƭǎ ǘƻ simple shapes and moderate 
dimensions due to relatively poor room temperature mechanical properties caused by processing defects. 
Therefore, alternative manufacturing routes including additive manufacturing are being investigated with the 
aim of producing complex-shaped titanium components achieving the geometrical, technical and functional 
properties. 
Regarding the development of advanced materials, we need to be able to analyze material properties during 
processing to ensure the ability to make performance predictions of components and the optimizations of 
material-specific requirements. A challenge is that properties data from handbooks and data repositories tend 
to be limited in the scope of materials (compositions) and/or the temperature ranges (processing conditions). 
The CALPHAD approach captures the composition and temperature dependence of properties as well as their 
temporal evolution for multi component alloys, which offers a unique and remarkable advantage to simulate for 
envisaged compositions or conditions.  
Lƴ ǘƘƛǎ ǘŀƭƪΣ ǿŜ ǿƛƭƭ ǇǊŜǎŜƴǘ ǘƘŜ ǎǳŎŎŜǎǎŦǳƭ ŜȄǘŜƴǎƛƻƴ ƻŦ ŀ /![tI!5 ŘŀǘŀōŀǎŜ ōȅ ƛƴŎƻǊǇƻǊŀǝƴƎ ǘƘŜǊƳƻǇƘȅǎƛŎŀƭ 
ǇǊƻǇŜǊǝŜǎ ŀƴŘ ŜȄŜƳǇƭƛŦȅ Ƙƻǿ /![tI!5 ōŀǎŜŘ ǘƻƻƭǎ Ŏŀƴ ōŜ ǳǎŜŘ ǘƻ ŀƛŘ ŀƭƭƻȅ ŘŜǎƛƎƴ ŀƴŘ ǇǊƻŎŜǎǎ ƻǇǝƳƛȊŀǝƻƴ ƻŦ 
ǝǘŀƴƛǳƳ ŀƭƭƻȅǎΦ 
¢ƘŜ ʴ-solvus temperature is one important reference temperature to develop heat treatment procedures of TiAl-
ōŀǎŜŘ ŀƭƭƻȅǎΦ CƛƎΦ м ǎƘƻǿǎ ŀ ŎƻƳǇŀǊƛǎƻƴ ōŜǘǿŜŜƴ ŜȄǇŜǊƛƳŜƴǘŀƭ ŀƴŘ ŎŀƭŎǳƭŀǘŜŘ ʴ-solvus temperatures for typical 
alloys using TCTI5 [2]. In most cases, the deviation is within ±20 °C which is represented by the two dashed lines. 
Thermal conductivity is usually an essential input for processing simulations. This transport property has been 
modeled in accordance with the principles of CALPHAD in TCTI5 database. Fig. 2 shows a comparison between 
measured and calculated thermal conductivity for a wide variety of commercial titanium alloys. The respective 
calculation is made by freezing-in the state at the typical heat treatment temperature of manufacture for each 
alloy. Deviations are expected because the thermal conductivity of alloys varies depending on the thermal-
mechanical processing and actual composition. The black solid line in the plot shows where calculated values are 
equal to experimental data. The blue dashed lines mark for 10% deviations while the red dashed lines are for 
20% deviations.  

 

  
Fig. 1: A comparison between experimental and 
ŎŀƭŎǳƭŀǘŜŘ ʴ-solvus temperatures.  

Fig. 2: A comparison between measured and 
calculated thermal conductivity of various Ti alloys at 
room temperature. 
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Introduction 
The demand for materials with superior structural and functional properties is constantly increasing, which leads 
to the development of new material systems that can meet these requirements. In this regard, alloy design is 
becoming increasingly reliant on physically meaningful simulation methods, such as phase field, density-
functional theory, and molecular dynamics simulations, as well as Calculation of Phase Diagrams (CalPhaD) 
calculations. 
Currently, a paradigm shift is underway in the CalPhaD approach to achieve an increase in physicality through 
the introduction of new thermodynamic models. These models are connected to physically reasonable 
descriptions, such as Einstein functions for heat capacity, instead of simple phenomenological polynomials [1]. 
This enables the development of a consistent thermodynamic description of solid and liquid phases in a 
multicomponent system over a wide temperature range. 
The purpose of this work is to contribute to this development by introducing a modelling approach that 
overcomes the drawbacks of the currently adopted models [2]. Specifically, the proposed approach reconsiders 
the thermodynamic description of crystalline solids in the range of instability and incorporates a physically 
meaningful description of thermal vacancies, which contribute significantly to the heat capacity at elevated 
temperatures [3]. 
To verify the applicability of the proposed models, the AlςNi system was chosen as a model system due to its 
combination of two unaries with vastly different melting temperatures and the presence of the high-melting B2-
ordered intermetallic phase AlNi (see Fig. 1) [4]. This study utilizes additional heat-capacity measurements of the 
intermediate intermetallic compounds at cryogenic and elevated temperatures, as well as ab initio calculations 
for the metastable and martensitic phases from literature, to generate a holistic and physically meaningful 
description of the thermodynamics of the AlςNi system. 
 
Materials and Methods 
The heat capacities of B2-AlNi and L12-AlNi3 were experimentally determined to provide a more comprehensive 
thermodynamic description of the AlςNi system. The corresponding alloys were prepared by arc-melting in Ar 
atmosphere using high-purity metal mixtures. The microstructures of the prepared alloys were investigated using 
complementary methods like electron-backscattered diffraction (EBSD), X-ray diffraction (XRD) and electron-
probe microanalysis (EPMA). To measure the heat capacity of the different intermetallics, the three-step 
continuous method was applied in a power compensated differential-scanning calorimeter in the temperature 
range of 100 K to 900 K. 
 
Results and Discussion 
The stoichiometric intermetallics B2-AlNi and L12-AlNi3 could be successfully produced by arc-melting, and their 
heat capacity was determined to aid in the development of a comprehensive thermodynamic modelling. 
Exemplarily, the heat capacity of the L12 phase is illustrated in Fig. 2 in comparison to the tentatively modeled 
heat capacity using the presently adopted models.  
These models include the hybrid Neumann-Kopp approach, which is based on the thermodynamic data of the 
individual unary descriptions and combines these with a phase-specific description of the Einstein-contribution 
to the heat capacity [5]. For that, in order to prevent artifacts, e.g., due to the melting of Al on the heat capacity 
of the intermediate compounds, the unary descriptions were updated using two-state models and physically 
based descriptions of thermal vacancies. 
Together with the available data in literature, where recently the thermodynamic properties of the peritectically 
forming phases Al3Ni and Al3Ni2 were investigated [6], a physically meaningful thermodynamic description of the 
whole system was developed. In addition, special aspects, such as site occupancies for varying chemical 
compositions and temperatures, were considered in the present thermodynamic description. Hereby, the 
interplay between constitutional vacancies, anti-site atoms, and thermal vacancies, and their effect on the 
thermodynamic properties of the phases was a crucial part of the present work. Based on the presently adopted 
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models, a holistic thermodynamic description of the AlςNi system was achieved, allowing the prediction of the 
phase stabilities and thermodynamic properties of stable and metastable phases in this system. 
The application of the four-sublattice models for the fcc-based (L10, L12) and bcc-based (B2, D03) phases, together 
with the incorporation of ab initio calculations from literature, enabled the consideration of aspects such as the 
martensitic transformation of AlNi-based B2 towards L10-like states on a physically profound basis, also in 
compositional regions where these transformations are highly unstable (e.g., for xAl җ рл ŀǘΦ҈ύΦ {ƛƴŎŜ ǘƘŜǎŜ 
considerations are of immense importance for the description of the transformation behavior of novel FeςMnς
AlςNi shape memory alloys, the present thermodynamic description not only further improves the applicability 
of thermodynamic calculations on prominent applications like superalloys but also opens up new possibilities for 
novel application fields for the AlςNi system. 
 

  
Fig. 1: Exemplary phase diagram of the AlςNi 
system, calculated using the thermodynamic 
description of Ref. [4]. 

Fig. 2: Calculated heat capacity of L12-AlNi3 in the 
indicated temperature range using the present 
thermodynamic models, illustrated as a black line. The 
colored points indicate the experimental heat capacity 
data, determined in the present work. 
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Introduction 
The CALPHAD (Computer Coupling of Phase Diagrams and Thermochemistry) method, a thermodynamic method 
for calculating phase equilibria, requires hypothetical compound energies and interaction parameters between 
compounds. In designing the interaction parameters between compounds, only the relationship between the 
major and minor elements in the sublattice has generally been described. While this simplifies the description of 
thermodynamic functions, it is problematic because it increases the number of interaction combinations when 
equal amounts of elements are present in a given sublattice. On the other hand, the full model, a sublattice 
model that includes all end members using crystallographic information, has been proposed [1]. An advantage 
of the full model is that the importance of the interaction parameters is reduced, however, the problem is that 
the design of the parameters becomes difficult due to the extremely large number of combinations. When the 
amount of experimental data is small, setting a large number of interaction terms can result in an evaluation that 
overfits the experimental data, leading to an overlearning situation.  
The precipitation of the G-phase (Ni16Mn6Si7) plays an important role in the long-term microstructural stability 
of steel [2]. Although several thermodynamic models have been reported for the G-phase in steel [3], the 
distribution of elements in the sublattice remains controversial due to a lack of experimental data. 
 
Methods 
In this study, a thermodynamic model with three sublattices reflecting the crystallographic information (cF116) 
of the G-phase was established, and a full model was developed assuming solid solution of six elements (Fe, Cr, 
Mn, Mo, Ni, Si) in each sublattice. First-principles calculations were performed to obtain data for the end-
members, and the description based on the assumption of the Neumann-Kopp rule was added. Several promising 
interaction parameters were then selected and fitted the experimental data. The fitting was carried out by 
variable reduction using Ridge and Lasso regression to avoid overfitting the experimental data while selecting 
important interaction parameters.  Figure 1 shows a schematic of the optimization of Ridge regression and 
higher-order polynomial function. Ridge regression can ensure prediction accuracy outside of the sample points 
without overfitting the sample points. 

 

 
       Fig. 1: Schematic of optimizations with Ridge regression (left) and higher-order polynomial (right). 
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Results and Discussion 
As a result, we were able to describe the experimental data without overfitting. This means an ability to describe 
the thermodynamic function of the G-phase without major parameter changes in specific experimental data or 
in the future when reference data can be obtained.  
The developed thermodynamic database reproduces different solid solution states of the G-phase. First, the 
difficulty of Fe entering the G-phase was clarified. This result does not support the previous experimental data, 
however, since the experimental data were obtained using APT and TEM, it is possible that some information of 
the matrix phase is mixed in. Second, we believe that the Si site is robustly realized with Si as the main element 
and other elements are difficult to enter the Si site. 
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Introduction 
High Entropy Alloys (HEAs) attracted massive interest in recent years as they are expected to withstand high 
temperatures and exhibit outstanding properties, such as high hardness, fracture toughness, fatigue, wear, and 
oxidation, as well as corrosion resistance [1]. HEAs consist of at least five different, often metallic, elements in 
equiatomic composition [2]. Due to the combination of various elements, one would expect a high affinity for 
forming intermetallic phases. However, the dominant feature of this material group, namely the high entropy or 
rather the high configurational entropy contribution, works against the decomposition of the alloy. In the present 
work, we focus on two sample systems, namely equimolar TiAlNbVMo and TiAlNbVMn alloys, and discuss their 
phase stability based on first principles calculations and experimental observations. 

 
Materials and Methods 
The calculations are based on Density Functional Theory implemented in the VASP package. All chemically 
disordered systems were modeled using Special Quasi-random Structures (SQS) obtained by the sqsgenerator 
tool [3]. The energetics were corroborated with coherent potential approximation (CPA) calculations 
implemented in the EMTO package.  
The thermodynamic stability evaluations were based on Gibss energy difference between the high entropy five-
component HEA and all possible decompositions into combinations of respective unary, binary, ternary, and 
quaternary alloys (all with equiatomic compositions), leading to overall 51 routes (see Fig. 1). We have considered 
all systems as disordered (SQS) structures and having a BCC structure. For the Mn-containing variant, we have 
additionally considered the hexagonal C14 phase for systems containing Mn. 
Lƴ ŀŘŘƛǘƛƻƴ ǘƻ ǘƘŜ ŎƘŀƴƎŜ ƻŦ ƳƛȄƛƴƎ ŜƴǘƘŀƭǇȅ ɲHmix, various entropy contributions to the Gibbs energy were 
considered. Most importantly, the change of ǘƘŜ ǾƛōǊŀǘƛƻƴŀƭ ŜƴǘǊƻǇȅΣ ɲSconf. Also, strain stabilization due to 
differences in specific volume, and time effects in the Debye harmonic approximation, were considered. 
Further computational details can be found in Ref. [4]. 

 

 

Fig. 1: Schematic figure showing a 125-atomic SQS 
representing BCC HEA, and 4 possible decomposition 
routes. 

Fig. 2: Change of the Gibbs free energy for 
various decomposition routes of the TiAlNbVMo 
BCC HEA. Positive values highlight 
thermodynamic force for decomposition. 
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Results and Discussion 
As a starting point, the mixing enthalpies of the systems were evaluated at zero temperature. Several elemental 
combinations yielding stable solid solutions have been identified. The VASP-SQS results are qualitatively 
confirmed by the EMTO-CPA method.  
In the next step, the entropy term has been included in the form of its configurational entropy contribution. This 
allowed calculating the Gibbs free energy of mixing by implicitly introducing temperature. Hence, an insight into 
the phase stability could be gained at different temperatures, and the stabilization effect of the configurational 
entropy was estimated. Our calculations predicted that the BCC TiAlNbVMo HEA was not fully stable down to 
room temperature (Fig. 2). The TiAlNbVMn HEA exhibited a driving force for decomposition up to more than 
1200 K. For this system also the HCP-C14 Laves phase has been considered as a decomposition product, which 
led to the same conclusion. 
Including contributions of vibrational entropy, using the harmonic Debye approximation shifts the transition 
temperature to lower values. Nonetheless, the effect is not significant enough, and neither TiAlNbVMo nor 
TiAlNbVMn represented stable BCC HEAs down to room temperature, even with this further stabilization. 
Moreover, it has been shown that the consideration of vibrational entropy could also lead to a destabilization of 
the HEAs for specific decomposition routes. 
The comparison with experimental methods gave insight into the microstructural evolution of the BCC HEAs. The 
TiAlNbVMo HEA has been observed to be stable at room temperature after heat treatment. While we could not 
observe any decomposition effects, a result disagreeing with the theoretical predictions, TiAlNbVMo is proposed 
to be a kinetically stabilized HEA. Therefore, it has good prerequisites for further alloy development. The 
experimental outcome for BCC TiAlNbVMn proves the existence of a two-phase BCC+HCP microstructure in 
accordance with the theoretical results. 
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Introduction 
Series of equiatomic RTX compounds, where R ς rare-earth element, T ς transition d-metal, and X ς p-block 
element were attracting attention for decades caused by their intriguing magnetic properties [1]. Quite recently, 
the interest was revoked to the RAuIn intermetallics [2,3] with non-centrosymmetric hexagonal ZrNiAl-type 
structure (an ordered ternary variant of the Fe2P-type), where in the case of antiferromagnetic coupling between 
nearest neighbors, the frustration of the magnetic interactions is induced by this topology leading to potential 
magnetic texture formation. Magnetic ordering was observed for almost all RAuIn compounds with magnetic 
rare-earths, except Sm, Pr, and Nd, despite the negative Weiss parameter for Pr and Nd [4] suggesting the 
presence of strong magnetic frustration. In the present work, we report growth, DFT study, and magnetic 
properties of NdAuIn and SmAuIn, accompanied by the detailed characterization of the new representative of 
the RAuIn series - ScAuIn compound. 

 
Materials and Methods 
Pure elements in form of Sc, Nd, and Sm pieces (99.9%), Au bars (99.999%), and In pieces (99.999%) were used 
for the preparation of alloys by conventional arc-melting technique followed by annealing in a vacuum at 500 (2 
weeks), 600 (2 weeks), and 800°C (1 week) and water quenching. All samples were characterized by the standard 
powder XRD, SEM/EDX, and DTA methods described in [5]. For the crystal growth of NdAuIn, a feed rod cast 
using a Hukin-type copper water-cooled crucible was used. The FZ crystal growth process with radiation heating 
was performed in a vacuum chamber under a flowing Ar atmosphere resulting in the NdAuIn single crystals of 
about 5 mm in diameter and 30 to 40 mm in length. The orientation of single crystals was determined by the X-
ray Laue back-scattered method. Single-crystal XRD data were collected using the complete sphere mode at 100, 
200, and 300 K. 
The DFT calculations were carried out with the Vienna Ab initio Simulation Package VASP v.5.4.4 (PAW-type 
potentials w/ and w/o spin-orbit coupling) and Elk v4.3.06 ς all-electron FP-LAPW code. The Perdew-Burke-
Enzerhoff exchange-correlation functional in the generalized gradient approximation (GGA) was used. Full 
geometry relaxation (atomic positions as well as lattice parameters) was achieved to calculate the enthalpy of 
formation. For machine learning, the support vector machines method (both classification and regression) was 
used. Magnetization measurements down to 1.8 K on a crystal were carried out in a SQUID-VSM from Quantum 
Design. All field-dependent measurements were done after a zero-field cooling procedure (ZFC). Further 
magnetic measurements in the temperature range of 0.43ς2.5 K were performed using SQUID equipped with an 
IHELIUM3 option. Specific heat was measured from 1.8 K to room temperature. 
 
Results and Discussion 
A crystal of NdAuIn was successfully grown using the optical floating zone technique. Single-crystal, powder XRD 
and SEM/EDX analysis confirmed that NdAuIn adopts a hexagonal ZrNiAl-type structure (space group P-62m) 
with almost equiatomic composition. The crystals extracted from as-cast alloys have a prismatic shape with a 
hexagonal cross-section and their morphology is in good agreement with the modeled using the Bravais-Friedel, 
Donnay-Harker (BFDH), which indicated the presence of {10-10} prism and {0001} basal pinacoid open forms. 
DTA analysis revealed that the NdAuIn phase melts congruently at 1136°C. The unit cell volume of NdAuIn linearly 
increases with temperature in the 100-олл Y ǘŜƳǇŜǊŀǘǳǊŜ ǊŀƴƎŜ ƎƛǾƛƴƎ ŀ ǘƘŜǊƳŀƭ ŜȄǇŀƴǎƛƻƴ ŎƻŜŦŦƛŎƛŜƴǘ όʰύ ƻŦ 
4.1(3)×10-5 K-1. Several crystals of a cubic/rectangular shape were cut from the main crystal after orientation 
using the Laue method (Fig. 1). The experimentally derived density of the NdAuIn crystals of 10.53(4) g/cm3 
appeared to reach 98.9% from the theoretical (dx = 10.652 g/cm3). 
A new representative of the RAuIn series was discovered in the Sc-Au-In system with a crystal structure that 
differs from other RAuIn compounds. The new ScAuIn compound was predicted to crystallize in the HfRhSn-type 
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structure (space group P-62c) by using the support vector machines classification method. The predicted lattice 
parameters appeared to be close to experimentally obtained after crystal structure determination from powder 
XRD data using a replica exchange MCMC sampling. The HfRhSn-type structure of ScAuIn could be derived from 
the ZrNiAl-type through group-subgroup relations (P-62m Ҧ ƪн Ҧ P-62c). 
DFT modeling of the NdAuIn compound was performed w/ and w/o spin-orbit coupling (soc) with semi-core f-
electrons treated as coǊŜ ǎǘŀǘŜǎΦ ¢ƘŜ ŎŀƭŎǳƭŀǘŜŘ ǾŀƭǳŜǎ ƻŦ ǘƘŜ ŜƴǘƘŀƭǇȅ ƻŦ ŦƻǊƳŀǘƛƻƴ όҍтпнΦупс ƳŜ±κŀǘƻƳ ǿκƻ 
ǎƻŎΣ ҍттпΦмфн ƳŜ±κŀǘƻƳ ǿκ ǎƻŎύ ŀǊŜ ǊŀǘƘŜǊ ŎƭƻǎŜ ōǳǘ ōƻǘƘ ŀǊŜ ƭŜǎǎ ƴŜƎŀǘƛǾŜ ƛƴ ŎƻƳǇŀǊƛǎƻƴ ǘƻ ǘƘŜ {Ŏ!ǳLƴ ǇƘŀǎŜ 
(-910.315 meV/atom) [5]. To shed more light on the bonding of NdAuIn and ScAuIn and check our assumption 
about their polarity nature, the calculations of the charge density, its difference, and electron localization 
function (elf) were performed. A strong deficit of the charge density on the Nd atoms, and an excess of the charge 
density on the Au1 and Au2 atoms, which form strong bonding with the nearest In atoms are observed. Bader 
ŎƘŀǊƎŜ ŀƴŀƭȅǎƛǎ ǊŜǾŜŀƭŜŘ ǘƘŜ ŦƻƭƭƻǿƛƴƎ ƴŜǘ ŀǘƻƳƛŎ ŎƘŀǊƎŜǎΥ bŘ όҌмΦпнсύΣ !ǳм όҍмΦомсύΣ !ǳн όҍмΦптфύΣ Lƴ όҍлΦллмύΦ 
The obtained charge redistribution among the elements in the NdAuIn compound is in good agreement with the 
ŘƛŦŦŜǊŜƴŎŜ ƛƴ ŜƭŜŎǘǊƻƴŜƎŀǘƛǾƛǘȅ όtŀǳƭƛƴƎ ǎŎŀƭŜύ ƻŦ ǘƘŜ ŎƻƴǎǘƛǘǳŜƴǘǎΥ ˔όbŘύ Ґ мΦмпΣ ˔ό!ǳύ Ґ нΦрпΣ ˔όLƴύ Ґ мΦтуΣ ǿƘŜǊŜ 
the Au atoms as the most electronegative attract electron density, while the Nd atoms as the least 
electronegative - lose it. Analysis of the density of electronic states distribution of ScAuIn, NdAuIn, and SmAuIn 
reveals the absence of the band gap near the Fermi level (EF) predicting its metallic type of conductivity. The 
theoretically derived Sommerfeld constant for the ScAuIn compound is = 2.85 mJ/K2mol.  

 

  
Fig. 1: The oriented and cut along the 6-fold 
hexagonal axis crystal of NdAuIn. 

Fig. 2: Molar magnetic susceptibility of the NdAuIn 
crystal with the field parallel to the six-fold axis (H || 
c) 

 
Magnetization measurements of the NdAuIn crystal (Fig. 2) with the field parallel and perpendicular to the six-
fold axis of the crystal revealed that NdAuIn is a Curie-Weiss paramagnet down to 25 K. The calculated effective 
ƳŀƎƴŜǘƛŎ ƳƻƳŜƴǘ ƛǎ оΦсмόмύ ŀƴŘ оΦспόмύ ˃B/Nd for the magnetic field parallel and perpendicular to the six-fold 
axis of the crystal, with Weiss parameters of -0.562 and -17.044 K, respectively. The compound exhibits 

antiferromagnetic ordering at 2.3 K (H || c) and 2.5 K (H ̂ c), which agrees with the specific heat results. Crystals 
of the SmAuIn intermetallic also reveal Curie-Weiss behavior with antiferromagnetic ordering at TN = 7.1 K. 
ScAuIn is a Pauli paramagnet with magnetic susceptibility of ~6×10-5 emu/mol (300 K). The Sommerfeld 
ŎƻŜŦŦƛŎƛŜƴǘ ʴ ƻŦ нΦу ƳWκY2mol derived from the specific heat measurements is comparable with that obtained 
from the DFT calculations. The distortion of the triangular rare-earth sublattice introduced in the HfRhSn-type 
structure can be expected to strongly influence the magnetic behavior, in particular considering the tendency to 
magnetic frustration effects in RTX compounds. 
 

¢ƘŜ ŀǳǘƘƻǊǎ ǘƘŀƴƪ ¦Φ bƛǘȊǎŎƘŜ ŦƻǊ ǘŜŎƘƴƛŎŀƭ ŀǎǎƛǎǘŀƴŎŜ ƛƴ ǊǳƴƴƛƴƎ ǘƘŜ 5C¢ ŎŀƭŎǳƭŀǝƻƴǎ ƻƴ ǘƘŜ L¢CκLC² ŎƻƳǇǳǘŜ 
ŎƭǳǎǘŜǊΦ ¢Ƙƛǎ ǿƻǊƪ ǿŀǎ ǎǳǇǇƻǊǘŜŘ ōȅ ǘƘŜ .a.C ¦Yw!¢ht ǇǊƻƧŜŎǘ όлм5YмуллнύΣ 5CD /ƻƭƭŀōƻǊŀǝǾŜ wŜǎŜŀǊŎƘ 
/ŜƴǘŜǊ {C.ммпо όǇǊƻƧŜŎǘ .лмΣ ǇǊƻƧŜŎǘπƛŘ нптомллтлύΣ aΦ[Φ!Φ ŀŎƪƴƻǿƭŜŘƎŜǎ ǎǳǇǇƻǊǘ ŦǊƻƳ ǘƘŜ !ƭŜȄŀƴŘŜǊ Ǿƻƴ 
IǳƳōƻƭŘǘ CƻǳƴŘŀǝƻƴ ǘƘǊƻǳƎƘ ǘƘŜ DŜƻǊƎ CƻǊǎǘŜǊ ǇǊƻƎǊŀƳΦ [Φ¢Φ/Φ ƛǎ ŦǳƴŘŜŘ ōȅ ǘƘŜ 5CD όǇǊƻƧŜŎǘπƛŘ прсфрлтссύΦ 
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Introduction 
Mechanical twinning is one of the most common deformation mechanisms, which plays significant role in 
perspective functional materials e.g., shape memory alloys. This kind of deformation occurs, when local shear 
stress, i.e., twinning stress, is large enough for a twin to nucleate and propagate [1]. For theoretical estimation 
of twinning stress, general planar fault energy curves (GPFE) minima and maxima can be used [2]. These curves 
represent energies during twin nucleation in the form of intrinsic stacking fault (ISF) and its consequent growth.  
The theory of mechanical twinning is very well developed for cubic and hexagonal materials [3], in which this 
type of deformation occurs often due to high strain rate or limited dislocation slip at low homologous 
temperatures or when the number of slip systems is limited. Mechanical twins can be observed also in fcc 

materials with low stacking fault energy [4]. Here, Shockley partial dislocations on ρρρ planes with Burgers 

vector ὦᴆ equal to ὥȾφϽρρς are responsible for shearing crystal planes into mirrored positions.  In face-centred 
materials, where c/a ratio differs from 1, such as Ni2MnGa or Ni2FeGa shape memory alloy martensites, the 

situation is complicated due to geometrical reasons, as ὦᴆ ὥȾφϽρρς does not lead to perfect mirror positions. 
Hence, the scaling factor different than 1/6 have been developed recently and is equal to previously reported 
shear deformation [4]. The final shearing vector is given by formula [5]: 

ίᴆ
ρ

ς

ςὧȾὥ ρ

ςὧȾὥ ρ
ϽρρςȢ                                                                          ρ 

Here we present GPFE curves of three intermetallic materials: -ɹTiAl, Ni2MnGa and Ni2FeGa with different c/a 
ratios to show the effect of tetragonality. The effect of structural optimization during shear deformation was 
studied as well. 
 
Materials and Methods 
We performed calculations using the spin-polarized DFT method implemented in the Vienna Ab Initio Simulation 
Package (VASP) [6]. The electron-ion interaction was described by the potential based on projector augmented-
waves [7, 8]. The electron exchange and correlation energy were treated within the generalized gradient 
approximation in the Pedrew-Burke-Ernzerhof formalism [9]. 
In this study, we considered three different intermetallic materials ς -ɹTiAl, a material widely used in aerospace 
due to its low density and high corrosion and heat resistance, which exhibits c/a = 1.016. Thus, using the Eq. 1, 

ȿίᴆȿȾὦᴆ ratio is equal to 1.06. As the counterpart with c/a < 1, Ni2FeGa ferromagnetic shape memory alloy was 

used. c/a ratio of this material is 0.953 and  ȿίᴆȿȾὦᴆ is equal to 0.87. As a representative of even lower c/a ratio, 

namely 0.801, the non-modulated martensite of Ni2MnGa ferromagnetic shape memory alloy represented by 

tetragonally deformed L10 structure was chosen. ȿίᴆȿȾὦᴆ of this alloy is 0.663 

All three compounds were modelled by monoclinic supercell with 32 atoms in 8 ρρρ layers. After structural 

optimization of the lattices the GPFE curves were calculated by shearing n successive ρρρ layers in a supercell 

along the ρρς direction in similar way as explained for example in Ref. [2]. The minimum corresponding to ISF 

was found by continuous translating (sliding) layers 5ς8 relative to layers 1ς4 about 1/14ὦᴆ. The two-layer and 
three-layer twins were obtained by further translating (sliding) of layers 6ς8 and 7ς8, respectively, starting from 
the minimum estimated in the previous step. 
   
Results and Discussion 
Lƴ ʴ-TiAl alloy, the theoretical values of shearing vector are in perfect agreement with our calculations, when the 

structure is not optimized. The ȿίᴆȿȾὦᴆ ratio is equal to 1.06 independently on twin thickness, which is very close 

to the predicted value. The optimization changes the situation on ISF, where the ȿρίᴆȿȾὦᴆ shortens to 1.00 which 

is slightly lower value than expected. The shortening does not appear for wider twins, where average ȿίᴆȿȾὦᴆ is 



 

сн 

ǎǘƛƭƭ Ŝǉǳŀƭ ǘƻ мΦлсΦ Lƴ ǘƘŜ ŎŀǎŜ ƻŦ ʴ-TiAl, tetragonality of the lattice has very limited impact, because the deviation 

of ίᴆ from ὦᴆ ρȾφρρς is negligible.  

The non-optimized GPFE curve of Ni2FeGa displayed on Fig. 1(a) exhibits minimum for ISF at ȿίᴆȿȾὦᴆ equal to 0.87 

which corresponds very well to the predicted value. The magnitude of ίᴆ decreases even more for wider twins, as 

the values of ȿςίᴆȿȾὦᴆ and ȿσίᴆȿȾὦᴆ are smaller than predicted values of 1.74 and 2.61, respectively. Structural 

optimization results in the increased magnitude of ίᴆ. However, the optimized twins magnitudes of ίᴆ never reach 
the integer numbers, the energies of optimized and non-optimized twins are very different too. This may be 
caused by disadvantageous geometry of ideal twin boundary. Although the energy of thicker twins should 
converge to a constant value which is ŦǳǊǘƘŜǊ ƛƴŘŜǇŜƴŘŜƴǘ ƻƴ ǘƘŜ ǘǿƛƴ ǘƘƛŎƪƴŜǎǎ ŀǎ Ŏŀƴ ōŜ ǎŜŜƴ ƛƴ ǘƘŜ ŎŀǎŜ ƻŦ ʴ-
TiAl, the energy of three-layer twin in Ni2FeGa is about 25% bigger, then energies of ISF and two-layer twin. It 
indicates a strong mutual interaction of twin boundaries for twins with small thickness.   
The situation becomes even more complicated in similar ferromagnetic shape memory alloy ς non-modulated 

martensitic phase of Ni2MnGa alloy, depicted on Fig. 1(b). Here, the non-optimized ISF occurs at ȿρίᴆȿȾὦᴆ = 0.79, 

which is much more than expected value of 0.663. Then, the values of ȿςίᴆȿȾὦᴆ and ȿσίᴆȿȾὦᴆ are 1.28 and 1.90 

respectively, slightly lower than predicted. Optimization of internal parameters leads to even higher ȿρίᴆȿȾὦᴆ of 

ISF = 0.91. This effect is much less significant for wider twins. In this material the interaction of adjacent twin 
boundaries results in even higher stability of two-layer twin than detwinned structure [10].  
To summarize our work, here the completely new approach is applied on Burgers vector calculations. Rescaled 
.ǳǊƎŜǊǎ ǾŜŎǘƻǊǎ ŀǊŜ ǾŜǊȅ ǇǊŜŎƛǎŜ ƛƴ ǘƘŜ ŎŀǎŜ ƻŦ ʴ-TiAl alloy and are acceptable for wider twins of investigated 
shape memory alloys. However, their intrinsic stacking faults need to be examined carefully, as the ideal twin 
geometry is not energetically advantageous. Structural relaxation also has non-trivial effect on GPFE minima 
position.
  

  

Fig. 1: Comparison of Ni2FeGa (a) and Ni2MnGa (b) GPFE curves  
 
Acknowledgement 
The authors acknowledge the Czech Science Foundation for the financial support within the Project No. 21-
06613S.  The theoretical calculations were performed at the IT4I facilities, which are supported through the 
project e-INFRA CZ [ID:90140]. 
 
References 
[1] P.M. Anderson, J.P. Hirth, J. Lothe, Theory of Dislocations, 3rd ed., Cambridge, University Press, Cambridge, 
England, 2017. 
[2] J. Wang, H. Sehitoglu, Acta Materialia, 2013, 61, 6790ς6801. 
[3] J. Wang, J.P. Hirth, C.N. Tomé, Acta Materialia, 2009, 57, 5521ς5530.  
[4] J.W. Christian, S. Mahajan, Progress in Materials Science, 1995, 39, 1ς157.  
ώрϐ aΦ ½ŜƭŜƴȇΣ !Φ hǎǘŀǇƻǾŜǘǎΣ [Φ CǊƛŘǊƛŎƘΣ tΦ ~ŜǎǘłƪΣ aΦ IŜŎȊƪƻΣ ¢Φ YǊǳƳƭΣ tƘƛƭƻǎƻŦƛŎŀƭ aŀƎŀȊƛƴŜΣ 2023, 103, 119ς
136.  
ώсϐ DΦ YǊŜǎǎŜΣ WΦ CǳǊǘƘƳǸƭƭŜǊΣ tƘȅǎƛŎŀƭ wŜǾƛŜǿ .Σ мффсΣ рпΣ мммсфΦ 
ώтϐ DΦ YǊŜǎǎŜΣ WΦ CǳǊǘƘƳǸƭƭŜǊΣ /ƻƳǇǳǘŀǝƻƴŀƭ aŀǘŜǊƛŀƭ {ŎƛŜƴŎŜΣ мффсΣ сΣ мрΦ 
ώуϐ tΦ 9Φ .ƭǀŎƘƭΣ tƘȅǎƛŎŀƭ wŜǾƛŜǿ .Σ мффпΣ рлΣ мтфроΦ 
[9] J. P. Perdew, K. Burke, M. Ernzerhof, Physical Review Letters, 1996, 77, 3865. 
[10] M. Zelený, L. Straka, A. Sozinov, O. Heczko, Physical Review B, 2016, 94, 224108.  

ȿίᴆȿ/ ὦᴆ ȿίᴆȿ/ ὦᴆ 

(ὥ)  (ὦ)  



 

со 

SCP8.4  
Ab initio Investigation of Intermetallic Phases in the Ge-Mg-Sn Ternary System 

hƴŘǌŜƧ CƛƪŀǊ1, Martin Zelený1, 2   
 

1Faculty of Mechanical Engineering, Brno University of Technology, Brno, Czech Republic, 
Ondrej.Fikar@vutbr.cz, Zeleny@fme.vutbr.cz 

2LƴǎǘƛǘǳǘŜ ƻŦ tƘȅǎƛŎǎ ƻŦ aŀǘŜǊƛŀƭǎΣ /ȊŜŎƘ !ŎŀŘŜƳȅ ƻŦ {ŎƛŜƴŎŜǎΣ ¿ƛȌƪƻǾŀ ннΣ .Ǌƴƻ смс ллΣ Czech Republic 
 

Introduction 
Ge-Mg-Sn is a perspective system that has been recently given attention for its potential thermoelectric, 
photovoltaic or even medical application [1-3]. In the binary subsystems there are two intermetallic compounds 
present, namely Mg2Ge and Mg2Sn, which have the same anti-fluorite crystal lattice [4]. Also, a hexagonal ternary 
intermetallic compound Mg6Ge1Sn2 has been reported to be very close above the Mg2Ge-Mg2Sn convex hull [5]. 
The stability of this ternary intermetallic with temperature has not been studied yet, which is the main objective 
of this work to investigate. Also, the composition of this metastable ternary compound lies directly in the quasi-
binary diagram Mg2Ge-Mg2Sn, which has been investigated as well to assess the solubility in the binary 
intermetallics.  
 
Methods 
This work was carried out using ab initio methods based on Density Functional Theory (DFT) [6] and phonon 
calculations. DFT calculations were performed using Vienna Ab Initio Simulation Package [7, 8] to investigate the 
energy of all phases at 0 K. The exchange-correlation energy was approximated using Generalized Gradient 
Approximation (GGA) with the parametrization of Perdew, Ernzerhof and Burke (PBE) [9]. Projector Augmented 
Waves (PAW) [10, 11] were used to describe the set of basis functions. The temperature dependent energy 
contributions were calculated using Phonopy [12]. Vibrational Helmholtz energy was determined using finite-
displacement method and the energy contribution of thermal expansion was calculated from quasi-harmonic 
approximation.  
 
The plane-wave energy cut-off for Mg2Ge and Mg2Sn was set to 600 eV and a 10x10x10 k-point mesh was used. 
To calculate the forces acting on atoms within the finite-displacement method supercells containing 96 atoms 
with a mesh of 15x15x15 points for subsequent phonon calculations were used for both binary intermetallics. In 
case of the ternary intermetallic compound the energy cut-off of 600 eV and the k-point mesh of 8x8x18 points 
were used. Supercell for this compound contains 108 atoms and the mesh for phonon calculations comprise of 
11x11x26 points. The supercell approach was employed as well to create a model for solid solubility calculation. 
In both 96-atom supercells of Mg2Ge and Mg2Sn one atom (or two atoms) of Ge was substituted with an Sn atom 
and vice versa. The inclination to form a substitutional solid solution can be approximately assessed from these 
supercells. 
 
In order to assess the phase stability, the energy of formation Ef was calculated for all investigated phases, 
including the solid solution supercells, as: 
 

Ὁ Ὁ ὼὃὉ ὼὄὉ ὼὅὉ , (1) 

 
where the ABC denotes a general intermetallic phase, Etot denotes total energies of the intermetallic phase and 
pure elements it consists of, and x(A), x(B) and x(C) are molar fractions of respective elements contained in the 
intermetallic phase.  
 
Results and Discussion 
All three intermetallic phases (Mg2Ge, Mg2Sn, Mg6Ge1Sn2) as well as solid solution supercells and all pure 
elements for reference were investigated using the methods mentioned in the previous section. From 
calculations at 0 K using Eq. 1, it has been confirmed that both binary intermetallic phases are significantly more 
stable than the respective pure elements as well as the metastable nature of the ternary Mg6Ge1Sn2 [5, 13]. To 
illustrate this confirmation, the energies of formation Ef of these intermetallics related to the pure elements are 
shown in Fig. 1. The dashed line in the Fig. 1 represents the Mg2Ge-Mg2Sn convex hull. Additionally, the formation 
energies of solid solutions are included in the Fig. 1.  
 
The energy of solid solution supercell on the side of Mg2Ge lies 1,3 meV/atom above the convex hull. This 
indicates that at 0 K this solid solution is not stable, but it is close enough to the convex hull it should easily 
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stabilize with increasing temperature. On the other hand, the energies of formation of solid solution supercells 
containing one or two substitutional Ge atoms in Mg2Sn lie 0,06 and 1,2 meV/atom above the convex hull 
respectively. A difference this small suggests a limited solubility starts to appear at very low temperatures on this 
side of the quasi-binary diagram. These results are in good agreement with current, admittedly quite limited, 
understanding of this quasi-binary system [14, 15]. A further investigation of this system is planned in order to 
predict the solvus lines.  
 
Temperature dependent thermodynamical quantities were calculated using the finite displacement method and 
quasi-harmonic approximation. As an example, heat capacities at constant volume for selected intermetallic 
phases are shown in the Fig. 2. The heat capacities of the solid solutions follow the respective binary 
intermetallics very closely, which should be expected, because of very similar chemical composition. Overall, the 
results for binary intermetallics agree very well with previously published experimental and theoretical works 
[13, 16, 17].  
  

  

Fig. 1: Energies of formation Ef of investigated 
phases.  

Fig. 2: Calculated heat capacities at constant volume of 
selected phases. 
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Introduction 
The binary intermetallic compound Nb2Co7 has a complex monoclinic layered crystal structure with a space group 
of C2/m, mC18 [1]. Authors have recently elucidated that Nb2Co7 is classified into a novel crystalline type named 
άƳƛƭƭŜ-ŦŜǳƛƭƭŜ ǎǘǊǳŎǘǳǊŜέ όaC{ύ ƳŀǘŜǊƛŀƭ ǘƘŀǘ ŜȄƘƛōƛǘǎ ŜȄŎŜƭƭŜƴǘ ƳŜŎƘŀƴical properties due to kink formation 
during compressive deformation [2]. Authors have also clarified that Nb2Co7-Co solid solution dual-phase 
microstructure can be obtained in the Co-Nb binary system by appropriate heat treatment, and it is expected to 
be applied as a hybrid-type MFS material. On the other hand, a metastable L12 Co3Nb phase has been found to 
form in the Co-Nb binary system [3]. However, the phase stability of L12 Co3Nb and its influence on the 
subsequent microstructure evolution have been poorly understood. In the present study, various Co-Nb binary 
alloys are investigated both experimentally and theoretically to evaluate the phase stability of L12 Co3Nb and the 
potential for microstructure design by utilizing it. 

 
Materials and Methods 
A Co-3.9 at% Nb alloy was cast into a f20mm cylindrical ingot, and f3×3mm cylindrical samples were cut out. The 
samples were solution heat-treated (SHT) at 1240°C for up to 10h in a differential thermal analyzer (DTA) to 
attain a single-phase fcc-Co solid solution. Subsequently, the samples were subjected to isothermal heat 
treatments at 700/900/1000°C for up to 3000h to promote various phase transformations and precipitation 
processes. Microstructure and crystal structure were investigated by scanning electron microscopy (SEM), 
transmission electron microscopy (TEM), X-ray diffraction (XRD), and electron backscatter diffraction (EBSD). 
For the computational study, 264 fcc-based ordered structures were prepared, and their structure energies were 
evaluated by first-principles calculations. Effective cluster interaction (ECI) energies of many-body clusters were 
then estimated by the cluster expansion method. The metastable phase diagram of the fcc phase in the Co-Nb 
binary system was constructed by introducing these ECI energies directly into the Monte Carlo method. A grand 
canonical ensemble that fixes chemical potentials was applied to calculate phase boundaries. On the other hand, 
thermodynamic quantities such as internal energy were evaluated by the canonical ensemble. 

 
Results and Discussion 
During cooling from SHT at 1240°C to room temperature, a prominent DTA exothermic peak is observed in the 
Co-3.9 at% Nb alloy at 791°C, although there is no phase boundary in the equilibrium phase diagram. The 
microstructure after the SHT appears as a single-phase fcc-Co solid solution without any visible precipitates 
observed by SEM. However, a detailed high-resolution TEM analysis reveals that it contains finely dispersed L12-
ordered regions with a significantly increased Nb content, while Nb-depleted regions only show a basic fcc 
structure, as shown in Fig. 1 [3]. Although the boundaries of the L12-ordered regions are indistinct, the L12 
ordering is also confirmed by XRD. These results indicate that the L12 ordering from Nb supersaturated fcc-Co 
solid solution occurs at 791°C.  
L12 Co3Nb is estimated as the most stable structure at the composition of Co-25 at% Nb by the first-principles 
calculations at the ground state. A clustering of the L12-ordered Co3Nb regions is also confirmed at the initial 
stage of aging in Co-4 at% Nb alloy by the Monte Carlo simulation. Figure 2 shows the calculated metastable 
phase diagram of the fcc phase in the Co-Nb binary system determined by the Monte Carlo method. Red circles 
are the phase boundaries calculated by the grand canonical ensemble, while blue triangles represent the order-
disorder transition points calculated from peaks of differential values of the internal energies, which are 
determined by the canonical ensemble. In the Co-3.9 at% Nb alloy, the experimentally observed clusters shown 
in Fig. 1 should be related to the L12 Co3Nb in the fcc-Co matrix because the experimentally observed order-
disorder transition temperature of 791°C (1064K) is located in the fcc-L12 Co3Nb dual-phase region in the 
calculated metastable phase diagram. Therefore, the calculated results are consistent with the experimental 
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ones. However, the calculated order-disorder transition point for the Co-4 at% Nb alloy is 1205K. The discrepancy 
between the experimental and calculated results is probably due to the undercooling effect of DTA and the 
inappropriate evaluation of ECIs, which will be modified in future works. 
During isothermal heat treatment, the equilibrium Nb2Co7 phase forms with a plate-like morphology, having a 
specific crystallographic orientation relationship with the hcp-Co matrix. The microstructure of the samples in 
which L12 Co3Nb is formed before isothermal heat treatment is much finer than that of the samples without 
forming L12 Co3Nb, indicating that Co3Nb acts as a nucleation site for Nb2Co7. Therefore, the Nb2Co7-Co solid 
solution dual-phase microstructure is expected to be extensively controlled by utilizing metastable L12 Co3Nb. 
 
  

Fig. 1: (a) HAADF-STEM image of Co-3.9 at% Nb alloy 
after SHT at 1240°C, (b) magnified image of the area 
marked with the orange square, (c) respective FFT 
image, (d) FFT image from the area marked with the 
blue square in (a) [3]. 

Fig. 2: Metastable phase diagram of the fcc phase in the 
Co-Nb binary system determined by the Monte Carlo 
method. 
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Introduction 
aŀǘŜǊƛŀƭǎ ǿƛǘƘ άƳƛƭƭŜ-ŦŜǳƛƭƭŜ ǎǘǊǳŎǘǳǊŜέ όaC{ύ ƘŀǾŜ ŀǘǘǊŀŎǘŜŘ ŀǘǘŜƴǘƛƻƴ ƛƴ ǊŜŎŜƴǘ years because of their excellent 
mechanical properties due to the unique deformation mechanism caused by kink formation [1]. MFS materials 
can be categorized into (1) crystalline type, (2) microstructure type, and (3) hybrid type. A crystalline MFS 
material is expected to be applied to a hybrid MFS material. However, a novel crystalline MFS material has not 
been easily found. Authors have reported that an intermetallic compound Nb2Co7, which has a complex layered 
structure (mC18) [2], is a novel crystalline MFS material with good compressive deformation properties [3,4] and 
that Nb2Co7-Co solid solution dual-phase microstructure can be obtained in a heat-treated Co-3.9Nb alloys. 
However, the mechanical properties and deformation behavior of a Nb2Co7-Co solid solution dual-phase alloys 
have been poorly understood. In the present study, compressive deformation behavior and microstructural 
evolution of a Nb2Co7-Co solid solution dual-phase alloys are investigated mainly focusing on kink formation. 

 
Materials and Methods 
The Co-1.0, 2.0, 3.9 at% Nb alloys were vacuum induction melted and were cast as 2˒0×200mm cylindrical ingots. 
The samples were cut into 1.5×1.5×3mm3 or 2×2×4mm3 rectangular parallelepiped samples. The samples were 
solution heat-treated (SHT) at 1240°C for 1h in the differential thermal analyzer (DTA) to attain a single-phase 
fcc-Co solid solution. Some samples were subsequently cooled to 900°C and heat-treated for 1h to precipitate 
Nb2Co7. Others were subsequently cooled to room temperature resulting in a fine dispersion of metastable L12 
Co3Nb phase, followed by a heat treatment at 900°C for 1h. Uniaxial compression tests were carried out with a 
strain rate of 3.75×10-4/s or 1.0×10-4/s. Microstructure and crystal structure were investigated by scanning 
electron microscopy (SEM) and electron backscatter diffraction (EBSD) before and after the tests. 
 
Results and Discussion 
After the heat treatment, Nb2Co7 precipitates at grain boundaries and within grains in all the samples. The 
amount of the precipitated Nb2Co7 increases with increasing Nb content. The Nb2Co7 precipitated within grains 
shows plate-like morphology, having a specific crystallographic orientation relationship with the hcp-Co matrix. 
In the samples with metastable L12 Co3Nb, Nb2Co7 is more finely dispersed than in those without L12 Co3Nb 
because Co3Nb acts as a nucleation site for Nb2Co7. The resultant compressive stress-nominal strain curves are 
shown in Fig.1. The compressive stress-nominal strain curve for single-phase Nb2Co7 is also shown in the figure 
for comparison. The 0.2% flow stresses for the Nb2Co7-Co solid solution dual-phase alloys increase with 
increasing Nb content. In addition, the strength and ductility of the alloys are relatively higher than those of a 
single-phase Nb2Co7. 
The results of detailed EBSD analyses for the Co-3.9 at% Nb alloy without metastable L12 Co3Nb before and after 
the compression test are shown in Fig.2. The Co matrix around Nb2Co7 has an hcp structure. Although Nb2Co7 is 
considered to precipitate along the lower IQ regions, it is not identified as Nb2Co7 but as an hcp-Co matrix 
because of the extremely thin thickness of the precipitated Nb2Co7. Strain accumulation is also observed around 
Nb2Co7 after the compression test, suggesting that Nb2Co7 acts as a barrier to dislocation glide, and hence higher 
strength is attained in the manner of precipitation strengthening by Nb2Co7. As shown in the figure, a kink-like 
structure has formed on some sample surfaces without any cracks or delamination. It is one of the essential 
features of MFS materials. The results of the crystallographic orientation relationship across the interface of the 
kink-like structure show that all the interfaces are small-angle boundaries with a rotation axis of almost [hkl0], 
which is an in-plane direction in the basal (0001) plane. In addition, streaks are observed in the pole figure after 
the compression test, implying that a specific crystallographic orientation relationship does not exist at the 
interface of kink-like structures, but a continuous change in crystallographic orientation occurs. Therefore, these 
kink-like structures are not due to twinning but a result of deformation kinking. The excellent mechanical 
properties of the Nb2Co7-Co solid solution dual-phase alloys can be achieved by the solid solution strengthening 
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of Nb, precipitation strengthening of Nb2Co7, and kink formation. Among them, kink formation should play an 
indispensable role in the excellent ductility of the alloys. It is thus concluded that Nb2Co7-Co solid solution dual-
phase alloys are promising candidates for hybrid-type MFS materials. 
 

  
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 
 

Fig. 1: Compressive stress-nominal strain 
curve for Co-1.0, 2.0, 3.9 at% Nb alloys. The 
symbol indicates 0.2% flow stress. 

 

Fig. 2: Results of detailed EBSD analyses for the Co-3.9 at% Nb 
alloy without metastable L12 Co3Nb before and after the 
compression test. (a),(b) SEM images, (c),(d) EBSD IQ and phase 
maps, (e),(f) EBSD PFs, (g) rotation angles and axes across the 
interface of the kink-like structure. 
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Introduction 
The phase formation in binary CuZn30||CuZn80 diffusion couples is investigated. The crystallographic 
relationships between the forming phases are characterized in detail regarding the occurrence of special 
orientation relationships. The frequency of orientation relationships allows estimating the impact of interfacial 
energies on the heterogeneous nucleation during solid-state phase transformation and subsequent coarsening 
[1]. Two orientation relationships are reported in the literature [2]: During nucleation of the h  (fcc) in ̡  (bcc) and 
vice versa, Kurdjumov-Sachs (K-S) orientation relationships are formed between the two phases (Eq. 1). 
Moreover, the ̡  όōŎŎύ ǇƘŀǎŜ ǇǊŜŎƛǇƛǘŀǘƛƴƎ ŦǊƻƳ ǘƘŜ ƻǊŘŜǊŜŘ ŎǳōƛŎ ʴ ό/ǳ5Zn8) phase exhibits a cube-on cube 
orientation relationship (Eq. 2).  
The utilization of Zn-rich diffusion partners also allows a detailed characterization of the phase formation in the 
less studied Zn-ǊƛŎƘ ǇŀǊǘ ƻŦ ǘƘŜ ǇƘŀǎŜ ŘƛŀƎǊŀƳΣ ǎǳŎƘ ŀǎ ǘƘŜ ŜǳǘŜŎǘƻƛŘ ŘŜŎƻƳǇƻǎƛǘƛƻƴ ƻŦ ǘƘŜ ʵ-phase. 

 
Materials and Methods 
Cylinders of two binary alloys, with the nominal composition (wt.%) of CuZn30 (ύh ŀƴŘ /ǳ½ƴул όʶύΣ ƘŀǾŜ ōŜŜƴ 
diffusion welded at 565°C under a joining pressure of 6 MPa. Details of the alloy preparation and the mechanical 
polishing of the joining interfaces can be found elsewhere [3]. The diffusion annealing was performed in a 
specially designed air-tight thin wall stainless steel capsule to allow fast inductive heating under protective Ar-
atmosphere [4]. After diffusion annealing and subsequent quenching to room temperature, longitudinal sections 
of the diffusion couples were prepared by metallographic preparation utilizing vibration polishing for 2h as finish 
[3]. The resulting microstructure has been analyzed by optical microscopy and scanning electron microscopy 
(SEM) in combination with energy dispersive x-ray spectroscopy (EDX) and electron backscatter diffraction (EBSD) 
according to [5]. 
 
Results and Discussion 
After annealing of the CuZn30//CuZn80 diffusion couple at 565°C, a multilayered microstructure is already 
present even after 5 s, consisting in total of four phases (Fig. 1). Between the initial phases of the diffusion 
ǇŀǊǘƴŜǊǎ ʰ ŀƴŘ ʶ ŎƻƳǇƭŜǘŜƭȅ ŎƭƻǎŜŘ ƭŀȅŜǊǎ ƻŦ ǘƘŜ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ǇƘŀǎŜǎ ʲΣ ʴ ŀƴŘ ʵ όʴ Ҍ ʶύ ŀǊŜ ƎǊƻǿƴ ŀŎŎƻǊŘƛƴƎ ǘƻ 
the Cu-Zn phaǎŜ ŘƛŀƎǊŀƳΦ ¢ƘŜ ʵ-phase, which is only stable above 558°C, is decomposing eutectoidically during 
quenching of the diffusion couple, the resulting two-ǇƘŀǎŜ ǊŜƎƛƻƴ Ŏƻƴǎƛǎǘǎ ƻŦ ǘƘŜ ʴ- ŀƴŘ ʶ-phase (Fig. 1). The black 
areas in the microstructure are pores exisǘƛƴƎ ƛƴ ʶ ǇǊƛƻǊ ǘƻ ƘŜŀǘ ǘǊŜŀǘƳŜƴǘ ƻŦ ǘƘŜ ŘƛŦŦǳǎƛƻƴ ŎƻǳǇƭŜΦ Lƴ ǘƘŜ ʴ-phase, 
a vertical crack has been formed during metallographic preparation running along the former joining surface of 
the two initial diffusion partners. 
The occurrence of numerous orientation relationships between adjacent phases has been revealed by detailed 
EBSD analyses: 
More than 60% of the analyzed h/  ̡ interface was found to display Kurdjumov-Sachs (K-S) orientation 
relationships, that are described as follows 

{111}̡  || {110}  hund <110>̡ || <111> .h (1) 
Additionally, almost 60% of the investigated /̡  ɹphase boundary exhibits a cube-on-cube orientation relationship 
according to the equation  

{100}̡  || {100}  ɹund <010>̡ || <010> .ɹ (2) 
The formation of such orientation relationships in diffusion couples and even with high probability is not referred 
so far in the literature and reveals an impact of interfacial energies during solid-state phase transformations in 
diffusion couples.  
!ŦǘŜǊ ŜǳǘŜŎǘƛŎ ŘŜŎƻƳǇƻǎƛǘƛƻƴ ƻŦ ʵ ƛƴǘƻ ŀ ƭŀƳŜƭƭŀǊ ǎǘǊǳŎǘǳǊŜ ƻŦ ʴ ό/ǳ5Zn8ύ ŀƴŘ ʶ όƘŎǇύΣ ŀƭƳƻǎǘ ŀƭƭ ƎǊŀƛƴǎ ƻŦ ǘƘŜ 
ŜǳǘŜŎǘƻƛŘ ʶ-ǇƘŀǎŜ ǎƘƻǿ ǘƘŜ ǎŀƳŜ ƻǊƛŜƴǘŀǘƛƻƴ ŀǎ ŀŘƧŀŎŜƴǘ ƎǊŀƛƴǎ ƻŦ ǘƘŜ ƛƴƛǘƛŀƭ ʶ-phase. Furthermore, a 
ŎƻƴǎƛŘŜǊŀōƭŜ ŦǊŀŎǘƛƻƴ ƻŦ ǘƘŜ ŜǳǘŜŎǘƻƛŘ ʴ-ǇƘŀǎŜ ƛǎ ŀƭǎƻ ƻǊƛŜƴǘŜŘ ǘƻ ǘƘŜ ŜǳǘŜŎǘƻƛŘ ʶ-phase according to the newly 
discovered orientation relationship   

{10м0}ʁ  || {110}  ɹund <0001>ʁ || <110>  ɹ (3)  
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indicating a coupled growth of both phases during eutectoid decomposition. 
The eutectic decomposition during quenching is accompanied by the formation of Widmanstätten plates (Fig. 2) 
ƻŦ ʶ ƛƴ ǘƘŜ ½ƴ-rich ɹ -Phase due to its retrograde solubility. The alignment of the  ʁplates inside the ɹ-grains implies 
the presence of a specific orientation relationship that will be investigated. Furthermore, kinetic and 
thermodynamic aspects of the Widmanstätten structure formation and the eutectoid decomposition will be 
evaluated. 
 

  
Fig. 1: EBSD phase map superimposed with image-
quality map (grey scale) of a CuZn30||CuZn80 
diffusion couple annealed at 565°C for 5s 

CƛƎΦ нΥ .{9 ƛƳŀƎŜ ƻŦ ǘƘŜ ŜǳǘŜŎǘƻƛŘƛŎŀƭƭȅ ŘŜŎƻƳǇƻǎŜŘ ʵ 
όʴҌʶύ ǊŜƎƛƻƴ όōƻǘǘƻƳύ ǘƻƎŜǘƘŜǊ ǿƛǘƘ ǘƘŜ ½ƴ-rich  ɹ
phase displaying numerous Widmanstätten plates 
(top) after annealing at 565°C for 15min followed by 
quenching 
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Introduction 
According to the current knowledge, the Fe-Al-Si system is one of the most complicated ternary systems with 11 
truly ternary equilibrium phases occurring as a function of composition and temperature; see e.g. [1,2]. It is 
emphasized here that the crystal structures of thesŜ ǇƘŀǎŜǎ ŀǊŜ ƳƻǊŜ ǘƘŀƴ ǎƛƳǇƭȅ άƭŀōŜƭǎέΦ LƴǎǘŜŀŘΣ ǘƘŜ ŀǘƻƳƛŎ 
structure of a particular phase (i) is the basis for the actual thermodynamics of the phases (via chemical bonding 
and vibrational and point-defect properties), (ii) the basis to understand important transport properties like 
atomic mobility, and, last but not least, (iii) basis for the correct phase and orientational identification in the 
course of microstructural analysis. 
In our research group we have conducted research in the Al-rich part of the Fe-Al-Si system (sometimes under 
influence of further elements) in view of Fe removal from Al melts and in the course of different types of joining 
processes of Fe- with Al-base alloys. We put emphasis on reliable phase identification based on diffraction 
evidence as crucial step to understand the actual microstructure evolution. Such an analysis, however, revealed 
intriguing phenomena related with the crystal structures of the Fe-Al-Si phases. 
 
Materials and Methods 
Materials were, in particular, Al-Fe-Si(-M) alloys with M being further transition metals of the 3d series which 
were solidified under various conditions. Analysis happened after cross-sectional metallographic preparation. 
Furthermore, intermetallic reaction layers having formed under different types of interactions of Al-base alloy 
melts and solid steel were produced and prepared in cross-sectional geometry. Special geometries were used to 
make specimens available for X-ray diffraction(XRD) in reflection geometry.  
Microstructure analysis was, in particular, performed by field-emission scanning electron microscopy (SEM; JEOL 
JSM 7800F) including energy dispersive X-ray spectroscopy (EDX) and electron backscatter diffraction (EBSD). 
Transmission electron microscopy (TEM) was performed after applying focused ion beam techniques on alloy 
pieces preselected by SEM techniques. Occasionally also transmission Kikuchi diffraction was performed on TEM 

specimens using the mentioned SEM. XRD was conducted on a Bruker D8 diffractometer working with CoKa1 
radiation, which is especially suitable for Fe-containing alloys, which are strongly absorbing for Cu radiation.  
 
Results and Discussion 
The following main insights beyond the individual works were obtained: 
(a) The homogeneity ranges of most of the Al-rich phases can be understood in terms of formulas of the 
type Fe(Al, Si)n with constant n for a given phase. Accordingly, Al substitutes Si, but the Fe atoms reside on one 
ƻǊ ǎŜǾŜǊŀƭ ǎŜǇŀǊŀǘŜ άǎǳōƭŀǘǘƛŎŜǎέΦ ¢ƘŜ ƛǊƻƴ ŀǘƻƳǎΣ ƘƻǿŜǾŜǊΣ Ƴŀȅ ōŜ ǎǳōǎǘƛǘǳǘŜŘΣ ǘƻ ǎƻƳŜ extent, by other 
transition metals M of the 3d series ((Fe,M)(Al,Si)n).  
(b)  Al and Si differ only very slightly in scattering power so that Al vs Si ordering is difficult to detect by, e.g., 
XRD methods. Likely, due to lack of further knowledge Al vs Si ordering is assumed to be absent in phases of the 

type Fe(Al, Si)n. However, our TEM evidence on the b phase (agreeing with previous isolated evidence on the d 
phase) suggests pronounced order of Al vs Si, which might indicate that Al vs. Si ordering is more the rule than 
the exception. This insight is supported by first principles calculations of cooperation partners [3]. It might be 
speculated that Al vs. Si ordering might be more the rule than an exception in Al/Si containing phases. 
(c) While Fe(Al, Si)n phases occur in a specific ySi = xSi/(xAl+xSi) range (with xi being the molar fraction of the 

element i in the phase), in particular in the case of the b and d phases, the characteristic ranges for ySi shift to 
higher values if Fe is substituted by Mn, Cr, V..., being elements with fewer electrons than Fe. In contrast, the 
ranges for ySi appear to shift to lower values if Fe is substituted by Co, Ni, ..., being elements with more electrons 
than Fe. This implies a role of the total electron content per atom (e/a ratio) on the homogeneity range of the 
phase in quaternary systems, where substitution of Fe by electron-poor (rich) M is compensated by a higher 
(lower) Si content on the (Al,Si) sublattice(s). 

(d) An exception to the principles (a) and (c) seems to be the cubic a phase, which is only metastable in the 
Fe-Al-Si system but can be formed under certain circumstances, and which is stabilized by very minor amounts 
of electron-poor elements. While crystallographic analyses available in the literature imply a formula 
(Fe,M)(Al,Si)4.75 (see, e.g., [4]), the analyzed molar fraction of Fe (or Fe+Mn or Fe+Cr) for this phase seems to 
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scatter appreciably as compared to other phases, in contrast to point (a). Also, the correlation of the M and Si 

contents is not as clear as for the b and d phases mentioned in (c). While the basic crystal structure type of the 

a phase has received attention as 1/1 approximant to icosahedral quasicrystals, the details how the molar 
fraction of the transition metal is varied is unknown on the atomic level. 

(e) The b phase can grow with a heavily faulted structure as well as in two apparently distinct periodic 
polytypes (monoclinic and tetragonal). Likely, once the intermetallic has formed, e.g., upon solidification of the 
alloy, its internal structural degrees of freedom are frozen. This might be related with a low homologous 
temperature present in the intermetallic also at its formation temperature and small driving forces, e.g. to 

improve the stacking order. It is also noted that intergrowth of b and d phases occurs as demonstrated by TEM 
investigations, which also allowed developing SEM/EBSD protocols for robust phase and orientation 
identification [3,5]. Such a protocol includes development of dedicated structure models suitable for robust 
indexing of EBSD patterns [5]. 
(f)  Comparison of our results with the literature reveals a couple of forgotten works on crystal structures 
not listed in the prominent review by Ghosh [1], which can contain crucial information to complete the picture 
for a couple of rarely investigated phases. Some of the forgotten crystal structure information was confirmed in 
the course of results from our microstructural analyses and could be reconciled with presently available phase 
equilibria data [2]. This in particular concerns the relatively simple hexagonal Na3As-type crystal structure of the 

t10 phase [6], which was encountered in transmission Kikuchi diffraction and XRD from interdiffusion layers [2] 
The authors propose that the phenomena observed for the various phases of the Fe-Al-Si system may be hidden 
in also many other intermetallic systems, which may not be evident when results of constitutional, structural and 
microstructural analysis are not carefully and critically reconciled.  
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LƴǘŜǊƳŜǘŀƭƭƛŎ ǇƻǿŘŜǊ ŀƭƭƻȅǎ ƻŦ ǘƘŜ CŜ ς !ƭ ǎȅǎǘŜƳ ŀǎ ǇǊƻƳƛǎƛƴƎ ƳŀǘŜǊƛŀƭǎ ŦƻǊ  

ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ŀǇǇƭƛŎŀǝƻƴǎ 
hƭŜƪǎŀƴŘǊ ¢ƻƭƻŎƘȅƴмΣ hƭŜƪǎŀƴŘǊŀ ¢ƻƭƻŎƘȅƴŀмΣн ŀƴŘ DŜƴƴŀŘƛƛ .ŀƎƭƛǳƪм 

 

мCǊŀƴǘǎŜǾƛŎƘ LƴǎǝǘǳǘŜ ŦƻǊ tǊƻōƭŜƳǎ ƻŦ aŀǘŜǊƛŀƭǎ {ŎƛŜƴŎŜ ƻŦ bŀǝƻƴŀƭ !ŎŀŘŜƳȅ ƻŦ {ŎƛŜƴŎŜǎ ƻŦ ¦ƪǊŀƛƴŜΣ 
YȅƛǾ ломпнΣ ¦ƪǊŀƛƴŜΣ ǘƻƭƻŎƘȅƴϪƎƳŀƛƭΦŎƻƳΣ ƎōŀƎϪǳƪǊΦƴŜǘ 

н5ŜǇŀǊǘƳŜƴǘ ƻŦ aŀǘŜǊƛŀƭǎ {ŎƛŜƴŎŜΣ aƻƴǘŀƴǳƴƛǾŜǊǎƛǘŅǘ [ŜƻōŜƴΣ [ŜƻōŜƴΣ утллΣ !ǳǎǘǊƛŀΣ 
ƻƭŜƪǎŀƴŘǊŀΦǘƻƭƻŎƘȅƴŀϪǳƴƛƭŜƻōŜƴΦŀŎΦŀǘΣ ǘƻƭƻŎƘȅƴŀϪƎƳŀƛƭΦŎƻƳ 

 
Introduction 
wŜŎŜƴǘƭȅΣ ǘƘŜ ƛǎǎǳŜ ƻŦ ƛƴŎǊŜŀǎƛƴƎ ǘƘŜ ǇƻǿŜǊΣ ŜƴŜǊƎȅ ŜŶŎƛŜƴŎȅ ŀƴŘ ǎŀŦŜǘȅ ƻŦ ǇƻǿŜǊ ƳŀŎƘƛƴŜǎ ŀƴŘ ŜƴŜǊƎȅ ƳƻŘǳƭŜǎ 
Ƙŀǎ ƎŀƛƴŜŘ ŎƻƴǎƛŘŜǊŀōƭŜ ǎŎƻǇŜ ƛƴ ǘƘŜ ǿƻǊƭŘΦ ¢ƘŜ ƛƴŎǊŜŀǎŜ ƛƴ ŜŶŎƛŜƴŎȅ ƛƴ ǎǳŎƘ ǎȅǎǘŜƳǎ ƛǎ ŀǎǎƻŎƛŀǘŜŘ ǿƛǘƘ ŀƴ 
ƛƴŎǊŜŀǎŜ ƛƴ ǘƘŜ ǘŜƳǇŜǊŀǘǳǊŜ ƛƴ ǘƘŜ ǿƻǊƪƛƴƎ ŀǊŜŀ ŀƴŘ ǘƘŜ ǊŜǇƭŀŎŜƳŜƴǘ ƻŦ ŜȄƛǎǝƴƎ ƳŀǘŜǊƛŀƭǎ ǿƛǘƘ ƳƻǊŜ ƘƛƎƘŜǊ ς 
ǘŜƳǇŜǊŀǘǳǊŜ ƻƴŜǎΦ ¢ƘŜ ŎǊŜŀǝƻƴ ƻŦ ǇƻǿŜǊ Ǉƭŀƴǘǎ ǿƛǘƘ ǳƭǘǊŀπǎǳǇŜǊŎǊƛǝŎŀƭ ǎǘŜŀƳ ǇŀǊŀƳŜǘŜǊǎ ǊŜǉǳƛǊŜǎ ƳŀǘŜǊƛŀƭǎ 
ǘƘŀǘ ƻǇŜǊŀǘŜ ŀǘ ǘŜƳǇŜǊŀǘǳǊŜǎ ƻŦ срлπтрл ϲ/Σ ŀƴŘ ǘƘŜ ŘŜǾŜƭƻǇƳŜƴǘ ƻŦ ƴŜǿ ǘȅǇŜǎ ƻŦ ǊŜŀŎǘƻǊǎ ǊŜǉǳƛǊŜǎ ƳŀǘŜǊƛŀƭǎ 
ǘƘŀǘ ǊŜƭƛŀōƭȅ ƻǇŜǊŀǘŜ ŀǘ мллл ϲ/ ώмϐΦ ¢ƘŜǊŜŦƻǊŜΣ ƛǊƻƴ ŀƭǳƳƛƴƛŘŜǎ ŀǊŜ ƻŦ ǘŜŎƘƴƛŎŀƭ ƛƴǘŜǊŜǎǘ ōŜŎŀǳǎŜ ƻŦ ǘƘŜƛǊ ŀǧǊŀŎǝǾŜ 
ƳŜŎƘŀƴƛŎŀƭ ŀƴŘ ŎƻǊǊƻǎƛƻƴ πǊŜǎƛǎǘŀƴǘ ǇǊƻǇŜǊǝŜǎΣ ŀǎ ǿŜƭƭ ŀǎ ǊŜƭŀǝǾŜƭȅ ƭƻǿ ŎƻǎǘΦ ¢ƘŜȅ ŀǊŜ ǊŜƭŀǝǾŜƭȅ ƭƛƎƘǘΣ ǿƛǘƘ ŀ 
ŘŜƴǎƛǘȅ ƻŦ ŀōƻǳǘ трπур҈ ƻŦ ƛǊƻƴ ŘŜƴǎƛǘȅΣ ŀƴŘ ƘŀǾŜ ǾŜǊȅ ƘƛƎƘ ǎǇŜŎƛŬŎ ƳƻŘǳƭŜǎ ƻŦ ŜƭŀǎǝŎƛǘȅΦ ¢ƘŜȅ ŀǊŜ ŎƘŀǊŀŎǘŜǊƛȊŜŘ 
ōȅ ƘƛƎƘ ƘŜŀǘ ǊŜǎƛǎǘŀƴŎŜ ŀƴŘ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊŜƴƎǘƘΣ ŀƴŘ ǘƘŜ ƘƛƎƘ ȅƛŜƭŘ ǎǘǊŜƴƎǘƘ ŎƻƳǇŀǊŜŘ ǘƻ ǎǘŜŜƭǎ ŀƴŘ ŀƭƭƻȅǎ 
ōŀǎŜŘ ƻƴ ƴƛŎƪŜƭ ŀƴŘ Ŏƻōŀƭǘ ŀƭƭƻǿǎ ǘƘŜƳ ǘƻ ōŜ ǳǎŜŘ ŀǘ ƘƛƎƘ ǘŜƳǇŜǊŀǘǳǊŜǎ ώнϐΦ 
  
Materials and Methods 
9ƭŜƳŜƴǘŀƭ ƛǊƻƴ ŀƴŘ ŀƭǳƳƛƴǳƳ ǇƻǿŘŜǊǎ ǿŜǊŜ ǳǎŜŘ ǘƻ ƻōǘŀƛƴ ǘƘŜ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŎƻƳǇƻǎƛǝƻƴ CŜо!ƭΣ ŦƻƭƭƻǿŜŘ ōȅ 
ǎȅƴǘƘŜǎƛǎ ƻŦ ǘƘŜ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ǇƘŀǎŜ ŀƴŘ ŎƻƴǎƻƭƛŘŀǝƻƴ ƻŦ ǘƘŜ ǎȅƴǘƘŜǎƛȊŜŘ ǇƻǿŘŜǊ ōȅ ǎƛƴǘŜǊƛƴƎ ώоϐ ŀƴŘ Ƙƻǘ ŦƻǊƎƛƴƎ 
ώпϐ ƳŜǘƘƻŘǎόCƛƎΦмύΦ CƻǊ ŎƻƳǇŀǊƛǎƻƴΣ ƛƴǘŜǊƳŜǘŀƭƭƛŎǎ ǿŜǊŜ ŀƭǎƻ ƻōǘŀƛƴŜŘ ōȅ ŀǊŎ ƳŜƭǝƴƎΦ 
 
wŜǎǳƭǘǎ ŀƴŘ 5ƛǎŎǳǎǎƛƻƴ 
¢ƘŜ ǊŜǎǳƭǘǎ ƻŦ ǘƘŜ ǎǘǳŘƛŜǎ ƘŀǾŜ ǎƘƻǿƴ ǘƘŀǘ ǘƘŜ ƘƛƎƘŜǎǘ ƳŜŎƘŀƴƛŎŀƭ ŎƘŀǊŀŎǘŜǊƛǎǝŎǎ ǿŜǊŜ ƻōǘŀƛƴŜŘ ŀǘ ǘƘŜ ƻǇǝƳǳƳ 
ǎƛƴǘŜǊƛƴƎ ǘŜƳǇŜǊŀǘǳǊŜ ƻŦ мпрл ϲ/Φ Lƴ ǘƘƛǎ ŎŀǎŜΣ ƛǊƻƴ ŀƭǳƳƛƴƛŘŜ Ƙŀǎ ŀ ǎǘǊǳŎǘǳǊŜ !н ŀƴŘ ŘŜƳƻƴǎǘǊŀǘŜǎ ƘƛƎƘ ǎǘǊŜƴƎǘƘΥ 

¢̀w{ Ґ фпл atŀΣ Yм/ Ґ ноΣу atŀ ƳмκнΦ IƛƎƘŜǊ ǎƛƴǘŜǊƛƴƎ ǘŜƳǇŜǊŀǘǳǊŜǎΣ ƛƴŎƭǳŘƛƴƎ ǘƘŜ ƳŜƭǝƴƎΣ ǎƘƻǿŜŘ ŀ ƭƻǿŜǊ ƭŜǾŜƭ 
ƻŦ ǎǘǊŜƴƎǘƘ ŘǳŜ ǘƻ ǎƛƎƴƛŬŎŀƴǘ ŜƴƭŀǊƎŜƳŜƴǘ ƻŦ ǘƘŜ ǎǘǊǳŎǘǳǊŜ ό¢̀w{ Ґ олл ς прл atŀύΦ ¢ƘŜ ǳǎŜ ƻŦ Ƙƻǘ ŦƻǊƎƛƴƎ 
όǘŜƳǇŜǊŀǘǳǊŜ ŘŜƴǎƛŬŎŀǝƻƴ ммлл ϲ/ύ ŀƭƭƻǿŜŘ ǘƻ ƛƴŎǊŜŀǎŜ ǘƘŜ ǎǘǊŜƴƎǘƘ ŎƘŀǊŀŎǘŜǊƛǎǝŎǎ ǘƻ мнлл atŀΣ Yм/ Ґ ол atŀ 
ƳмκнΦ ¢ƘŜ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǳŘƛŜǎ ƻŦ ƛǊƻƴ ŀƭǳƳƛƴƛŘŜǎ ǇǊƻŘǳŎŜŘ ōȅ ǾŀǊƛƻǳǎ ǇƻǿŘŜǊ ǘŜŎƘƴƻƭƻƎƛŜǎ ŘŜƳƻƴǎǘǊŀǘŜŘ 
ŀƴ ŀōƴƻǊƳŀƭ ǘŜƳǇŜǊŀǘǳǊŜ ŘŜǇŜƴŘŜƴŎŜ ƻŦ ǘƘŜ ȅƛŜƭŘ ǎǘǊŜƴƎǘƘ ǿƛǘƘ ŀ ƳŀȄƛƳǳƳ ŀǘ рлл ϲ/Σ ǿƘƛŎƘ ƛǎ ǘȅǇƛŎŀƭ ŦƻǊ ǘƘƛǎ 
Ŏƭŀǎǎ ƻŦ ƳŀǘŜǊƛŀƭǎΦ {ƛƴǘŜǊŜŘ ŀƴŘ ŦƻǊƎŜŘ ǇƻǿŘŜǊ ƳŀǘŜǊƛŀƭǎ ŘŜƳƻƴǎǘǊŀǘŜŘ ǘƘŜ ƘƛƎƘŜǎǘ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊŜƴƎǘƘΦ 
¢ƘŜ ȅƛŜƭŘ ǎǘǊŜƴƎǘƘ ƻŦ ǇƻǿŘŜǊŜŘ ƛǊƻƴ ŀƭǳƳƛƴƛŘŜ ǳƴŘŜǊ ŎƻƳǇǊŜǎǎƛƻƴ ŀǘ ŜƭŜǾŀǘŜŘ ǘŜƳǇŜǊŀǘǳǊŜǎ ǿŀǎ рллπслл atŀ 
όCƛƎΦнύΣ ǿƘƛŎƘ ƛǎ нр ς пл҈ ƘƛƎƘŜǊ ǘƘŀƴ ǘƘŜ ȅƛŜƭŘ ǎǘǊŜƴƎǘƘ ƻŦ Ŏŀǎǘ ƳŀǘŜǊƛŀƭǎ ƻŦ ǎƛƳƛƭŀǊ ŎƻƳǇƻǎƛǝƻƴΦ 
wŀǇƛŘ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ŎǊŜŜǇ ǘŜǎǘǎ ǎƘƻǿŜŘ ǘƘŀǘ ǘƘŜ ŘŜŦƻǊƳŀǝƻƴ ǊŀǘŜ ƻŦ ǘƘŜ ǎŀƳǇƭŜǎ ǿƘŜƴ ǘŜǎǘŜŘ ŀǘ слл ϲ/ 
ǾŀǊƛŜŘ ƛƴ ǘƘŜ ǊŀƴƎŜ ƻŦ млπт ς млπс ǎπмΣ ŀƴŘ ŀǘ срл ϲ/ ƛƴ ǘƘŜ ǊŀƴƎŜ ƻŦ млπс ς млπр ǎπмΦ 5ǳǊƛƴƎ о ƘƻǳǊǎ ƻŦ ŎǊŜŜǇ ǘŜǎǘǎ 
όǇǊƛƳŀǊȅ ǎǘŀƎŜύΣ ǘƘŜ ǘƻǘŀƭ ŘŜŦƻǊƳŀǝƻƴ ƻŦ ǘƘŜ ǎŀƳǇƭŜǎ ŀǘ слл ϲ/ ǊŜŀŎƘŜǎ ŀǇǇǊƻȄƛƳŀǘŜƭȅ лΦм ǘƻ м ҈Σ ŀƴŘ ŀǘ срл ϲ/ 
ƛǘ ƛǎ ŀǇǇǊƻȄƛƳŀǘŜƭȅ мл ǝƳŜǎ ƘƛƎƘŜǊΦ ¢ƘŜ ƘƛƎƘŜǎǘ ŎǊŜŜǇ ǊŜǎƛǎǘŀƴŎŜ ŀǘ ōƻǘƘ ǘŜƳǇŜǊŀǘǳǊŜǎ ƛǎ ŘŜƳƻƴǎǘǊŀǘŜŘ ōȅ ǘƘŜ 
ƘƻǘπŦƻǊƎŜŘ ŀƴŘ ǎƛƴǘŜǊŜŘ ǇƻǿŘŜǊ ǎŀƳǇƭŜǎΦ  
¢ƘǳǎΣ ǘƘŜ ǇǊŜǎŜƴǘŜŘ ǊŜǎǳƭǘǎ ǎƘƻǿ ǘƘŀǘ ǘƘŜ ǇƻǿŘŜǊ ƳŀǘŜǊƛŀƭǎ ƻōǘŀƛƴŜŘ ōȅ ǘƘŜ ŘŜǾŜƭƻǇŜŘ ǘŜŎƘƴƻƭƻƎƛŜǎ ŀǊŜ ǎǳǇŜǊƛƻǊ 
ǘƻ Ŏŀǎǘ ŀƴŀƭƻƎǳŜǎ ōƻǘƘ ƛƴ ǘŜǊƳǎ ƻŦ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊŜƴƎǘƘ ŀƴŘ ǇŀǊŀƳŜǘŜǊǎ ŎƘŀǊŀŎǘŜǊƛȊƛƴƎ ŎǊŜŜǇ ǊŜǎƛǎǘŀƴŎŜΣ 
ŀƴŘ ǘƘŜǊŜŦƻǊŜ Ƴŀȅ ōŜ ǇǊƻƳƛǎƛƴƎ ŦƻǊ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ŀǇǇƭƛŎŀǝƻƴǎΦ 
CǳǊǘƘŜǊ ƛƳǇǊƻǾŜƳŜƴǘ ƻŦ ƘƛƎƘπǘŜƳǇŜǊŀǘǳǊŜ ǎǘǊŜƴƎǘƘ ŀƴŘ ŎǊŜŜǇ ǊŜǎƛǎǘŀƴŎŜ ƛǎ ŀǎǎƻŎƛŀǘŜŘ ǿƛǘƘ ŀƭƭƻȅƛƴƎ ƛǊƻƴ 
ŀƭǳƳƛƴƛŘŜ ǿƛǘƘ ŀŘŘƛǝƻƴŀƭ ŜƭŜƳŜƴǘǎ ǘƘŀǘ Ŏŀƴ ŎǊŜŀǘŜ ŘƛǎƻǊŘŜǊŜŘ ŎǊȅǎǘŀƭ ǎǘǊǳŎǘǳǊŜǎ ƻŦ ǎƻƭƛŘ ǎƻƭǳǝƻƴǎ ƻǊ ŎƻƳǇƻǎƛǘŜǎ 
ǿƛǘƘ ǇŀǊǝŎƭŜǎ ƻŦ ŎƻƘŜǊŜƴǘ ŀƴŘ ƛƴŎƻƘŜǊŜƴǘ ǇƘŀǎŜǎΦ !ƴ ƛƴŎǊŜŀǎŜ ƛƴ ŎǊŜŜǇ ǊŜǎƛǎǘŀƴŎŜ ƛǎ ŀƭǎƻ ŀŎƘƛŜǾŜŘ ōȅ ǘƘŜ 
ŀƭƭƻŎŀǝƻƴ ƻŦ ŘƛǎǇŜǊǎŜŘ ǇŀǊǝŎƭŜǎ ƻŦ ŎŀǊōƛŘŜǎΣ ōƻǊƛŘŜǎ ƻǊ ƻȄƛŘŜǎΣ ŀƴŘ ǘƘŜ ōŜǎǘ ƳŜǘƘƻŘ ƻŦ ǊŜŀƭƛȊƛƴƎ ǎǳŎƘ ǎǘǊǳŎǘǳǊŜǎ 
Ƴŀȅ ōŜ ǇƻǿŘŜǊ ƳŜǘŀƭƭǳǊƎȅ ǘŜŎƘƴƻƭƻƎƛŜǎΦ 
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a b c  

Fig.2 Temperature dependences of the 
yield strength of the studied materials  

Fig.1 SEM images of samples after: a) arc melting, b) sintering 
(1450 °C) and c) hot forging (1100 °C) 
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Introduction 
Binary metallic systems such as Fe-Pt, Co-Pt and Fe-Pd exhibit disorder/order, eutectoid transformations, 
A1ĄL10+L12. The tetragonal L10 phase is typically ferromagnetic, with high uniaxial magnetocrystalline 
anisotropy. The cubic, L12 phase is either ferro- or paramagnetic, with low anisotropy. In Co-Pt, eutectoid 
decomposition leads to the self-assembly of a nanochessboard structure, which is a pseudo-periodic, 2+1D 
structure where the ordered phases can be on the nanoscale. We have previously investigated both the phase 
transformation, and magnetic exchange coupling, in Co-Pt nanochessboards. Our current work focuses on the 
eutectoid region in Fe-Pd near 60 at% Pd, where a very narrow L10+L12 region is thought to exist.  Essentially 
nothing is known about the microstructure in this region, and in fact, we have found an interesting new phase 
Ŏŀƴ ŦƻǊƳΣ ǿƘƛŎƘ ǿŜ ƭŀōŜƭ ŀǎ [мΩΦ  ¢ƘŜ [мΩ ǇƘŀǎŜΣ which we currently believe is an equilibrium phase, was first 
predicted in 1938 by William Shockley [1], but has not been definitively identified since. 

 
Materials and Methods 
Bulk, polycrystalline Fe-Pd alloys were arc melted. The nominal compositions were from 62 ± 0.5 at% Pd, 
determined by inductively-coupled plasma ς optical emission spectroscopy (ICP-OES). Homogenization was 
achieved by repeated cycles of rolling, then annealing at 1000°C for 24 hours.  Furnace annealing was always 
performed in evacuated quartz ampoules that were backfilled with argon. Samples were subsequently aged 
under different thermal protocols, including continuous cooling and isothermal annealing. X-ray diffraction (XRD) 
was performed using a Panalytical Empyrean system in  powder geometry, employing Cu-K 1 radiation. 
Transmission electron microscopy (TEM) was performed using a FEI Titan at 300 kV, in bright- and dark-field 
modes (BF, DF).   
 
Results and Discussion 
For alloy composition just inside the single-phase L10 region, aging quenched-in A1 at 650°C produces the 
expected L10 ǇƘŀǎŜΤ ƘƻǿŜǾŜǊΣ ŀƎƛƴƎ ŀǘ рнрϲ/ ǇǊƻŘǳŎŜǎ ŀ ŘƛŦŦŜǊŜƴǘ ǇƘŀǎŜΣ ǿƘƛŎƘ ǿŜ ƛŘŜƴǘƛŦȅ ŀǎ [мΩΦ  [мΩ ƛǎ ŀ 
tetragonal (P4/mmm) phase that can form when composition is intermediate to L10 and L12; it places excess Fe 
atoms at a specific Wycoff site and can be viewed as a hybrid of L10 and L12Φ  LǘΩǎ ƛŘŜƴǘƛŦƛŎŀǘƛƻƴ ƛǎ ƴƻƴ-trivial. XRD 
demonstrates a clear tetragonal distortion, albeit where the tetragonality is reduced vis-à-vis L10. Additional 
superlattice reflections appear, such as (100) and (101), that are not allowed in L10. While these are allowed 
reflections of L12, DF-TEM imaging of the microstructure makes a strong case for single-ǇƘŀǎŜ [мΩΣ ǎŜŜ CƛƎǳǊŜ мΦ  
In particular, the microstructure entirely consists of so-called polytwins, which are conjugate pairs having 
different c-axis orientations, separated by {110} boundaries having invariant plane strain. The polytwin structure 
is a well-known characteristic of the formation of the ordered tetragonal phase, A1ĄL10, and it does not result 
for A1ĄL12. Dark-ŦƛŜƭŘ ƛƳŀƎŜ ŎƻƴǘǊŀǎǘ ƛǎ ŎƻƴǎƛǎǘŜƴǘ ǿƛǘƘ ǘƘŜ ǇǊŜŘƛŎǘŜŘ [мΩ ǎǘǊǳŎǘǳǊŜ ŦŀŎǘƻǊΣ ŀǎ ƛǎ ǘƘŜ ǎŜƭŜŎǘŜŘ ŀǊŜŀ 
electron diffraction pattern. No two-phase coexistence is evident at this composition in TEM. 
 
At slightly more Pd-rich compositions that are within the two-phase field, we do observe two-phase coexistence, 
either L10+L12 όŀǎ ǇǊŜŘƛŎǘŜŘ ōȅ ǘƘŜ ǇƘŀǎŜ ŘƛŀƎǊŀƳύΣ ƻǊ [мΩҌ[м2, depending on the temperature, determined both 
by XRD and TEM. In both cases, a dominant polytwin microstructure forms, but now the L12 phase coexists in the 
form of nanometer-scale lamellae that wet the polytwin boundaries and anti-phase boundaries (APB). These 
lamellar wetting layers are readily evident in DF-TEM imaging using a g=110 reflection (see Figure 2), and high-
resolution imaging demonstrates their cubic nature. This phase morphology is nominally consistent with prior 
predictions from phase field modeling,[2] however the microstructural evolution is non-trivial. In particular, the 
L12 phase forms first during continuous cooling through the eutectoid isotherm. Then, with isothermal aging 
below the isotherm, polytwinned L10 forms in an order-to-order transformation, with apparently simultaneous 
formation of the L12 twin/APB wetting layerǎΦ bǳŎƭŜŀǘƛƻƴ ƻŦ ŀ ΨōǳƴŘƭŜΩ ƻŦ [м0όƻǊ [мΩύҌ[м2 occurs in localized, 
anisotropic fashion, propagating rapidly along a single direction, followed by much slower lateral growth to 
consume the L12 matrix. The mechanism defining the rapid, uniaxial growth process is not currently understood.  
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¢ƘŜ ŦƻǊƳŀǘƛƻƴ ƻŦ [мΩΣ ŜƛǘƘŜǊ ŀǎ ŀ ǎƛƴƎƭŜ-phase, or co-existing with L12, occurs when we age metastable A1 at 
temperatures of 525°C, whereas aging at 650°C produces L10 or L10+L12, depending on composition. This 
suggests that a phase boundary exists between these temperatures, where L10Ą[мΩ ǳǇƻƴ ŎƻƻƭƛƴƎΣ ƭƛƪŜƭȅ Ǿƛŀ ŀ 
higher-order transformation. To explore this, we have first transformed an A1 sample entirely to L10 by extended 
heating at 650°C, then aged this at 525°C for extended times. To date, we have NOT observed the transformation 
to occur.  This is concerning, but may result from a very low driving force, and slow kinetics.  
 

  
Fig. 1: DF-TEM along a [001] zone 
axis,showing single-ǇƘŀǎŜΣ [мΩ Ǉƻƭȅǘǿƛƴ 
structure with twin boundaries inclined at 
45° relative to the [001] zone axis. Coarse 
ōŀƴŘǎ ŀǊŜ ǘƘŜ ǘǿƛƴ άŎƻƴƧǳƎŀǘŜέ ǇŀƛǊǎ ǘƘŀǘ 
have different c-axis orientations (shown by 
red arrows and circles), while fine contrast 
ƳƻŘǳƭŀǘƛƻƴ ŀǊƛǎŜǎ ŦǊƻƳ ōƻǘƘ aƻƛǊŜΩ ŜŦfects, 
and APBs. Scale bar is 500 nm. 

Fig. 2: DF-TEM of a more Pd-rich sample than Fig. 1, where two-
phase coexistence occurs after aging at 650°C.  Imaging with 
g=100/010 highlights the conjugate L10 orientations (c-axes 
indicated by red arrows), while imaging with g=110 highlights 
the L12 phase decorating the twin boundaries and APBs.  The 
selected area diffraction pattern of this region is shown inset. 
Scale bar is 200 nm. 

 
Conclusions 
We have explored phase equilibria in Fe-Pd alloys with compositions about 61 at% Pd, which is in the vicinity of 
the eutectoid, A1Ąordered-tetragonal + ordered-cubic. For slightly Pd-poor compositions that are in the single-
phase tetragonal region, aging metastable A1 at 650°C produces L10 while aging at 525°C produces the [мΩ ǇƘŀǎŜΦ 
CƛǊǎǘ ǇǊŜŘƛŎǘŜŘ ƛƴ мфоуΣ ǘƘŜǊŜ Ƙŀǎ ƴƻǘ ōŜŜƴ ŀƴ ǳƴŀƳōƛƎǳƻǳǎ ŘŜǘŜǊƳƛƴŀǘƛƻƴ ƻŦ [мΩ ƛƴ ōǳƭƪ ŀǎ ŀƴ ŜǉǳƛƭƛōǊƛǳƳ ǇƘŀǎŜΦ 
We combined XRD, DF-TEM and structure factor calculations in order to provide reasonable certainty of its 
existence. For more Pd-rich compositions, 650°C aging produces L10+L12 ŀƴŘ рнрϲ/ ŀƎƛƴƎ ǇǊƻŘǳŎŜǎ [мΩҌ[м2, both 
readily evident in XRD. In both situations, the tetragonal phase occurs in a polytwin configuration, with the L12 
phase wetting the {110} twin boundaries and antiphase boundaries. The evolution of these configurations is 
complex and highly anisotropic. 
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Intermetallic compounds have been considered for a long time as possible hydrogen storage materials. The large 
amount of possible elemental combination, the number of accessible crystal structures and the possible changes 
of the properties by substitution make them really attractive. This presentation will be an introduction to this 
specific topic. 
The structural properties including the determination of hydrogen position and site occupancies in the crystal 
structure using neutron diffraction by Rietveld analysis will be reported. The thermodynamic properties and how 
they can be adapted to a specific application will be described. The way these properties may be modelled using 
the Calphad method will also be addressed.  
Examples will be given in the different families (AB5 based on the CaCu5 structure (Fig. 1), AB2 Laves phases, AB 
ǿƛǘƘ /ǎ/ƭ ǎǘǊǳŎǘǳǊŜΧύΦ  
Finally, various applications, including hydrogen storage materials and electrodes for the so-called nickel-metal 
hydride batteries will be presented. 

 
Fig. 1: CaCu5 crystal structure with possible interstitial tetrahedral sites occupied by hydrogen. 
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Tuning the composition in R6TX2 intermetallics (R = Gd, Tb, Dy; T = Fe, Mn, Co, Ni; X=Sb, Te) 

to optimize magnetic refrigeration near Room Temperature  
I.R. Aseguinolaza1, A. Herrero1, A. Oleaga1, A.J. Garcia-Adeva1, E. Apiñaniz1, A.V. Garshev2,  

V. O. Yapaskurt3 and A.V. Morozkin2 

 

1Departamento de Física Aplicada, Escuela de Ingeniería de Bilbao, Universidad del País Vasco UPV/EHU, Plaza 
Torres Quevedo 1, 48013 Bilbao, Spain 

2Department of Chemistry, Moscow State University, Lenisnkie Gory, House 1, Building 3, Moscow, GSP-2, 
119991, Russia 

3Department of Petrology, Geological Faculty, Moscow State University, Leninskie Gory, Moscow, 119991, 
Russia 

 
Introduction 
The intermetallic family Zr6CoAl2-type R6TX2 (space group P-62m, N 189, hP9) has interesting magnetic and 
magnetocaloric properties in different temperature ranges, depending on the particular composition. The 
combination of different rare earths, transition metals and p-block elements allows to tune these properties to 
a desired temperature and to improve them. We show in this work how this can be done close to room 
temperature based on the accumulated experience with this family [1, 2]. The thermal properties (thermal 
diffusivity, thermal effusivity, specific heat) have also been measured as they are extremely relevant in order to 
evaluate the practical applicability of these magnetocaloric materials in real refrigerator systems. 

 
Materials and Methods 
bƛƴŜ ǎŜƭŜŎǘŜŘ ŎƻƳǇƻǳƴŘǎ ƻŦ ǘƘŜ wс¢·н όwҐ DŘΣ ¢ōΣ 5ȅΤ ¢Ґ aƴΣ CŜΣ /ƻΣ bƛΤ ·Ґ{ōΣ ¢Ŝύ ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŦŀƳƛƭȅ ƘŀǾŜ ōŜŜƴ 
ǎǘǳŘƛŜŘ ƛƴ ŘŜǘŀƛƭΥ DŘо¢ōоCŜ{ō¢ŜΣ ¢ōн5ȅпCŜ{ōнΣ ¢ōн5ȅпCŜлΦтрaƴлΦнр{ōнΣ DŘн5ȅпCŜлΦтрaƴлΦнр{ōнΣ  
DŘн¢ōпCŜлΦтрaƴлΦнр{ō¢ŜΣ ¢ōсCŜлΦтрaƴлΦнр{ō¢ŜΣ  ¢ōс/ƻлΦтрaƴлΦнр{ō¢ŜΣ ¢ōсbƛлΦтрaƴлΦнр{ō¢Ŝ ŀƴŘ  ¢ōсbƛлΦрaƴлΦр{ō¢ŜΦ 
¢ƘŜȅ ƘŀǾŜ ŀƭƭ ōŜŜƴ ǇǊŜǇŀǊŜŘ ōȅ ŀǊŎπƳŜƭǝƴƎ ώоϐΦ tƘŀǎŜ ŀƴŀƭȅǎƛǎ ƻŦ ǘƘŜ ŀƭƭƻȅǎ ǿŀǎ ŎŀǊǊƛŜŘ ƻǳǘ ǳǎƛƴƎ ·πǊŀȅ ŘƛũǊŀŎǝƻƴ 
ŀƴŘ ŜƴŜǊƎȅ ŘƛǎǇŜǊǎƛǾŜ ·πǊŀȅ ǎǇŜŎǘǊƻǎŎƻǇȅ ƳƛŎǊƻǇǊƻōŜ ŜƭŜƳŜƴǘŀƭ ŀƴŀƭȅǎƛǎ ό95{ύΦ aŀƎƴŜǝŎ ƳŜŀǎǳǊŜƳŜƴǘǎ ƘŀǾŜ 
ōŜŜƴ ǇŜǊŦƻǊƳŜŘ ǳǎƛƴƎ ŀ ±{a ό±ƛōǊŀǝƴƎ {ŀƳǇƭŜ aŀƎƴŜǘƻƳŜǘŜǊύ ƳƻŘǳƭŜ ƛƴ tta{ όtƘȅǎƛŎŀƭ tǊƻǇŜǊǝŜǎ 
aŜŀǎǳǊŜƳŜƴǘ {ȅǎǘŜƳύ ōȅ vǳŀƴǘǳƳ 5ŜǎƛƎƴΦ ¢ƘŜ ǘƘŜǊƳŀƭ ǇǊƻǇŜǊǝŜǎ ƻŦ ǘƘŜ ƳŀǘŜǊƛŀƭǎ ƘŀǾŜ ōŜŜƴ ƳŜŀǎǳǊŜŘ ǳǎƛƴƎ 
ŀ ƘƛƎƘπǊŜǎƻƭǳǝƻƴ ŀŎ ǇƘƻǘƻǇȅǊƻŜƭŜŎǘǊƛŎ ŎŀƭƻǊƛƳŜǘŜǊ όtt9ύΣ ƛƴ ƛǘǎ ōŀŎƪ ŘŜǘŜŎǝƻƴ ŎƻƴŬƎǳǊŀǝƻƴ ŦƻǊ ǘƘŜǊƳŀƭ 
ŘƛũǳǎƛǾƛǘȅ ƳŜŀǎǳǊŜƳŜƴǘǎΣ ŀƴŘ ƛƴ ƛǘǎ ŦǊƻƴǘ ŘŜǘŜŎǝƻƴ ŎƻƴŬƎǳǊŀǝƻƴ ŦƻǊ ǘƘŜǊƳŀƭ ŜũǳǎƛǾƛǘȅ ƳŜŀǎǳǊŜƳŜƴǘǎΦ  
 
Results and Discussion 
¢ƘŜ ŎƻƳǇƻǳƴŘǎ ǿŜǊŜ ǎŜƭŜŎǘŜŘ ōŀǎŜŘ ƻƴ ǇǊŜǾƛƻǳǎ ǎǘǳŘƛŜǎ ƻƴ ǘƘƛǎ ŦŀƳƛƭȅ ώмπнϐ ƛƴ ƻǊŘŜǊ ǘƻ ƻǇǝƳƛȊŜ ǘƘŜƛǊ 
ƳŀƎƴŜǘƻŎŀƭƻǊƛŎ ǇŜǊŦƻǊƳŀƴŎŜ ŀƴŘ ƛƴŎǊŜŀǎŜ ǘƘŜƛǊ ǿƻǊƪƛƴƎ ǘŜƳǇŜǊŀǘǳǊŜ ǳǇ ǘƻ ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜΣ ƻǊ ŎƭƻǎŜ ǘƻ ƛǘΦ Lƴ 
ŜǾŜǊȅ ŀƭƭƻȅ ǇǊŜǎŜƴǘ ƛƴ ǘƘƛǎ ǎǘǳŘȅ ǘƘŜǊŜ ŀǊŜ ǘǿƻ ƳŀƎƴŜǝŎ ǇƘŀǎŜ ǘǊŀƴǎƛǝƻƴǎΥ ŀ ǇŀǊŀƳŀƎƴŜǝŎ ǘƻ ŦŜǊǊƻƳŀƎƴŜǝŎ όtaπ
Ca ύ ǘǊŀƴǎƛǝƻƴ ƛƴ ǘƘŜ ǊŀƴƎŜ мунπнун Y ŀƴŘ ŀ ǎǇƛƴ ǊŜƻǊƛŜƴǘŀǝƻƴ ǘǊŀƴǎƛǝƻƴ ƛƴ ǘƘŜ ǊŀƴƎŜ нсπтс YΦ ¢ƘŜ ƛƴŎǊŜŀǎŜ ƻŦ 
ǘƘŜ ǊŀǊŜ ŜŀǊǘƘ ŀǘƻƳƛŎ ǊŀŘƛǳǎ ŜƴƭŀǊƎŜǎ ǘƘŜ ŀǘƻƳƛŎ ŎŜƭƭ ǾƻƭǳƳŜ ŀƴŘ ŀ ŎŜƭƭ ǇŀǊŀƳŜǘŜǊΣ ǊŜǎǳƭǝƴƎ ƛƴ ŀƴ ƛƴŎǊŜŀǎŜ ƻŦ ǘƘŜ 
/ǳǊƛŜ ǘŜƳǇŜǊŀǘǳǊŜΦ wŜƎŀǊŘƛƴƎ ǘƘŜ ŜũŜŎǘ ƻŦ ǘƘŜ ǎǳōǎǝǘǳǝƻƴ ƻŦ ǘƘŜ ǘǊŀƴǎƛǝƻƴ ƳŜǘŀƭ ŜƭŜƳŜƴǘΣ ǘƘŜ ǎǘǊƻƴƎŜǎǘ ŜũŜŎǘ 
ƻƴ ¢/ ƛǎ ƻōǎŜǊǾŜŘ ǿƛǘƘ aƴΣ ǿƘƛŎƘ ƎǊŜŀǘƭȅ ƛƴŎǊŜŀǎŜǎ ǘƘŜ taπCa ǘǊŀƴǎƛǝƻƴ ǘŜƳǇŜǊŀǘǳǊŜΦ ¢Ƙƛǎ ŜƭŜƳŜƴǘ Ƙŀǎ ǘƘŜ 
ƭŀǊƎŜǎǘ ŀǘƻƳƛŎ ǊŀŘƛǳǎ ŀƳƻƴƎ ǘƘŜ ǘǊŀƴǎƛǝƻƴ ƳŜǘŀƭ ŜƭŜƳŜƴǘǎ ǎǘǳŘƛŜŘ ƛƴ ǘƘƛǎ ǿƻǊƪΣ ŀƴŘ ŎŀǳǎŜǎ ŀ ōƛƎ ŜƴƭŀǊƎŜƳŜƴǘ ƻŦ 
ǘƘŜ Ŏ ŎŜƭƭ ǇŀǊŀƳŜǘŜǊ ŀƴŘ ŎŜƭƭ ǾƻƭǳƳŜΣ ǿƛǘƘ ŀ ǎƳŀƭƭ ǎƘƻǊǘŜƴƛƴƎ ƻŦ ǘƘŜ ŀ ŎŜƭƭ ǇŀǊŀƳŜǘŜǊ ƛƴ ŎƻƳǇŀǊƛǎƻƴ ǘƻ CŜΣ bƛ ƻǊ 
/ƻΦ ! ǎǘǊƻƴƎŜǊ ƘȅōǊƛŘƛȊŀǝƻƴ ƻŦ aƴ ǿƛǘƘ ǘƘŜ ƻǘƘŜǊ ŜƭŜƳŜƴǘǎ ƻŦ ǘƘŜ ŎƻƳǇƻǳƴŘǎ ƛǎ ǇǊƻǇƻǎŜŘ ǘƻ ōŜ ǘƘŜ ǊŜŀǎƻƴ ŦƻǊ 
ǘƘŜ ŎƘŀƴƎŜ ƻƴ ¢/Φ ¢ƘǊŜŜ ŎƭŜŀǊ ǘǊŜƴŘǎ ŦƻǊ ǘƘŜ ƛƴŎǊŜŀǎŜ ƻŦ /ǳǊƛŜ ǘŜƳǇŜǊŀǘǳǊŜ ǿƛǘƘ ǘƘŜ ŜƴƭŀǊƎŜƳŜƴǘ ƻŦ ǘƘŜ Ŏ ŎŜƭƭ 
ǇŀǊŀƳŜǘŜǊ ƘŀǾŜ ōŜŜƴ ƻōǎŜǊǾŜŘΣ ŘŜǇŜƴŘƛƴƎ ƻƴ ǘƘŜ ǊŀǊŜ ŜŀǊǘƘ ŜƭŜƳŜƴǘΣ ǘǊŀƴǎƛǝƻƴ ƳŜǘŀƭ ŀƴŘ ǇπōƭƻŎƪ ŜƭŜƳŜƴǘΦ 
!ǎ ŀ ŎƻƴǎŜǉǳŜƴŎŜ ƻŦ ǘƘŜ ǘǿƻ ƳŀƎƴŜǝŎ ǘǊŀƴǎƛǝƻƴǎ ƛƴ ŜŀŎƘ ŀƭƭƻȅΣ ǘǿƻ ǇŜŀƪǎ ǊŜƭŀǘŜŘ ǘƻ ŀ ŘƛǊŜŎǘ ƳŀƎƴŜǘƻŎŀƭƻǊƛŎ 
ŜũŜŎǘ ό5a/9ύ ŀǇǇŜŀǊ ƛƴ ǘƘŜ ƳŀƎƴŜǝŎ ŜƴǘǊƻǇȅ ŎƘŀƴƎŜΣ ƎŜƴŜǊŀǝƴƎ ŀ ǿƛŘŜ ǘŀōƭŜπƭƛƪŜ ǇƭŀǘŜŀǳ ǊŜƎƛƻƴ ƛƴ ōŜǘǿŜŜƴ 
ōƻǘƘ ǇŜŀƪǎΣ ǿƘƛŎƘ ƛǎ ǊŜǉǳƛǊŜŘ ǘƻ ƛƳǇǊƻǾŜ ǘƘŜ ŜŶŎƛŜƴŎȅ ƻŦ ǊŜŦǊƛƎŜǊŀǘƻǊǎ ŦƻƭƭƻǿƛƴƎ ŀƴ 9ǊƛŎǎǎƻƴ ŎȅŎƭŜΦ .ŜǎƛŘŜǎΣ ǘƘƛǎ 
ƳŀƪŜǎ ǘƘŜǎŜ ƳŀǘŜǊƛŀƭǎ ǎǳƛǘŀōƭŜ ǘƻ ǿƻǊƪ ŀǎ ƳŀƎƴŜǝŎ ǊŜŦǊƛƎŜǊŀǘƻǊǎ ƛƴ ōƻǘƘ ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜ ǊŜƎƛƻƴ ŀƴŘ Ǝŀǎ 
ƭƛǉǳŜŦŀŎǝƻƴ ǊŜƎƛƻƴΦ ¢ƘŜ ƘƛƎƘŜǎǘ ƳŀƎƴŜǝŎ ŜƴǘǊƻǇȅ ǇŜŀƪ ǾŀƭǳŜ ŦƻǊ л˃ɲI Ґ р ¢ ƛǎ ŦƻǳƴŘ ŦƻǊ ¢ōн5ȅпCŜ{ōнΣ ǿƛǘƘ тΦтн 
WκƪƎ Y ŀǊƻǳƴŘ мун Y όǎŜŜ CƛƎΦ мύΦ CƻǊ ǘƘŜ ǎŀƳŜ ŀǇǇƭƛŜŘ ŬŜƭŘ ǘƘŜ ƻǘƘŜǊ ŎƻƳǇƻǳƴŘǎ ǎƘƻǿ ƳƻŘŜǊŀǘŜ ǾŀƭǳŜǎ ŀǊƻǳƴŘ 
ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜ όнΦууπпΦро WκYƎ YύΦ IƻǿŜǾŜǊΣ ǘƘŜ ǎǳǇŜǊǇƻǎƛǝƻƴ ƻŦ ǘƘŜ ǘǿƻ ǇŜŀƪǎ ǊŜǎǳƭǘǎ ƛƴ ƘǳƎŜ ǊŜŦǊƛƎŜǊŀƴǘ 
ŎŀǇŀŎƛǘȅ ǾŀƭǳŜǎΣ ǳǇ ǘƻ w/C²Iaόр ¢ύҐммлоΦлп WκƪƎ ƛƴ ǘƘŜ ŎŀǎŜ ƻŦ ¢ōн5ȅпCŜ{ōнΦ ¢ƘŜ ŎƻƳǇŀǊƛǎƻƴ ƻŦ ǘƘŜ 
ƳŀƎƴŜǘƻŎŀƭƻǊƛŎ ǇǊƻǇŜǊǝŜǎ ǿƛǘƘ ǘƘŜ ƻƴŜǎ ǇǊŜǾƛƻǳǎƭȅ ƻōǘŀƛƴŜŘ ƻƴ wс¢·н ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŦŀƳƛƭȅ ŎƻƳǇƻǳƴŘ ǊŜǾŜŀƭǎ 
ǘƘŀǘ ǘƘŜǊŜ ƛǎ ŀ ŎƭŜŀǊ ƛƳǇǊƻǾŜƳŜƴǘ ƛƴ ǘƘƻǎŜ ǇǊƻǇŜǊǝŜǎΦ 
¢ƘŜ ǘƘŜǊƳŀƭ ŘƛũǳǎƛǾƛǘȅΣ ǘƘŜǊƳŀƭ ŜũǳǎƛǾƛǘȅ ŀƴŘ ǎǇŜŎƛŬŎ ƘŜŀǘ ƘŀǾŜ ōŜŜƴ ƳŜŀǎǳǊŜŘ ŀǘ ǊƻƻƳ ǘŜƳǇŜǊŀǘǳǊŜΣ ŀƴŘ ǘƘŜ 
ǘŜƳǇŜǊŀǘǳǊŜ ŘŜǇŜƴŘŜƴŎŜ ƻŦ ǘƘŜ ŦƻǊƳŜǊ Ƙŀǎ ōŜŜƴ ƻōǘŀƛƴŜŘ ŀǊƻǳƴŘ ǘƘŜ ǊŜƭŜǾŀƴǘ ƳŀƎƴŜǝŎ ǇƘŀǎŜ ǘǊŀƴǎƛǝƻƴǎ 
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ǊŜƎƛƻƴΣ ǿƛǘƘ ǾŀƭǳŜǎ ƛƴ ǘƘŜ ǊŀƴƎŜ мΦоπнΦо ƳƳнκǎΣ ǿƘƛŎƘ ŀǊŜ ƎƻƻŘ ŦƻǊ ƳŀƎƴŜǝŎ ǊŜŦǊƛƎŜǊŀǘƻǊǎ ǳƴŘŜǊ ƘƛƎƘ ǿƻǊƪƛƴƎ 
ŦǊŜǉǳŜƴŎƛŜǎ όǎŜŜ CƛƎΦ нύΦ  
¢ƘŜ ǎǘǳŘȅ ƛǎ ŎƻƳǇƭŜǘŜŘ ǿƛǘƘ ŀ ǊƛƎƻǊƻǳǎ ŎǊƛǝŎŀƭ ōŜƘŀǾƛƻǊ ŀƴŀƭȅǎƛǎ ƻŦ ǘƘŜ ǎŜŎƻƴŘ ƻǊŘŜǊ taπCa ǘǊŀƴǎƛǝƻƴΦ ¢Ƙƛǎ 
ŀƴŀƭȅǎƛǎ ǎƘƻǿǎ ǘƘŀǘ ōŜǎƛŘŜǎ ¢ōн5ȅпCŜ{ōнΣ ǿƘƛŎƘ ǳƴŜǉǳƛǾƻŎŀƭƭȅ ōŜƭƻƴƎǎ ǘƻ ŀ aŜŀƴ CƛŜƭŘ ǳƴƛǾŜǊǎŀƭƛǘȅ ŎƭŀǎǎΣ ǘƘŜ 

ǊŜƳŀƛƴƛƴƎ ŎƻƳǇƻǳƴŘǎ Řƻ ƴƻǘ ƳŀǘŎƘ ŀƴȅ ǘƘŜƻǊŜǝŎŀƭ ƳƻŘŜƭΦ ¢ƘŜ ŎǊƛǝŎŀƭ ŜȄǇƻƴŜƴǘ g Ǉƻƛƴǘǎ ǘƻ ƭƻƴƎ ǊŀƴƎŜ ƻǊŘŜǊ 
ƛƴǘŜǊŀŎǝƻƴǎΣ ƛƴ ƎŜƴŜǊŀƭΣ ǿƘƛƭŜ  ǾŀƭǳŜǎ ŀǊŜ ƛƴ ǘƘŜ ǊŀƴƎŜ όлΦрфπлΦфлύΣ ƛƴŘƛŎŀǝƴƎ ŀ ŘŜǾƛŀǝƻƴ ŦǊƻƳ ǘƘŜƻǊŜǝŎŀƭ ƳƻŘŜƭǎ 
ŀǎ ŀ ǊŜƅŜŎǝƻƴ ƻŦ ǘƘŜ ƳŀƎƴŜǝŎ ŎƻƳǇƭŜȄƛǘȅ ƛƴ ǘƘŜǎŜ ŎƻƳǇƻǳƴŘǎΦ ¢ƘŜǎŜ ŘŜǾƛŀǝƻƴǎ ŀǊŜ ŎƻƳƳƻƴ ƛƴ ǘƘƛǎ wс¢·н 
ƛƴǘŜǊƳŜǘŀƭƭƛŎ ŦŀƳƛƭȅΣ ŀƴŘ Ǉƻƛƴǘ ǘƻ ǘƘŜ ƴŜŎŜǎǎƛǘȅ ƻŦ ŘŜǾŜƭƻǇƛƴƎ ƴŜǿ ǘƘŜƻǊŜǝŎŀƭ ƳƻŘŜƭǎ ŀŘŘǊŜǎǎƛƴƎ ƳƻǊŜ ŎƻƳǇƭŜȄ 
ƳŀƎƴŜǝŎ ƛƴǘŜǊŀŎǝƻƴǎ ǘƘŀǘ Ƴŀȅ ŜȄǇƭŀƛƴ ǘƘŜ ŜȄǇŜǊƛƳŜƴǘŀƭƭȅ ƻōǎŜǊǾŜŘ ŘŜǾƛŀǝƻƴǎΦ ¢ƘŜ ŎǊƛǝŎŀƭ ŜȄǇƻƴŜƴǘǎ ƘŀǾŜ ōŜŜƴ 
ǳǎŜŘ ǘƻ ŎƻƴŬǊƳ ǘƘŜ ǎŎŀƭƛƴƎ ǊŜƭŀǝƻƴǎ ƻŦ ƳŀƎƴŜǘƻŎŀƭƻǊƛŎ ǇǊƻǇŜǊǝŜǎΣ ŀƴŘ ǘƘŜ ǎŎŀƭƛƴƎ ƻŦ ǘƘŜ ǊŜŦǊƛƎŜǊŀƴǘ ŎŀǇŀŎƛǘȅ 
όw/ύ ǾŀƭǳŜǎ ƛƴ ƳŀǘŜǊƛŀƭǎ ǇǊŜǎŜƴǝƴƎ ǘǿƻ ƳŀƎƴŜǝŎ ǇƘŀǎŜ ǘǊŀƴǎƛǝƻƴǎ ƛǎ ŀŘŘǊŜǎǎŜŘΣ ŎƻƴŎƭǳŘƛƴƎ ǘƘŀǘ ŦƻǊ ŀ ŎƻǊǊŜŎǘ 
ǎŎŀƭƛƴƎ ƻŦ w/ ǘƘŜ ƳŀƎƴŜǝŎ ŜƴǘǊƻǇȅ ŎƘŀƴƎŜ ǇŜŀƪ Ƴǳǎǘ ōŜ ŎƻƴǎƛŘŜǊŜŘ ǎȅƳƳŜǘǊƛŎΦ CƛƴŀƭƭȅΣ ǘƘŜ ŎƻƭƭŀǇǎŜ ƻŦ ǘƘŜ 
ƳŀƎƴŜǝŎ ŜƴǘǊƻǇȅ ŎƘŀƴƎŜ ŎǳǊǾŜǎ ƛƴǘƻ ŀ ǎƛƴƎƭŜ ǳƴƛǾŜǊǎŀƭ ŎǳǊǾŜ Ƙŀǎ ŀƭǎƻ ōŜŜƴ ƻōǎŜǊǾŜŘΣ ŎƻƴŬǊƳƛƴƎ ǘƘŜ ǎŜŎƻƴŘ 
ƻǊŘŜǊ ƴŀǘǳǊŜ ƻŦ ǘƘŜ taπCa ǘǊŀƴǎƛǝƻƴΦ ¢ƘŜ ŎƻƳōƛƴŀǝƻƴ ƻŦ ǘƘŜ ǎŎŀƭƛƴƎ ƭŀǿǎΣ ŎǊƛǝŎŀƭ ŜȄǇƻƴŜƴǘǎ ŀƴŘ ǳƴƛǾŜǊǎŀƭƛǘȅ 
ŎǳǊǾŜǎ ŀƭƭƻǿǎ ǘƘŜ ŜȄǘǊŀǇƻƭŀǝƻƴ ƻŦ ƳŀƎƴŜǝŎ ŜƴǘǊƻǇȅ ŎǳǊǾŜǎ ǘƻ ƳŀƎƴŜǝŎ ŬŜƭŘǎΣ ǿƘƛŎƘ ŀǊŜ ƴƻǘ ŜȄǇŜǊƛƳŜƴǘŀƭƭȅ 
ŀŎŎŜǎǎƛōƭŜΦ 
 

 
 

Fig. 1: Magnetic entropy change for 0˃ɲI from 0.5 to 
7.9 T 

Fig. 2: Thermal diffusivity as a function of 
temperature around TC 
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Introduction 
Need for automotive electrification in recent years have increased the reliability temperature requirements of 
electronic solder joints.  Ni is being increasingly used as a terminal/under layer to restrict intermetallic (IMC) 
growth during soldering and high temperature service (T > 398K). In contrast, there is also a need to 
reduce/minimize Ni thickness currently used in the industry due to environmental concerns. The composition 
and growth kinetics of the IMC layer ((Ni,Cu)3Sn4 or (Cu,Ni)6Sn5) depends on the mutual solubility of Cu and Ni in 
the IMC phases at the reaction interfaces [1]. This influences the overall IMC thickness and its morphology which 
affects the reliability of solder joints. This study focusses on the complex microstructural development and 
diffusion kinetics of the IMC phases in Cu(Ni-x)-Sn-Ni system with three different Ni interlayer thickness (x) of 
0.2, 0.6 and 1.6 µm.  

 
Materials and Methods 
tǳǊŜ /ǳ Ǉƛƴǎ ǿŜǊŜ ŜƭŜŎǘǊƻǇƭŀǘŜŘ ǿƛǘƘ bƛ ƛƴǘŜǊƭŀȅŜǊ ƻŦ ŜƛǘƘŜǊ лΦнΣ лΦс ƻǊ мΦс ҡƳ ǿƘƛŎƘ ǿŜǊŜ ŘŜǊƛǾŜŘ ŦǊƻƳ ǘȅǇƛŎŀƭ 
bƛ ƭŀȅŜǊ ǎǇŜŎƛŬŎŀǝƻƴ ǎƘŜŜǘǎ ƻŦ ŜƭŜŎǘǊƻƴƛŎ ŎƻƳǇƻƴŜƴǘǎΦ ¢ƘŜ Ǉƛƴǎ ǿŜǊŜ ǘƘŜƴ ǎǳōǎŜǉǳŜƴǘƭȅ ŜƭŜŎǘǊƻǇƭŀǘŜŘ ǿƛǘƘ нл 
ҡƳ ƳŀǧŜπ{ƴ όŎƻƭǳƳƴŀǊ ƎǊŀƛƴǎ ƻŦ ǿƛŘǘƘ оπр ҡƳύ ŀƴŘ р ҡƳ bƛ ŀǎ ǎƘƻǿƴ ƛƴ ŬƎǳǊŜ мΦ  ¢ƘŜ ŜǊǊƻǊ ƛƴ ǘƘŜ ǘƘƛŎƪƴŜǎǎ ƻŦ 
ǘƘŜ ŜƭŜŎǘǊƻǇƭŀǘŜŘ ƭŀȅŜǊǎ ǿŜǊŜ ŎƻƴǘǊƻƭƭŜŘ ǿƛǘƘƛƴ ƛƴŘǳǎǘǊƛŀƭ ǘƻƭŜǊŀƴŎŜ ƭƛƳƛǘǎΦ ¢ƘŜ ŜƭŜŎǘǊƻǇƭŀǘŜŘ Ǉƛƴǎ ǿŜǊŜ ǎŜŎǝƻƴŜŘ 
ƛƴǘƻ р ƳƳ ƭŜƴƎǘƘ ǎŀƳǇƭŜǎ ŀƴŘ ǿŜǊŜ ǇƭŀŎŜŘ ƛƴ ŀ ǘŜƳǇŜǊŀǘǳǊŜπŎƻƴǘǊƻƭƭŜŘ ŎƻƴǾŜŎǝƻƴ ƻǾŜƴ ǳƴŘŜǊ ŀƳōƛŜƴǘ 
ŎƻƴŘƛǝƻƴǎ ŀƴŘ ŀƎŜŘ ŀǘ офуYΣ пноYΣ проY ŀƴŘ птоY ŦƻǊ ǝƳŜǎ ǊŀƴƎƛƴƎ ŦǊƻƳ уƘǊǎ ǘƻ мп ŘŀȅǎΦ ¢ƘŜ ǘŜƳǇŜǊŀǘǳǊŜ 
ŎŀƭƛōǊŀǝƻƴ ǿŀǎ ŘƻƴŜ ǳǎƛƴƎ ŀ YπǘȅǇŜ ǘƘŜǊƳƻŎƻǳǇƭŜ όҕнϲ/ύΦ hƴŎŜ ǘƘŜ ƛǎƻǘƘŜǊƳŀƭ ŀƎƛƴƎ ƛǎ ŎƻƳǇƭŜǘŜΣ ǘƘŜ ǎŀƳǇƭŜǎ 
ǿŜǊŜ ƛƳƳŜŘƛŀǘŜƭȅ ǉǳŜƴŎƘŜŘ ƛƴ ŎƻƭŘ ǿŀǘŜǊ ǘƻ ǎǘƻǇ ǘƘŜ Řƛũǳǎƛƻƴ ǇǊƻŎŜǎǎΦ hǇǝŎŀƭ ƳƛŎǊƻǎŎƻǇȅ ǿŀǎ ǳǎŜŘ ǘƻ ŎŀǇǘǳǊŜ 
ƳƛŎǊƻǎǘǊǳŎǘǳǊŜ ŀƴŘ ƳŜŀǎǳǊŜ La/ ǘƘƛŎƪƴŜǎǎ ƻƴ ōƻǘƘ /ǳπ{ƛŘŜ ŀƴŘ bƛπǎƛŘŜ ƎǊŜŀǘŜǊ ǘƘŀƴ н ҡƳΦ CƻǊ ǘƘƛƴƴŜǊ La/ 
ǇƘŀǎŜǎΣ ǎŎŀƴƴƛƴƎ ŜƭŜŎǘǊƻƴ ƳƛŎǊƻǎŎƻǇȅ ό{9aύ ƛƴ ǘƘŜ ōŀŎƪǎŎŀǧŜǊŜŘ ŜƭŜŎǘǊƻƴ ƳƻŘŜ ό.{9ύ ǿŀǎ ŘƻƴŜ ŀƊŜǊ ŎƻŀǝƴƎ 
ǘƘŜ ǇƻƭƛǎƘŜŘ ǎǳǊŦŀŎŜ ǿƛǘƘ р ƴƳ !ǳ Ǿƛŀ t±5 ǇǊƻŎŜǎǎΦ 9ƴŜǊƎȅ ŘƛǎǇŜǊǎƛǾŜ ǎǇŜŎǘǊƻǎŎƻǇȅ ό95{ύ ŀƭƭƻǿŜŘ ŎƻƳǇƻǎƛǝƻƴ 
ƳŜŀǎǳǊŜƳŜƴǘ ƻŦ ǘƘŜ ǇƘŀǎŜǎΦ  
 
Results and Discussion 
Figure 2 shows the cross-sectional images of Cu(Ni-x)-Sn-Ni samples with Ni interlayer thicknesses (x) of 0.2 µm, 
0.6 µm and 1.6 µm aged at 473K for 14 days. The evolution of morphology and composition of the IMC phases 
varied with samples of different Ni interlayer thickness. Both Ni interlayer thickness of 0.2 µm and 1.6 µm showed 
uniform layer growth of the IMC phases whereas Ni interlayer thickness of 0.6 µm showed anisotropic facetted 
growth. In some cases, the facets which grew from opposite sides coalesced to produce continuous IMC plates 
mainly along Sn grain boundaries.  
(Ni,Cu)3Sn4  grew as continuous layer in the initial stage on Ni|Sn interfaces on both Cu-side and Ni-side for all 
the three cases. As the Ni interlayer is consumed by growth of (Ni,Cu)3Sn4  phase with time , Cu concentration 
within Sn phase increases due to its higher solubility in Sn than Ni [2,3]. When Cu concentration in Sn exceeded 
a critical threshold, there is thermodynamic driving force for conversion of (Ni,Cu)3Sn4  into (Cu,Ni)6Sn5 [4] .  The 
Ni concentration within transformed (Cu,Ni)6Sn5 phase resulted in facetted growth for Ni-rich ( > 10at.% upto 20 
at.%) (Cu,Ni)6Sn5  phase as seen in samples with 0.6 µm and 1.6 µm  Ni interlayer thickness. EDS line scan revealed 
that, in Ni-gradient exists within the (Cu,Ni)6Sn5  phase during the initial stages and it equilibrates to 15 at.% Ni 
for longer times.   Uniform layer growth was observed for Ni-poor( < 10at.%) (Cu,Ni)6Sn5 phase  in 0.2 µm Ni 
interlayer samples. (Cu,Ni)3Sn with negligible solubility of Ni is also observed close to the Cu interface for Ni-poor 
cases.  
Higher growth rate of (Cu,Ni)6Sn5 than (Ni,Cu)3Sn4 can be explained by the higher solubility of Ni in (Cu,Ni)6Sn5 
phase (upto 20 at.%) than solubility of Cu in (Ni,Cu)3Sn4 phase (upto 8 at.%) [4]. The faster growth of (Cu,Ni)6Sn5 
engulfs the initially formed (Ni,Cu)3Sn4 consuming the smaller grains resulting in dispersed precipitates of 
(Ni,Cu)3Sn4  (initial large grains) within (Cu,Ni)6Sn5 phase as seen in 0.2 µm microstructure. 
Grain boundary diffusion is the main diffusion mechanism controlling the growth of the IMC phases within the 
studied temperature range.  Addition of small amount of Ni to (Cu, Ni)6Sn5 phase acts as a grain refiner resulting 
in smaller IMC grains. The higher IMC thickness on the Cu-side in 0.2 µm samples is due to the finer grain size of 
Ni-poor (Cu,Ni)6Sn5  aiding in the grain boundary diffusion of Sn to the Cu interface [5]. The presence of initial 
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formed (Ni,Cu)3Sn4 precipitates closer to the Sn boundary also corroborates for Sn dominant diffusion. For 0.6 
µm samples, the Ni-rich (Cu,Ni)6Sn5 phase grows as single crystal with a fixed orientation relationship with Sn [6]. 
Although growth rate is faster along certain directions where the Sn grains are favorably oriented, there is overall 
less grain boundary area resulting in lower average IMC area in comparison to 0.2 µm samples.  
The free standing single crystalline facets poses a significant reliability risk due to its brittle nature of fracture. 
But if the facets from both Cu-side and Ni-side coalesce to form continuous IMC plate as seen in figure 2, it can 
strengthen the solder joint. The Ni interlayer with 1.6 µm thickness exhibited the slowest and uniform growth of 
(Ni,Cu)3Sn4  with very low Cu content thereby acting as an effective diffusion barrier for Cu-substrates. The  
activation energies and the diffusion constants of the individual IMC phases calculated in this study enable to 
model the system in future with techniques such as phase field simulation. 

 
 
 
 
 

 

 
Fig. 1: Schematic of the cross section of 
a Cu(Ni-x)-Sn-Ni electroplated sample 
where x can be 0.2, 0.6  or 1.6 µm. 

Fig. 2: Microstructure images of Cu(Ni-x)-Sn-Ni with x = 0.2, 0.6 or 
1.6 µm after aging at 473K for 14 days showing the different IMC 
phases formed on Cu-side and Ni-side. 
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Introduction 
In the view of the incoming energy crisis, the research on Phase Change Materials (PCMs) for Thermal Energy 
Storage (TES) purposes have been increasingly gained more and more attention in the last decades. Indeed, PCMs 
offer the possibility to absorb energy at constant temperature as latent heat of transformation, when they 
experience a phase transition. The energy collected is then released with the inverse process. The possibility of 
absorbing heat is also attractive for Temperature Management (TEM) purposes. Solid-liquid phase change is the 
most studied one. The high phase transition temperature and the high latent heat of fusion per unit volume, 
combined with the high thermal conductivity, make metals a very promising solution for the development of 
efficient TES/TEM systems. However, the problems related to the corrosiveness and the reactivity of molten 
metals severely limit their spread. 
Such an issue can be smartly tackled with the adoption of Miscibility Gap Alloys (MGAs) [1]. MGAs are composed 
by elements which do not interact at both the solid and liquid state. In the case of binary alloys, the resulting 
system at room temperature consist of two phases whose composition roughly corresponds to the one of the 
pure elements. Aluminum and Tin, already exploited in the TES field for service temperatures close to the melting 
temperature of pure Sn, i.e., 232°C, represent a significant example.  
The PCM activation temperatures can be tuned with the addition of other elements which do not modify the 
miscibility gap nature of the system. In the case of Al-Sn binary alloy, Si demonstrates to be a good solution [2]. 
Besides, few information is available for additions of other elements (e.g. Mg), generally found in commercial 
aluminum alloys, which possibly modify the response of the system. 
Hence, in this study, the authors propose to investigate the microstructural features and intermetallics arisen in 
PCMs, obtained from the combination of a commercial casting Al-based alloy, i.e., A356, with pure Sn. The 
selected production process was water granulation, that the possibility to obtain products with the desired 
microstructure with very limited temporal efforts [2]. The impact of secondary phases and intermetallics on the 
thermal performances of the resulting PCM is evaluated and compared to the one of the binary Al-Sn alloy. 
 
Materials and Methods 
The water granulated PCMs were obtained adding Sn (99.85%wt, BS EN 610: 1996) to commercially pure Al ingots 
or A356 alloy casting scraps in order to obtain a mass ratio of 40:60. A more detailed explanation about the 
production process is provided in [2]. The composition of the multicomponent system, hereafter simply referred 
as A356-Sn, was simulated with the thermodynamic equilibrium calculator of the commercially available 
software Thermocalc in aid of phase identification. Microstructural analyses were performed with both optical 
microscopy (Leitz Aristomet Light Optical Microscope) and electron microscopy (SU-70 Hitachi). EDS analyses 
were performed with UltraDry silicon drift X-ray detector (Thermo Fisher Scientific, USA). Besides, Philips Xpert 

Pro diffractometer (Cu Ka source) was used for crystallographic investigations.  
The thermal stability of the PCM was evaluated with heat treatments, performed with Terside Carbolite Furnace 
in Ar atmosphere, at 200°C with different dwell times (0.5, 1, 3 and 5h), as well as with Differential Scanning 
Calorimetry (DSC25, TA instruments) tests from room temperature to 300°C. 

 
Results and Discussion 
The preliminary analyses carried out on A356-Sn with Thermocalc software highlight the appearance of the 
MG2SI_C1 phase at temperatures close to the pure Sn solidification (Figure 1), i.e., the PCM working temperature 
range. The definition is referred to either to Mg2Si or Mg2Sn, sharing the same crystallographic structure. 
However, the lower Gibbs free energy for the formation of the latter intermetallic compound suggests MG2SI_C1 
to be identified with Mg2Sn [3]. 
In addition, the EDS analyses, performed on the micrographs, highlight the tendency of Mg to be dispersed within 
the Sn-rich phases rather than Si-rich regions.  
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However, both optical microscopy and XRD tests do not allowed the identification of Mg2Sn, possibly due to its 
very small size. On the other hand, SEM investigation revealed the presence of lamellar compounds dispersed in 
the Sn-rich phases (Figure 2), consistent with Mg2Sn-Sn appearance [4]. This latter compound seems to be 
beneficial in terms of adhesion between the Al-rich phase and the Sn phase, which easily detach in the case of 
the binary Al-Sn alloy. 

 

 
Fig. 1: A356-Sn phase diagram, computed with Thermocalc 

 
The heat treatments performed on A356-Sn and Al-Sn lead to exudation of the low-melting phase only in the 
first case, in accordance to Thermocalc data. SEM analyses performed on the leaked material, that underwent a 
re-solidification process, revealed the presence of an eutectic lamellar microstructure (Figure 2), similar to the 
one detected in the as-produced microstructure. The compositional analyses performed on the lamellae are 
consistent with the previous hypothesis.  
Mg2Sn melting in A356-Sn, close to 200°C, is detected also by the DSC analyses, in addition to the pure Sn 
transition, differently from the curve of Al-Sn, which exhibits only this latter phase change. Moreover, Mg2Sn 
demonstrates to be stable also under repeated thermal cycles. Hence the presence of this phase does not 
negatively affect potential use of the alloy as PCM for TES purpose. Besides, it is useful in widening the heat 
absorption temperature range: the energy is stored over a wider temperature span than in the binary system.  
 

 
Fig. 2: SEM micrograph of the lamellar structure found in the 
leaked material from A356-Sn after heat treatment. 

 
This work underpins that the introduction of intermetallics in multicomponent PCM systems is not generally a 
negative feature, and it can be useful in order to tune activation temperatures and obtaining more flexible 
devices in term of applications. 
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