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Introduction

Intermetallic titanium aluminides (TiAl) offer a unique combination of Avalanced oxidation resistance and
mechanical properties up to 7660°C with an excellent specific high temperature strength. Since more than 10
years they have been used now aBigh temperature material for turbine blades in the lgessure section of
airplane engines. Nevertheless, use at even higher temperature is hindered by the formation of a mixed
TiQ/Al20s-scale at high temperatures along with oxygen uptake into the sidhse zone. Especially the
F2NXIFGAZ2Y 2F RSGNARAYSydlt LKIF&asSa 06St26 GKS 2EKARS &0t S
strongly embrittle the alloys during exposure. To enhance resistance against oxidation, surface treatment is
necessaryMany approaches of modifications of the metal surface through diffusion treatments and phenomena
like the halogen effect were investigated in the past to alter the oxidation mechanism at elevated temperatures.
This article shows recent advancements in thiederstanding the mechanisms of embrittlement during
oxidation, recent coating approaches and outlines the requirements for future research.

Materials and Methods

The data shown was collected using the GE 4822 and-BNBubstrates, which are both allogé industrial
relevance. Samples were cut and exposed at different temperatures up to 1000h. Afterwards a brought analysis
including SEM, EPMA, Raman and TEM was conducted, as described elsewhere [1,2]. Additionally recent coating
approaches to slow downxidation and suppress the oxygen embrittlement are shown and discussed with
regards to their potential to mitigate the embrittlement at temperature.

Embrittlement during oxidation

Even after undergoing oxidation at 600°C for only 100 hours, the mechamagadrties of TiAl alloys can be
FROSNE St & TFFSOGSR i NR2Y (ophasdSridsfarmzid in the SubduiadeS (K S
region and minimal mass gains. It has been found, that the progressive embrittlement is linkeeriociiment

of oxygen in the subsurface zone, a phenomenon previously documented at elevated temperatures, e.g. [3]. As
GKSEAO! £ 0 LIKI &S »TisAlthe dvEraliNdubilitylof aky@jenhin the subsurface region increases,
augmenting its potentéil to induce brittleness. This process is vkelbwn in Tialloys, where the formation of an

oxygenS y NA O-&aSeRlayer can enhance the alloy's strength, resulting in increased hardness, but also
substantially reducing its ductility [4]. The presenceirdérstitially dissolved oxygen can lead to significant

internal stresses and alter the movement of dislocations in titanium [5]. Although the results for TiAl reveal
aAYAL N G STRBoAEIIM TiAl aligys,ithe consequences for the invasgig alloys are somewhat

different. The embrittlement impact on the TNBI1 alloy is less pronounced compared to the GE 4822 alloy, as

TNMB1 demonstrates lineaf a0 A O FTNI OGdzNBE o6SKIGA2NI Ay (GKS 4Lt SR Oz
Iy R-phase content. Conversely, for the GE 4822 alloy after exposure, the existence of a brittle Laves phase,
dzy AT2NXf & RAAGNAROGdzISR Ay (i KSsAldpoased dadJEdnibried. NI Bpedific |+ £ 2y
contribution of this Laves phase to the embetthent of the GE 4822 alloy should be explored in more detail in

the future.

Coatings to mitigate embrittlement duringxposure.
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Fig. 1: Crosssectional microstructure and EPM Fig. 2: SEM BSE image of the Crbakgd coating
analysis of SiAlO¢bated 4822 TiAl alloy oxidized fc on theTi4822 alloy after heat treatment at 700°C f
300 h in dry air conditions 1hinAr
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Microstructure related electrochemical corrosion behavior of intermetallic
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Introduction

It is well known that iron aluminides are a potential material group for high temperature applications based on
the easily accessible elements like Al &®d good wear resistance, high strengbhweight ratio, and promising

high temperature oxidation resistance-Bl]. Additionally, their usage in aqueous conditions might also be
promising due to their wide passivity range in acidic environments [4]. Uagieeous conditions, Al facilitates

the formation and stability of a passive layer at the surface of iron aluminides [5]. While several stu8jes [6
agree on an enrichment of lwithin the passive layer, the formation of divergent layer sequences$0H
containing solutions were proposed. These include the formation of only one layer with a mixed oxide/hydroxide
containing Feand Alcations [6], the formation of a sandwich like layer model with an accumulation®oinAl

the center [7], or the formatio of a twcolayered film composed of an outer mixed-Reoxide/hydroxide and an

inner layer containing primarily Al cations [8]. While most aqueous corrosion investigations focus on the passive
film formation and the resistance against i@tluced pittingcorrosion, the influence of phases regarding micro
galvanic coupling has barely been investigated. Negache et al. [9] indicated that among othiets phases
might lead to selective corrosion phenomena. However, a moegepth analysis is necessaryunderstand the
impact of phase manifestation on the electrochemical corrosion behavior in more detail. Therefore, the
microstructure related electrochemical corrosion behavior 6RBAISCr0.5Zr and the same alloy modified with

TiC additions were analgd using electrochemical methods to identify the role ofigh phases like the (Fe,Ady

Laves phase and-Fich carbides on the occurring agueous corrosion mechanisms. A previous study [12] could
already identify the role of the adjusted microstructusa the high temperature oxidation behavior at 700 °C by
reducing the inner oxidation depth of-fich phases using TiC as an additive feb5&5CF0.5Zr iron aluminide.

Materials and Methods

The iron aluminides (in at.%) 28AF5Cr0.5Zr and F5AF5CF0.5Zr+TiC were produced using an investment
casting procedure that was performed by Access e.V. (Aachen, Germany). Approximately 0.7 wt.% TiC were
added before the melting process to the second alloy system to adjust the microstructure.

To analyze thascast microstructure of the materials, scanning electron microscopy (SEM), energy dispersive X
ray spectrometry (EDS), andray diffraction (XRD) were performed. The electrochemical testing of the iron
alumindes was utilized in a regular thretectrode setup in which the sample is the working electrode (WE), a
platinum sheet is the counter electrode (CE), and a saturated calomel electrode (SCE) that is connected via a
bridgetube capillary, serves as the reference electrode (RE). The samples wengsstggpound and polished

until 0.02 um grit and cleaned with ethanol prior to the corrosion testing. A thermostat provided a constant
solution (acidified with E5Q) temperature of 25 °C by heating water in a double walled beaker. The open circuit
potential (OCP) was measured for 3600 s after the sample was immersed into the solution. Electrochemical
impedance spectroscopy (EIS) was performed at OCP with 10 points per decade and an AC amplitudenef 10 mV
Additionally, potentiodynamic polarization (PDPgasurements were utilized with a scan rate of 0.167 mV/s.

Results and Discussion

The materials characterization of BBAFSCF0.5Zr revealed the formation of an interdendritic (Fe;2)Laves

phase network within the ordered F&l matrix. Theaddition of TiC hampered the manifestation of a (Fezl)

Laves phase network that was then rather discontinuously found at the grain boundaries and within the grains.
Additionally, Zirich carbides were formed at the grain boundaries and in the gra@miortdue to the high affinity

of Zrto C. In Fig. 1 a), the Nyquist plots (data and fitting) at OCP in 0.25Qblution after 3600 s of immersion

for both iron aluminides are depicted showing the imagina @ Q0 'y R NBI f 0 %@dr batd NI 2 F
alloys, one capacitive arc in the high frequency region and one inductive arc in the low frequency region can be
identified. These two arcs suggest the presence of two time constants, which can also be identified in the Bode
plot of the phase angl in Figlb). The appearance of the inductive arc for both alloys ind&tite impact of
adsorption processes at the reaction front. These can also be observed for varibasdtematerials in 1$Q
solutions [10,11]. The diameters of the capacitivmseircles in the Nyquist plot (Fig. 1 a)) as well as the absolute
impedance |Z| values in Fig. 1 b) already indicate a decreased corrosion susceptibility of the microstructural

y



modified Fe25AI5Cr0.5Zr+TiC compared to 286AI5Cr0.5Zr under the statecconditions. The reduced
corrosion susceptibility is suggested to be reasoned by the changed behavior ofgaicamic coupling between
the FeAl matrix and the present phases.

6 10 10
a) © Fe-25AI-5Cr-0.5Zr+TiC (data) b) o Fe-25A1-5Cr-0.5Zr+TiC (data) c)
Fe-25AI1-5Cr-0.5Zr+TiC (fitting) - - - -Fe-25A1-5Cr-0.5Zr+TiC (fitting) m
5 1 A Fe-25Al-5Cr-0.5Zr (d.a‘ta) s Fe-25A1-5Cr-0.5Zr (data) b o
Fe-25Al-5Cr-0.5Zr (fitting) s - - - -Fe-25A1-5Cr-0.52r (fitting) 0| )
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Fig. 1: EIS data and fitting for both iron aluminides at OCP in 0.2f5M $tlution after 3600 s of immersiol
in the a) Nyquist plot, b) Bode plot of the phase angle, and c) Bode plot of the absolute impedance |Z|
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Introduction

High-entropy alloys (HEAs) and complex concentrated alloys (CCAs) based on refractory metals (RHEAs, RCCAS)
alloyed with light metals have shown promising combinations of low density and high stremdtigh
temperatures resulting in extensive research efforts to exploit their full potential for -tégiperature

applications.

In this work, the three RCCAs AlMNbTasTiZr[1], AICrMoNbTj2] and AICrMoTaT2] were chosen as (negr

equimolar starthg compositions for a comparative study. By systematically varying elemental concentrations of

lfS / NKk%N) YR ¢A O60&a0G2A0KA2YSGONRO FI OG2NAY 't wmMXoX |/
experimentally screened in terms of microstructure aadtihermal oxidation resistance at 1000 for 4& in
FYOASYUG AN ! RRAGAZ2YI &3 adiokispefdandiSiovestigated. YA Y 2 NJ | RRA (A
Screened RCCAs with highest oxidation resistance, beneficial phase composition and microstndture a
promising mechanical properties will be further improved by microalloying in terms oftbigherature

strength in future work.

Materials and Methods

Elemental bulk materials with purities >99®were melted in an AM0O0 vacuum arc melting furnace 0x6 bar

Ar atmosphere. Each slug was flipped over at least five times to ensure macroscopic homogeneity. After
solidification, almost all alloys under investigation showed cracks as well as macrafigapimmogeneous
microstructures with grain sizes from grange to several mm. Thus, powder metallurgy processes were chosen

to produce dense, craekee samples with macroscopic homogeneous microstructure. Vacuwmelted alloy

slugs were crushed and neitl to powder using a vibrating disc mill with 15@®n for 10s in ambient air. Powders

were compacted by spark plasma sintering (SPS) to discs wittn28iameter and 2nm height using graphite

tools at 1300°C and 5MPa with a dwell time of Enin in <01 mbar vacuum. After sandblasting and flat grinding

all disc samples, homogenisation heat treatment at 1300for 4& in Ar atmosphere followed. Samples for
oxidation testing were ground and polished using SiC abrasive papers down1dQf¥itFor scregng purposes,
oxidation samples were cleaned in ethanol and weighed before as well as after isothermal oxidation testing at
1000°Cfor4& AY FYOASYG AN ¢KS YSIFadz2NBR YIraa 3IFLAYy Aa +y
Selected promisingllays with highest oxidation resistance were investigated in more detail regarding phase
composition, microstructure, mechanical properties and oxidation behaviour by thermal gravimetric analysis
(TGA), scanning electron microscopy (SEM), energy dispetsiyespectroscopy (EDS}rag diffraction (XRD),
differential scanning calorimetry (DSC), Vickers hardness testing, compression testing and Archimedes method.
Experimental investigations are supplemented by CALPHAD simulations using -Baom&oftwarewith
TCHEAGS database which is specifically designed for HEAs and CCAs.

Results and Discussion

For AlMasNbTasTiZr, isothermal oxidation results showed mass gain of mg4&n? which decreased to
152mglcm? for AIMaosNbTasTiZESS| 142mg/en? for  AlMoosNbTasTiZies and  113mg/en?  for
AbksMoosNbTasTiZr, respectively. Varying Ti concentration did not change oxidation mass gain significantly.
Both the base RCCA and all its chemical derivatives showed apparent dense oxide scatessidirable
increase in volume, resulting in extensive cracking of the oxide scales. This was presumably caused by high Pilling
Bedworth ratios of NEOs (2.68), Ta0Os (2.50), Ti@(1.73) and Zre&(1.56).[3] Thus, no protective oxide scales

were formed. hvestigations of Lu et g{] regarding varying Al concentrations showed the same trend, although
mass gains were lower with 1@dg/cn? for AIMoo.sNbTa.sTiZr down to 7Gng/cn? for Al.sMoosNbTasTiZr, all

in ascast condition. Oxidation results for AMDNbTI, AICrMoTaTi and their chemical derivatives will be
addressed in the talk.

Phase composition and microstructure of AlpdNbTasTiZr and AICrMoTaTi are strongly affected by varying
element concentrations, respectively (FIg. Phase compositionmges from two (Fidlc, g, h, i) to five apparent
phases (Fidlb, j) judging by BSE contrast. CALPHAD simulations confirm these findings, suggesting a high

M N



potential for tailoring beneficial phase composition and microstructure for téghperature appliations in

future work. Microstructure results for AICrMoNDbTi and its chemical derivatives will be addressed in the talk.
Hardness testing resulted in high hardness values oftgl2HV10 for AlMesNbTa.sTiZr, 841 30HV10 for
AbsMoosNbTasTiZr, 4384 HV10 for AlMesNbTasTksZr, 682+ 10HV10 for AlMesNbTasTiZos and

673121 HV10 for AIMesNbTasTiZE5Si In comparison, cast and heeated IN713C (35555 HV10[5]) and

powder metallurgical processed and hededated MoSiB(630+15HV10) show considerably lower hardness
values at room temperature. Hardness results for AICrMoNDbTi, AICrMoTaTi and their chemical derivatives as well
as results of more detailed investigations will be addressed in the talk.

° e = . o =
Fig. 1: SEMBSE micrographs at identical magnifications of Al Ta sTiZr and AICrMoTaTi with varyir
compositions in  homogenised condition: a) AWNNbTasTiZr, b) AbksMoosNbTasTiZr, c)
AlMoosNbTasTksZr, d)AIMoosNbTasTZf.2s €) AIMasNbTasTiZESS| f) AICrMoTaTi, dkCrMoTaTi, h)
AICrMoTdk, i) ACrsMoTaTi and j) AICrMoTa3si
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Introduction
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1 How do finelamellar CiSiMo alloys compare to similar M8iTi alloys with respect to oxidation resistance,

especidly in the pesting regime (around 800 °C) with potenktdOs evaporationand beyond 1100 °C

where CrQ starts to evaporate?
1 How does solute partitioning of Cr in-SiMo compare to Ti in M¢siTi in view of the continuous phase

fields of (Cr,Ma}and (C/M0)sSi?
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Materials and Methods
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Results and Discussion
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Introduction

Gamma titaniumaluminidebased alloys are considered more and more as a potential substitute of the currently
employed nickel superalloys for structural applications in the aeroengines industry, as the material of choice for
low-pressure turbine blades {2]. Developmenand advancement of gamma titanium aluminides technologies

is regarded as a key factor for achieving the targets of engine efficiency and reduction of carbon dioxide emissions
in new generation gas turbine engines [3]. Additive manufacturing by Electram Bielting (EBM) can be used

to effectively produce gamma titanium aluminide (TiAl) intermetallic alloys with mechanical properties suitable
for structural components, [4]. TiAl alloys are now considered as a substitute of some traditionally employed
alloys in some specific applications in the energy, aerospace, and automotive industry (e.g., turbochargers wheels
and engine valves), [5]. Even if TiAl alloys provide favorable specific strength at the relevant temperatures
compared to competing nickel supefa € 82 G KS&@ QNX NBIIF NRSR a Y2NB O2YLX S
to their specific mechanical properties compared with conventional alloys. Moreover, depending on their final
microstructure, fatigue strength is one of the most important design requéesets, in the view of designing
structural parts.

In this work, the fatigue crack growth properties of a high containing TiAl alloy (ABAFSNb-2Cr, at. %)
produced by additive manufacturing by Electron Beam Melting (EBM) technology is experimemtdyized.

Fatigue crack growth experiments with ssize SENT specimens have been conducted with the aim of
highlighting the interaction with the microstructure of fatigue cracks in the threshold region of this TiAl alloy,
with special focus to the contriltion of shielding mechanisms and crack closure in the near threshold regime.

Materials and Methods

¢KS 3JFYYIl GAGHE yTRNZHASAISNOZCH (tA% $htermetallic alloy studied in this work was
produced by powder bed fusion additive manufadtgy technique by electron beam melting (EBM), by means

of the EBM A2 machine manufactured and distributed by ARCAM AB (Sweden). After EBMyuittenzeterial
undergoes hot isostatic pressing (HIP, as described also in [4]) and subsequent heat treBtepemding on

the heat treatment parameters, fully lamellar or duplex microstructures may be obtained, [6]. In the case of the
material studied in the present work, final microstructure is predominantly made by lamellar grains with grain
size ranging fron200 to 500 um, with an average grain size of about 300 um.

Small squareéection blocks (12x12 mm cross section, 28 mm height) were cut by EDM from samples of heat
treated material. For each block, at riieight, a deep notch with a small tip radius of abd50 pm was
manufactured by thin wire EDM, so that fatigue cracks could be generated at the notch root by employing a
specific compression preracking procedure, [8]. Finally, sulsize SENT specimens were cut by EDM out of the
pre-cracked blocks (Fi@), and a set of custom clevis grips was designed and manufactured, so that fatigue tests
could be performed at loading ratio R=0.05. The evolution of the fatigue cracks was observed by optical
microscope observations, allowing to reconstruct the progressnteraction of the growing cracks with the
microstructure.

Results and Discussion

In the 2D view of the crack propagation as observable on the lateral surfaces of the specimens, it can be observed
that fatigue accumulation damage is governed by thealamicrostructure, [9]. Fatigue crack paths are heavily
controlled by the orientation of lamellar grains respect to the main loading direction and the crack propagation
direction, resulting in a complex zigg pattern. By the observation made on propagatcracks, it became
evident that a certain amount of crack deflection is always present, as the propagation direction usually changes
when the fatigue cracks cross lamellar grains with different orientations, ZFighis phenomenon results in
relatively rough fracture surfaces, with the premature contact between the fracture surface asperities during the
unloading phase of the fatigue cycle, suggesting that roughness induced closure may play an important role in
the fatigue damage process. For thissen, crack closure levels have been experimentally measured by applying
the compliance offset method, with measured ratios efidsaxin the range of 3238%.

In order to model the roughness induced closure phenomenon, the rgiemmetric model of SuresRitchie

[10] was applied, allowing to assess that a key component of the closure effect on the fatigue crack threshold
(between 70% and 85%) can be attributed to the roughness of the fracture surfaces.

M



The crack propagation rates measured within the mimieted SENT specimens are in line with the data
previously collected with standard C(T) specimens, giving confidence that the present test technique could be
applied extensively for assessing the fatigue properties of TiAl alloys, at least in the eanfiahtivelopment

phase, when limited amounts of material are available. The lamellar microstructure is responsible for different
GF LI NBydé aidNByaidiKSyAyad YSOKFIyAayYas adzOK |a oNRARRIAAY
shielding. The intensi of the closure phenomenon is remarkable, as can be observed from the experimentally
determined crack opening forces. According to the SwR#bhie model a significant part of the closure
phenomenon can be attributed to roughnessluced closure. Furtr activities will require to acquire more data

on crack propagation and especially on the contact between fracture surface asperities, which is responsible for
roughnessnduced closure.

More refined crack closure model(s) will provide more reliable cl$evels assessment and allow to identify
0KS STFSOGABS a i Nheafartha fetigue designiofmedhdaindd sirictiral Rompovients.

lamellar

Inter-lamellar
fracture

decohesion

Fig. 1: Sulsize SENT specimen employ Fig. 2:0bservation of evolution of fatigue cracks and interacti
for the fatigue crack growth tests with microstructure
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Introduction

¢ KS RdzZlf YAONERA&GNHZOGdzNB O 2 y-DifLidibasedion tBelideéavoF adjishing the/idcalzY | f dz
aluminum content by applying different melting parameters during electron beam powder bed fusiofiEB)BF

[1]. During subsequent heat treatménz NBE3IA 2y a gAGK | f2¢ | fdzYAydzy O2y G Sy
I FdzA €& fFYSEftFENI 0C[0O YAONRAGNUzOGdzZNB: ¢gKAETS NBIAZ2YaA
resulting in a nearly lamellar (NL) microstructure [1]. While themkdrostructure provides increased creep

strength [2], the NL microstructure shows a higher ductility [3]. In this way, complex geometries, for example,

turbine blades, can be tailored to the local working loads during applicatiorKfjrlein et aldemorstrated

first, that this concept is feasible using conventional BBF & & & (1 SY a -HA Alby 1K Bowever ahe !

heat treatment window is too small for industrial applications.

Materials and Methods

¢ K STiAl powder F#4.5AHNb-1Mo-0.1B (at%)called TNM, is processed on a prototype fEBFmachine
named HELIOS. The freely programmable prototype is developguodyeam GmbH & Co. KGaA (Gilching,
Germany)and runs on a script programmed by tldair of Material Science and Technology for Medalhe
FriedrichAlexandefUniversitat (Erlangen, Germanylhe machine is capable of 160 acceleration voltage and
up to 45kW power. Furthermore, hsitu process observation via electron optics (ELO) is available [5].
Subsequent heat treatments are aducted in a vacuum furnadeHTM 250/300 (CarboliteGero GmbH und Co.
KG, Neuhausen, Germanyhe microstructure is analyzed in the scanning electron microsdeties NanoLab
600i (FEI Company, Hillsboro, Oregon, U8Aa circular backscatter electron @etor (CBS). Finally, the
aluminum content is determined by electron probe microanalysis (EPMA) withettie] XA 8100 (JEOL, Akishima,
Japan)

Results and Discussion

¢CKS KAIK | OOSt SNI GA2Yy @2-TiAl in 8 Sacubny atntospBeig* i rnBar) MihBuO S & &4 A y 3
processing gas. Further, 180 widens the processing window to lower area energies and higher lateral velocities

(see Fig. 1). The larger processing window enables the production of dense samples over a larger range of area
energies,which is beneficial for the dual microstructure concept. Further, the EPMA measurements reveal a

more homogeneous microstructure of 1Y samples compared to conventionally manufactured 8P

samples. Both aspects, homogeneous microstructure, and esdagpyocessing windows facilitate a heat

treatment window of 25°C, which should be suitable for industrial application.
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Introduction
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effect which lead to the IRIS alloy of composition e48AF2W-0.08B [at.%] [2]. This alloy exhibits high strength

at elevated temperature andeasonably good ductility at room temperature, thanks to an optimized
YAONR&GNHzOG dzNE O2yaAiaidiy3d 4 insRe dubrdiundgdiby dudtilg &quidxgdY St € | NJ
grains. Here, we examine in detail the role of tungsten addition on #ierchation mechanisms, which effect is

suspected to result from its low diffusivity [3]. In particular, we will examine whether the presence of tungsten

in solid solution induces changes in the controlling mechanisms (climb vs. glide of ordinary disg)catiol if

modifications on the kinetics of these phenomena can be observed, by means notabbitafTEM heating and

straining investigations. For these purposes, two model alloys have been processed, one of binary composition

and the other containingungsten (referred to as TiAl and T\, respectively). Thus, a powder metallurgy route,

i.e. ingot casting, gas atomization and subsequent powder densification by spark plasma sintering (SPS), has been
employed.On these materialssreep tests have beetonducted at 800°C.

Materials and Methods

Specimens of #8.4A10.1B (TiAl) andi46.3A12.2W-0.2B(TiAFW) compositions have been processed by SPS,
using prealloyed powders provided by GFE Metalle und Materialien GmbH (Nuremberg, Germany). For the
determination of the mechanical properties, sintering conditions have been employed to adjust lamellar
microstructures, that is, by selecting elaboration temperatures of 138@15°C. For the investigations of the
microscopic deformation mechanisms of thg@hase by TEM, specimens of ngamicrostructures have been
elaborated at 1260°@300°C. To determine the creep strength of the materials of lamellar microstructure, tests
have been conducted at 800°C under 20Pa. For TENostmortem analysis, the testaere carried out with

the specimens of neagmicrostructureat 800°C under 38Pa, and interrupted after-8 % of plastic strairiThe
TEMinsituA y @Sa i A3l GA2ya KI @6°CouSicomderditNGa3aR) atddeimede samgle
holders.

Reslilts and Discussion

The creep tests (800°ZD0 MPa) on the lamellar materials gave lifetimes of 19 h and 146 h, and secondary
deformation rates of 2.6x10s! and 1.4x10 s for the TiAl and TiAWV alloys, respectively. Therefore, tungsten
addition leads to significant increase of the creep strength, as already reportedpd&ivhortem and in-situ
investigations in the TiAl and T alloy showed that the deformation mechiams were glide and mixed climb

of ¢j ¢ 6p p mlislocations, as classically reported [4]. However, uncomiaent alislocations have also been
detected, which studies of our group have identified in the case of planar loops developing in (001) habit planes
[5]. However, in contrast with this previous study, the a[001] dislocations identified here exhibited complex,
helicalnon-planar morphologies (Fig. 1). Tidsherefore a new deformation mechanism, which requires now to

be described in more detail\evertheess, the helical morphology, which implies that the Burgers vector
b=a[001] is not contained in the habit plane of the dislocation, is another direct evidence that climb is involved,
and probably controls the deformation kinetics. However, the TEStUS ELISNRA YSy (G & G Fynn c/
TiAl alloy, coupled with determination of the habit planes of the dislocations, have unambiguously demonstrated
that pure glide of ordinaryj ¢ & p rdislocations is also activated (Fig. 2), and that the velocities of the
dislocations for the glide and climb mechanisms are of close orders of magnitude (in th® @n&'s range) [4].

This observation is surprising, pure glide being frequently supposed to involve much higher kinetics than glide.
Finally, measurements in THAI alloy gave rise to dislocation velocities e Bm/s, that is, close to that observed

in the binary TiAl alloy, considering the scattering of the data.

MYy
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Fig. 1. @ype a[001] dislocation of complex morphology formed during creep at 800°Giivagy TiAl alloy.
Micrographs (a) and (b) show this dislocation for tilt angles of the sample holder of +23223ndespectively,
allowing to show that the segment labelled 1 is not contained in the loop plane labelled 2, which demonstrates

a helical noerpho
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Fig. 2. Dislocation moving by glide at 770°C. (a) Image extracted fromsitun TEM experiment, showing that
a dislocation has moved at a velocity of 4@.2nm/s. (b) Image of the same region after inclination of the
sample holder, showindhat the slip traces left by the dislocation during its motion at 770°C are contained in a
pure glide ppp plane.

Conclusions

CKS ¢9a 20aSNBIGA2ya aK2gSR aAaAYAT I NI RST2NXNIGA2Yy YSOKI
TIAKW alloys. Therefe, no clear mechanism transition seems to be induced by the addition of tungsten. The
dislocation velocity measurements (@;% nm/s for TiAl and 39 nm/s for TiAIW), gave also close orders of

magnitude in the two alloys. However, potential effectdlué addition of W on the dislocation kinetics can also

be hidden by the scattering of the experimental data.
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91 It has been demonstrated in theapt that a crucial factor in producing higjuality alloys is related to
the powder's homogeneity, particularly its chemical homogeneity when heavy elements like tungsten
are used [4]. [Ref]. In particular, it has been found that the EIGA atomisation Sragenerates
inhomogeneities linked to the production of the electrode. It will be shown that processing the initial
ingot for atomization via the PAMEHR approach enables the production of powders free of tungsten
inhomogeneities;
91 In order to reduce theemperature gradient, a hybrid SPS system was used to sinter large billets of
material. An external induction/resistance heating system is employed to help the original heating
system driven by the current flowing in the graphite assembly. As a residtshilith good structural
homogeneity were produced, measuring up to 10 mm in height and 300 mm in diameter;
1 The hightemperature service properties of these PAMGA powdesintered IRIS alloys, including
creep, fatigue, and oxidation resistance, were assel and compared with those of the most recent
TiAl alloys. The ability of the SHBS alloy to operate effectively at high temperatures has been
confirmed;
1 Animproved chemical composition, called as IRIS+, was proposed after the effects of the mttammpor
of additional elements on the alloy characteristics were assessed. It is primarily based on the addition
of carbon, which improves alloy resistance without significantly lowering low temperature ductility.
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Figure. lllustrations of the successive steps of this worRAMFCHR ingot, b) powder particles, c) large SPS billet,
d) microstructure of the IRIS alloy and e) comparison of the creep properties at-800°k&2Pa of the IRIS and
IRIS+ alloy
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Introduction
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high-temperature applications. In addition to their low density of roughly 4 ¢gxm G KSA NJ KA 3K aLISOA -
modulus and strendt even at elevated temperatures as well as their good oxidation and burn resistance,
especially their excellent creep properties make these alloys a material of choice for challenging structural
applications [1]. Following intensive research and developinenl O (i ATM linde§ allays have recently

entered service in the automotive and aircraft engine industries, e.g. asptessure turbine blades in
environmentfriendly jet engines, as engine valves in sports and racing cars, or as turbocharges tuhigiels

[2]. In the course of the past decades, the development of these complexphaltie alloys has benefited greatly

from the application ofin situ synchrotron Xray techniques [3]. Diffraction and scattering techniques, in

particular, have offere@dccess to the atomic structure of the material and provided information on a variety of
microstructural parameters. Advanced experimental setups, which are steadily refined, have even allowed the
exploration of elaborate manufacturing processes and yielohsigyhts that have so far been inaccessible by

means of conventional methods. In this contribution, we will present several exampilesitd high-energy X

ray diffraction (HEXRD) experiments that were designed to understand specific aspects of émgiabeys

connected with thermodynamic disequilibrium, such as criticgli 2 G KS F RRAGA @S YAy dzF | O dz
based alloys.

Materials and Methods

The first part of this contribution will attempt to provide a brief overview on different expental setups and
specimen environments that can be used at a synchrotron radiation source to stuelaldd aspects. The
G2LIA0O& | RRNB&a&ASR AyOf dzRS ( K-FiAl NdsddialRys 4P tha Risrdskuttliral A 2y 0
evolutionduring AM[5] & ¢St f | & { KBAlsed pavddr{eh NiFich dari ser2eyas feetistock
material. Most of the examples presented rely, at least in some form, on the dilatometer setup currently available
at the Hereonrun HighEnergy Materials Science dreline PO7 at PETRIA at the Deutsches Elektronen
Synchrotron (DESY) in Hamburg, Germany [7]. Since the dilatometer permits an accurate control over
temperature and atmosphere, isolated features of AM processes can be simulated and studied in great detai
For example, specimens can be subjected to temperature profiles measured previously on specific sample
locations during AM, in order to investigate the phase transformations and microstructural evolution during an
intrinsic heat treatment with good graistatistics.

2 KSy AlG O2YSa G2 addzReAy3d GHASbased dldysR thaughfariRtbriteteOmightA 2 y 0 S
not be the device of choice. The reason for this is not only that it is difficult to melt dilatometer samples in a
controlled mainer, but also that the cooling rates of real AM processes simply cannot be reached. For such
experiments, a dedicated setup, thus, had to be developed, which will be presented in detail in the second part
of this contribution. The following paragraphstbfs abstract refer to this very case study, parts of which have
been published in Ref. [4].

The setup employed for thin situ solidification experiments was based on a laser powder bed fusion (LPBF)
chamber adapted for use at a synchrotron radiation seu8]. The laser, which was moved by a scanner unit,
was used to melt the upper edge of a sample mounted on a sample holder. During the process, both the laser
and the sample unit were contained in a chamber flooded with inert Ar gas. Due to the adaptatioe LPBF
chamber, the synchrotron-Kay beam could be positioned perpendicular to the sample as well as the laser beam,
pointing on a stationary point just below the upper edge of the sample. Consequently, the phase transformations
upon melting and resolidification could be probed in the gauge volume in transmission geometry. As the laser
was set to move along the upper edge of the sample, an entire melting cycle including heating, melting, and



subsequent cooling could be traced. The use of the LBBB and the connected small melt pool size ensured

that conditions, and especially cooling rates, close to those encountered during actual AM were met.

For this experiment to work, however, it is imperative that at a certain point in time the entire galgme is

made up of melt. In a powddred based setup, this requirement is not easily met, since a sufficient sample
thickness is necessary for a suitable diffraction signal. In this case, it is unlikely that all powder particles in the
gauge volume wibe simultaneously melted by the laser, independent of the hatch pattern, and the remaining
solid particles will obstruct any analysis efg, primary solidifying phases. To circumvent this problem, thin
platelet-shaped specimens were inserted into thengple holder, and, while being singimck fused along the

upper edge, the laser parameters were carefully selected to ensure a suitable melt pool size with respect to the
Xray beam.

Thein situsolidification experiments shown in the following were cdr® i SR 2y | y -Tiklybéas&dNIY S G | £ f
alloy with a nominal chemical composition of4BAF2Cr2Nb (at.%). Platelets with cressctions of 5<5 mm?

and thicknesses ranging from 200 to 500 were cut from asast material. Following an extensive laser
parameter study, which was performed in close collaboration with the Las®t Plasmdalechnologies of the
Joanneum Research Forschuggsellschaft mbH, Niklasdorf, Austria, the situ HEXRD experiments were
conducted at beamline P07 at DESY using a rpeaton energy of 108eV and a PILATUS3 X CdTe 2M area
detector.

Results and Discussion

Figure 1 shows an example of the evolution of the azimuthally integrated intensities of various reflections
pertaining to the different phases in the investigateeddBiAl2Cr2Nb (at.%) alloy during one melting cycle. Based

on the amorphous region that odeNBE N2 dz3Kf & 060SG6SSy op YR np Ya FYyR A3
concluded that the experiment was successful in the sense that the entire gauge volume was melted at one given
moment. In contrast to thermodynamic calculations based onTheoncept [9], which predicted for the alloy

THBAR2CEH b O 6 F G @20 | OKFy3S Ay GKS LINAYINRt&E& ail@dsith RAFTEAYS
HEXRD experiments permitted the identification of the primary phase forming even at coolingfra@s10*
Yka Fta i 04SS (KS TRO®2HbXUSNNBAARRAGAD! 6A2YyZCARS® YAO!

phase. Experiments with detector frame rates varying from 50 Hz [4] to 250 H)(Righlighted the importance

of fast areadetectors for the investigation of such rapid phase transformations, since only at the highest rates

0KS dzyl YOATdz2dza ARSYGAFTAOIGAZ2Y 2F 1 F2N¥AYy3I FNRBY GKS
pathway was confirmed experimentally, the teswith varying sample thicknesses showed that in fact the

interplay between temperature gradient and solidification rate plays a decisive role in the microstructural
evolution. Further experiments, coupled with a dedicated simulation by means of fieiteesit modelling, are

planned to extricate these exact influences.
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Introduction

[ A3K{gSAIKG -TinlybasSdNaWogsiarefafivanGed engineering materials and have gained significant
interest in recent years. Their mechanical properties, such asthigperature strength, lowdensity, and high
resistance against creep and oxidation, make them ideal candidates fotdwgierature applications up to 750

°C. Consequently, this alloy class has already been successfully implemented in internal combustion engines for
the aerospaceiR | dzii2 Y2 G A @S Ay Rdza (i NB -dimlDaséddlloys\ard the dINTD A DRzt I+ NI -
stabilized TNM alloys with a nominal chemical composition-4815A4Nb-1M0-0.1B (at.%). The microstructure

2F G(GKSasS ¢ba Fff2ea Hkae LbayNEO rdzNISphate DB FHiuéis)Sn -
addition, depending on the thermomechanical processing including hot working and heat treatments, a certain
FY2dzy 4-LIRIFA$S 6. n AGNHzOGdzZNBO A& | f a2 LINGBaSed alidys wi I Sy SN
A y O NB-btabifizivg eélements such as Nb and Mo is characterized by improved hot workability. In addition to
workability with conventional forging tools, this has led to the development of new heat treatments resulting in
novel micostructures with balanced properties . For the development and optimization of modern
manufacturing and joining technologies, it is important to determine residual stresses with high precision. A
commonly used method for determining residual stresisdsased on Xay diffraction as well as the application

of the diffraction elastic constants (DECsp&d-S [5,6]. These constants link the experimentally determined
lattice strains with the macroscopic stresses prevailing in the material and canbtzéned either by
measurement or calculation. However, studies have indicated that DECs can be affected by various factors, such
as texture, microstructure and alloying elementsld]. Therefore, this work investigates the impact of various
microstructures of TNM alloys on the DECs. The experimental evaluation was performed using tensile tests and
in-situ highenergy Xray diffraction (HEXRD) at a synchrotron radiation source. In addition, the experimental
results were corroborated by theoretical calcutats based on a finite element model (FEM). Finally, DECs were
RSGSNXYAY SIRK IF2 3 {pBli@seinkh® TNM alloy.

Materials and Methods

The material investigated in this study was a nominal TNM alloy. In order to explore the influence of the
morphology and fractions of the individual phases, cylindrical tensile samples with different microstructures

were prepared by heall NS §Ay3 GKS AyAGALFE OFad YIFGSNALI f-d0 Llya LI NI
gStt a gAlK NS WE@NE S (NG O diNB = ~ ¢ SYNIRO NIBNERI RNGEDSIRIN B LSy 6k
ol fFyOSR YSOKIYAOIFt LINELISNIA PRaseFsdmedent is & nforphodogies.(Thef  LIdzNL
YAONR &G NHZOG dzZNB R2y DRI 2§ ASH  FAodMETRIRIN NI & Rsdagi #n clriirast, the

N YAONRA&GNUzOG dzZNB R 2 SN (X & & PpliagesSirabefit ad fing mmzllde N both

conditions. Furthermore, microstructures were adjusted in which the constituents are predominantnpies

3t 20dzf I NJ T 2 ¥ dupl&ximifrodirdctirE wals gdjusted. For more detailed information about the
microstructures, the reader is referred to Re3,3].

In-situ HEXRD experiments during tensile loading using a uniaxial testing machéeorducted at the side

station of the High Energy Materials Science beamline PO7B run by Helmholtz Zentrum Hereon at PETRA IlI at
DESY in Hamburg, Germany. By continuously recording 2D diffraction patterns in transmission geometry during
loading, it wagpossible to observe the elastic behavior of individual sets of lattice planes based on the shifts in

the reflection positions. These shifts correspond to lattice strains, which permit to determirfektuetermine

DEC:s for each phase if coupled with thfeimation on the increasing macroscopic stress. Finally, the expressions

3y " ¥O
@)

and

)



were used to calculate the DEGsand-$ based on the diffraction elastic mod@ikl YR t 2 A & &#236Q4& NI G A
determined from the slopes of the lattice strain vs. macroscopic stress curves evaluated parallel and

perpendicular to the loading axis.

A detailed description of the evaluatiomaaketiogy can be found in Ref. [9].

The theoretical approach using FEM started with the modeling of the aforementioned microstructures. Firstly, a
sufficient number of grains was generated, approximating the morphology corresponding to the desired
structure. After assigning the phase fractions, a random orientation was applied to the grains in accordance with

GKS yS3taA3arots

GSEGAINE 2F (GKS ¢ba al YL Sa GKIFG &a2f ARA

the model to a load, lattice sdins could be determined from the displacement in a particular direction of nodal
points within specific grains. By averaging these strains, the DECs of the individual phases could also be calculated
using Eqg. 1 and Eq. 2 as laid out in Ref. [6].

Resultsand Discussion

Th‘i‘s section discusses the influence of the different phase morphologies in the microstructures by comparing the
SELISNRYSyY(l f »-pNdSeé Brfuie 4 shaws two Kv@stidated conditions of the TNM alloy. In the first
microstructure, indicated as TNM = (-ph&se predominantly occurs in fidel Y S tki' NO2f 2y A Sa G KI
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contrast, all phases in TNBI predomimntly exhibit a globular form. Occasionally, some codérde Y S txf: | NJ b
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determination of the DECs, it should be noted that only those diffracticekpecan be analyzed that did not
2OSNI L) gAGK G(GK2&aS 27F 20§KSN LK 2pSadedcoultl b MBbBNESy 2y &
evaluated. The results f& and-S 2 ¥  (-ph&se i both microstructures are presented in Fig. 2. It can be

clearly seen that, despite an identical chemical composition, there is a certain offset between the values

determined on TNMA and TNIMB.
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Fig. 1: Scanning electron microscopy ima¢ Fig. 2: Comparison between the experimente
taken in backscattered electron mode, depictii determined DECS and-$2 ¥  é-fh&se in TNMA and
two different microstrutures of the TNM alloy. TNM-B condition. The results are plotted as a function
¢ KS Y2NLK?2 t-phas@differFin theKv® the orientation parameter specific to the hexagons

conditions.
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crystal symmetry [6].

0KS FAYRAYy3Ia adz3 3 $eeractidn With the suikoSndingy RA A R d

matrix can significantly influence the DECs. The current approach using FEM modeling is able to predict this
behavior and provided insights into possible explanations for this material behavior. To ensure an accurate

calcuhtion of residual stresses,

either experimental measurements or advanced modeling techniques are

necessary. The data obtained in this study will be used to further improve the FEM approach for the simulation
of multiphase microstructures and the predictiofitheir elastic and plastic properties.
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Introduction

L y G S NIy Stifahidmf dlubninide (TAl) based alloys are structural muyithase materials applied at
temperatures up to 750°C. During service, they often have to withstand high tensile stresses and resist creep, for
example when used in aircraft engines [1]. Due to their diverse crystaitates, the mechanical responses of

the individual phases.€.” €& iMNHzO 6 (BB O NHzO G dZNB G E o R §¥ R T B R o (BRIstNEturef)i & |
are quite different from each other and in part also temperatalependent [1, 2]. At the onset of plastic
deformation, load redistribution from plastically deforming phasegf¢ 0 (2 LIKI aS& gAélk KA IKSN
h |y R) canbe observed [2]. This information is crucial for understanding the interplay of multiple phases in a
YIEGSNRAI f & 9 phadd B krownftaibe iefy Hrittle at room temperature. However, it is still not fully
understood why, and depending on the chieal composition and condition of the investigated alloy the
Ay ¥t dzSy OSphageF(BBsti&Gure) has to be considered [3]. Findings frimsitu high-energy Xray
diffraction (HEXRD) can be used to observe the elastic/plastic behavior in detdil E{u tensile tests at
synchrotron radiation sources allow to pinpoint the conditioegy.regarding the applied load, for the onset of

specific deformation mechanisms and stages in the specimens. These pieces of information can be used as a

support for microstructural design in the future, especially when assisted and quantified by finite element
modelling (FEM).
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Fig. 2: Process of building up the FEM simulation: (a) sample microstructure of 500 globular grains con
using NEPER (edge length of 500 um), (b) manipulation of the tessellation to embed the microstructur
a bulk TNM cube (edglength of 1 mm), (c) assignment of phases according to experimentally deterr
phase volume fractions and (d) a sample tensile test, which shows the von Mises stress distribution u
elastic load of 1000 MPa.
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Materials and Methods

The investigated material is the-salled TNM alloy with a nominal chemical composition €f3[5AI4Nb-1Mo-

0.1B (inat.%). Using established heat treatments, it is possible to set different microstructures [4]. Examples of
6KSaS YAONR&AGNHOGdZNE OFy 6S aSSy Ay CAId mod {dF NIAyS3
(Fig. 1b) which consist of lafné bk NJ hO 2 f 2 y,ke8ra at the/gRain boundaries, NL | f &2 O2y il Ay a 3
1 3NT A VIAKG &S RAxFGNE a G NHzO G dzNB A & 2 TR 2hg/VA - Seafh DAt Preserd > O2 vy &
work, cylindrical

tensile test samples of different nstructures were manufactured and tested situ using HEXRD and a
universal testing machine for tensile loading. The experiments were conducted at the Herebighenergy
materials science beamline PO7B at PETRA Il at the Deutsches Elelf@ymoandron in Hamburg, Germany, in

a setup as described in Ref. [2]. The diffraction data were analyzed udingse Python scripts, which yielded,

for example, experimental loags.lattice strain curves for various sets of lattice planes of all intermefailises

present.

To complement the qualitative interpretation of these data and quantify certain aspects pertaining to the
deformation behavior of the TNM alloy, a FEM routine was established. Using NEPER, a software designed for
microstructure modelling [5], a realistic globular microstructure was derived and implemented via automated
Python routines into the commercial fflackage ABAQUS (R2019, Dassault Systemes Simulia Corp., Providence,
RI, USA). This process can be followdeign 2, which shows a sample microstructure consisting ofEi@s as
modelled by NEPER (Fig. 2a). For reference, the edge length of the cube was taken to be 500 um. In this program
it is possible to alter grain sizes and distributions, add lamellaglargated grains, all depending on actual
microstructures. Altering the tessellation of this microstructure.the position of vertices, edges and faces), a

bulk TNM cube can be implemented (edge length of 1 mm in total), which houses the actual mattost(Fig.

2b). After meshing in NEPER, some Python routines were implemented to assign material parameters and
orientations of the grains, depending on the orientation relationships between the phases (Fig. 2c). Utilizing
elastic constants for the indidual phases calculated earlier by means of density functional theory, it is possible

to generate a FEM model, which depends only on calculated elastic material parameters extended by material
models for the plastic response. Figure 2d shows the samptieruan elastic load case, to visualize that
orientations and phase material parameters affect the stresses experienced by individual grains.

Furthermore, using sophisticated user subroutines and multiscale modelling, it is possible to simulate the fine
lamellae found in this type of intermetallic alloys. The generated model will be used to compare the experiment
with simulation.

Results and Discussion

The diffraction patterns gained by means of HEXRD during tensile loading were evaluated and provided
information about the lattice strain evolution of the individual intermetallic phases. These results were
correlated with the macroscopic stress to show the yield points of the individual phases. The developed FEM
simulation routine wasised.

to reproduce theexperimental findings in a computational way. This allowed a quantitative interpretation of the
experimental results, for the first time taking into account the actual microstructure of the specimens.

The interplay of the individual phases is significemthe macroscopic mechanical response of the material.
Therefore, several different microstructures have been used to provoke as different mechanical responses as
possible. During tensile testing, peak positions measured with HEXRD will shift in tipeictines position,
allowing the measurement of the change in lattice spacing regarding the individual phases. This change can be
interpreted as a lattice strain, which can be correlated with the macroscopic stress. Using many different
microstructures withdifferent volume fractions of the different phases, it is possible to collect parameters for
the elastic and plastic regime to set up a FEM model. The FEM model in return delivers the same information
(lattice strain and macroscopic stress) and it is tifi@me possible to gain insights into the prevailing deformation
mechanisms.

During the simulation part of this work, novel approaches were taken by simulating realistitcBastructures
consisting of a great number of grains by means of FEM in compadgmevious work conducted in the field

2 F-TiAl based alloys [6], which relied on simplifications like periodic grains [7], dimensionality [8] or single phase
simulations [9] Additionally, the conducted simulations in this work arecsgigistent, impfing thate.g.elastic
parameters of the phases are derived from density functional theory.

H
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Introduction

In the last decades there has been a growing interest in developing new intermetallic families, which would we
able to improve the specific performances of superalloys at high temperature. The TAIBNp)iand the TNM
(TFAINb-Mo) families were develagd to fulfil the required performances. In particular, the creep resistance
should be improved and consequently the study of the diffusion mechanisms and the associated relaxation
processes become very useful to get a deep understanding of the physidgeihvaduring creep. Mechanical
spectroscopy, including the measurement of the internal friction spectra and the dynamic modulus curves as a
function of temperature between 600 K and 1400 K allowed approaching the study of such processes.
Previous works oseveralgTiAl alloys show several relaxation processes associated with the Ti diffusion in the
B2 phase [13] and with the Al diffusion in thg phase [4], as well as an internal friction background at high
temperature, which is associated with the creep behaviour [2]. At presenew generation ofy-TiAl, called
TNM+, is being developed to improve the creep resistance by microalloying with$®l g5}. However, to extend

the creep resistance on temperature and on time, the stability of the microstructure should be guaranteed or,
as in the case of superalloys, well mastered in what concerns to its evolution.

The aim of the present work is to awgew the relaxation processes associated with Ti diffusi@2iphase and,

from the analysis of the relaxation processes, obtain the diffusion coefficient of Ti in each particular alloy.
However, Nb and C atoms in solid solution could have a secondant eh creep resistance by slowing down

the diffusion of Ti in the constitutive phases.

Materials and Methods

The experimental part of this work is based on the internal friction measurements made by mechanical
spectroscopy at different frequencies amddifferent alloys, TNB, TNM, TNM+ andfide TiAl, [15]. Then, the
theory of mechanical spectroscopy [6] is developed to establish the relationship between the relaxation time
and the diffusion coefficient. The local atomic configuration and the mddelsternal friction are taken into
account to obtain the corresponding equations.

The experimental validation of this approach has been carried out by the comparison of the diffusion coefficients
obtained through internal friction with those from thedrature [7].

Results and Discussion

An experimental work was approached in previous publication in which the relaxation processes associated with
Ti diffusion were observed in several alloys with different amounts of Nb and C in solid solution, hweh 881

TNM. TNM+ and Nbree TiAl alloys. In the present work, the relaxation processes observed by internal friction
are related, through the activation parameters, to the diffusion coefficients of the different atomic species and
compared, when possibjevith those from the literature. To do it, the theory of relaxation during the internal
friction measurements is theoretically and experimentally compared and related with the classical atomic
diffusion theory, establishing the corresponding equationsad&xample, Fig. 1 shows the diffusion coefficient

of Ti inB2 phase obtained by both methods; the blue squares are the data measured in a binary TiAl alloy, from
the ref. [7], and the red dots are the points obtained through the analysis of the int&iciidn data, measured

on a Nbfree TiAl alloy in ref. [2]. The diffusion parameters are in an exceptional agreement for both kind of
measurements; the mean activation energy is E(Ti)="D92 eV and D0=29.13 105 s.

Conclusions

It can beconcluded that internal friction measurements allé@vobtain a plot of the diffusion coefficients of Ti

in several families afTiAl alloys with different amounts of Nb, and, in addition, in an expanded temperature
range closer to the temperatures usedservice conditions.
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Introduction

1-TiAl alloys are competitive alternatives toldise superalloys as material for turbine blades in aero engines in
the low pressure turbine section due to their lower density and at least comparable specific streagth.
However, being composed of ordered intermetallic phases, which are responsible for the high strength, but are
also inherently brittle, it is necessary to impose a good microstructure control during processing to ensure
sufficient damage tolerarecof the parts [1]. Already small deviations from the desired target microstructure can
otherwise reduce the already low ductility and damage tolerance to unacceptable levels. Casting is an important
processing method for TiAl, either to directly produ@etp or as processing step prior to e.g. forging. Also in the
upcoming additive manufacturing processes melting and solidification steps are frequently involved. To
understand the microstructure formation and phase constitution of TiAl alloys duringfaitdin is hampered

by the complexity of the FAl phase diagram in the Al range in question between ca. 42 to 48 at.%. Not only is
the high temperature situation masked by lower temperature phase transformations, but also the solidification
path itself danges depending on the Al content. For lower Al contents a solidification via the pirpdrgse

takes place, while for Al contents starting from slightly below 45 at.% and above the material solidifies
peritectically [2]. Nevertheless, the textures fden Ay adzOK | ff2é&a NMHz S 2dzi GKI G
solidification grew from théo phase with the expected Burgers orientation relationship. Accordingly, while a
complete understanding and reliable prediction of the solidification behavior of ToAdlsalk desirable, it is still
necessary to unveil its details by sophisticated experiments and validate models by their results. Two binary TiAl
alloys with different Al content were directionally solidified varying the withdrawal rate to change the
solidffication conditions. The device used for this allows to observe the situation at different distances from the
solidification front by in situ-Xay diffraction [3]. Accordingly, it was possible to determine the types of solidifying
phases and their oriention and compare these results with the predictions of the nucleation and constitutional
undercooling (NCU) model [4].

Experimental

Two binary alloys with the nominal chemical compositiord5Al and F48AI (all in at.%) were produced by arc
melting, ard in a final arc melting step cast to bars of 12 mm diameter and 150 to 160 mm length. The rods were
mounted in a zone melting device, which is specially constructed to allow directional solidification under in situ
observation with high energy-bays prodiced at a synchrotron storage ring. For this, the device is equipped with
windows to allow the illuminating-¥ay beam to hit the specimen and the diffracted beam to leave the device

to be recorded with an area detector. In addition, the induction cohéat the specimen is constructed so that

the entry and exit of the beam is not blocked, even in the molten zone located inside the induction coit. The X
ray diffraction experiments were done in transmission at the kaglkrgy material science beamline (HEM
operated by HelmholtZentrum Hereon at the PETRA Il storage ring of the DESY synchrotron in Hamburg,
Germany. Due to the high-fdy energy of nearly 98.189 keV the investigation could be conducted in
transmission. During the solidification the temparee is measured at two locations by pyrometers allowing to
calculate the temperature gradient. The withdrawal rate was changed betweem#fh and 360mm/h, and by
lowering or lifting the device relative to therdy beam height diffraction signals at @ifént distances from the
solidification front can be recorded. During the experiments the bars were rotated with 10 rotations per minute
to allow for a more homogeneous temperature distribution in the specimen. Fhaey Xliffraction data was
afterwards pr@essed with the software Fit2D and the software package MAUD for Rietveld analysis.

Results and Discussion

Figure 1 shows the diffraction patterns recorded during an experiment with td&Ai alloy. The specimen was
positioned at a height, where the-bdy beam transmitted a volume of the specimen, where melt and solid
material ceexist to get an insight to the initial situation of solidification. In the quarter section of the area
detector image shown at the bottom of Figure 1 a), when using a withdreat@lof 6 mm/h, a diffuse ring is
visible which belongs to the melt combined with weaker sharp diffraction rings of the already solidified material.

(0] (0)
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of Figure 1 a), which was generated by azimuthally integrating #fesy ¥htensity of the area detector. Due to
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The situation for a faster withdrawal rate of 360 nmresulting in a lower ratio between thermal gradient G and
withdrawal rate V¢ G/V ¢ is shown in Figure 1b. Again, a diffuse ring belonging to the melt is present. But the

d2f AR LIKIaSa akKz2g I RAFafedmsenfin aboufdqualdctichdyiind frokindrédiged P | Y R

intensities on some sections of the corresponding diffraction rings it is also evident that both now exhibit
preferential crystallographic orientation (see yellow arrows in Figure 1 b)). Obviously, the G/V ratio is decreased

04 dzOK +y SEGSYd GKFdG y2¢ IbpbiseNakésplédce. RSYRNAGAO 3INB 6K

In addition to the results shown similar experiments were conducted wi#bAl. Here, solidification always
took place via théb phase, but again depending from G/V diffat preferred crystallographic orientations
resulted, which could also be explained by a transition from planar to dendritic solidification mode. The results
can qualitatively be explained by the NCU model. Quantitative discrepancies may occur due tHkobown

input parameters for the NCU model, as for example the diffusion rate in the liquid.
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Fig.1.Diffraction patterns of T48Al recorded during a directional solidification experiment in the daiigid
region: a) withdrawal rate d® mm/h; b) withdrawal rate of 36@nm/h;

Conclusions

Using a specially designed specimen environment it was possible to investigate directional solidification of two
TiAl alloys. While the primary phase depended on G/V for an alloy with an Al contentofi48: > 6 SAy 3 b
F2NJ KA IK Dxphaselfof IBw G/V, in gihRalloy with 45 at.% Al solidification always took place via the
phase. In both alloys a transition from planar growth for high to dendritic growth for low G/V is observed. These
obsenations are in qualitative agreement with predictions of the NCU model.
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Multiphase MoSiB alloys have a great potential for replacing nidk@bed superalloys in the aerospace and
energy sector because they show excellent mechanical properties and the potential for good oxidation
characteristics, due to the Mo silicide phaséwever, the oxidation behavior of such alloys is still a critical
issue, since catastrophic oxidation failure occurs locally at the Mo solid solution phase at intermediate
temperatures[1]. It was shown that the addition of vanadium to MeB alloys leads to a significant density
reduction, whichis even lower than the density of a stabéthe-art nicketbase superalloy CMSX This
phenomenon is directly related to the high solubility of vanadium in molybdenum and the respective Mo silicides,
while vanadium has no effect on the phase fractionthefMossM03SiMo5SiB2 triangle. In this context it was
found that alloys with the composition M&0V-9Si8B exhibit the best set of properties with respect to
normalized mechanical strength and ductility. On the other side, alloying with vanadium tead®duction in

creep resistance. In addition, such alloys have a significantly higher oxygen d@hté&ar this reason, titanium

is will be added to the M&/-SiB alloy in order to somewhat mitigate disadvantages of the vanadium addition.
Furthermore, titanium has a high affinity for oxygen and therefore it is beliévattitanium may act as a getter

for dissolved oxygen and thus contribute to improve the ductility as well as to minimize internal oxidation in
these alloys.

Elemental powders of Mo, V, Si, B and TiH2 of 99.95%, 99,5%, 99,5%, 98% and 99,5 % puiiyelkgspere

used to produce different alloys with chemical composition of-A#+9Si8B-xTiH2 (in at. %, x=0, 2, 5) by a
multi-step powder metallurgical process. Mechanical alloying of the powders was carried out in a planetary ball
mill with powder to kall weight ratio of 1:13 and a rotational speed of 300 rpm. Weighing, mixing and powder
removal was done under protective argon atmosphere in order to keep the oxygen content as low as possible.
In the first step of this work, a milling study of mecharlicalloyed Me40\-9St8B was carried out in order to
optimize the powder metallurgicgrocessing route. Then, 2 &and 5 at. % titanium were added to this alloy,
substituting both the molybdenum and the vanadium in all constituents, which improvesttiessstrain
properties even further. The analytical methods used to determine the milling progress of the respective powder
alloys include SEM analysis, XRD analysis, oxygen content analysis, microhardness measurements and laser
diffraction. In the nextstep, the Timodified alloy powders and the reference material (MO\+-9Si8B) were
subjected to heat treatment. In this way, a mylthase microstructure was formed in which the intermetallic
phases Mo3Si and Mo5SiB2 are embedded in a continuous Mo rf@tri&fter compaction via field assisted
sintering the compacted material was analyzed with respect to microstructure, mechanical properties and
oxidation resistance to verifywhether the addition of titanium contributes to an improvement in this respect.

In the following, initial results from the milling studies will be presented. The milling progress for the first two
alloys can be seen from the SEM images in Fig. 1. Atabmning of ball milling (2 h), larger light (light grey,
molybdenumrich phase) and darker areas (vanadiioh phase) occur within the individual powder particles.

As the milling time increases (10 h), a lamellar structure then gradually forms, indidhat vanadium is
increasingly dissolving in the molybdenum and, as a result, the microstructure is becoming more homogeneous.

However, after 20 h of ball milling, a completely homogeneous microstructure is not yet evident, because

lamellar structurescan still be detected in some particles for both alloys, which in turn suggests that the
mechanical alloying of the powders is not yet fully completed at this point.
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Fig 1: Microstructure of the mechanically alloyed powders after 2, 10 and 20 h. &0M8Si8B b) Me40V-9Si8B-2TiH

Furthermore, microhardess measurements were carried out as a function of milling time (see Figure 2), in order
to obtain a first tendency regarding the mechanical properties. In the first five hours of milling, the microhardness
in both alloys initially increases, which, indéttbn to solid solution strengthening, is also due to grain refinement
and work hardening at this early stage of mechanical alloying. In the further course, the microhardness does not
change significantly. However, the microhardness of the reference Mm¥0\-9Si8B is at a slightly higher

level throughout the milling time than that of the alloy with 2 at. % TiH2, which means that titanium dihydride,
at least in small amounts, does not lead to any improvement in this respect in the powder state lMprishably

change after a heat treatment.
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Fig 5: Microﬁardnesqs: profile of the two alloys inve;tigatedcas a fuﬁ’&tion of milling 20
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Introduction

MoSiB alloys have been introduced explicitly to replace Nigastd superalloys in gas turbine applications. High
strength at high temperatures is provided by refractory metal intermetallic phfis@% A critical feature is the
phase distribution of the metallic Molybdenum solid solution phase. Only if this phase is prasamoferent
metallic matrix, ductility can be achieved in the alloy, which is critical for damage tolerance or toughness.
Solidification from the melt usually leads to an intermetallic matrix, as Molybdenum solidifies first forming islands
through the sdlification process Therefore, powder metallurgical manufacturing routes have been under
investigation for year$3,4]. The second critical property is the silicon content in the solid solution phase. This
needs to be as low as possible. Silicon tends to segregate to the granddmies and, therefore, causes
embrittlement[5]. This problem can be tackled in several ways. First, the maximum consolidation or processing
temperature can be selected as low as possible, just enough to ensure densification, for example using hot
isostatic pressing (HIP) goark plasma sintering (SPS) compaction. Second, the material can be heat treated to
allow for silicon diffusion to the nearby existing silicide phases. For this method to work, the silicon diffusion
paths need to be small and molybdenum grain boundariesikhbe avoided, as well. Third, Titanium (or another
appropriate reactive element) can be introduced in the alloy to form silicides within the metallic matrix upon
heat treatment or cooling6,7]. The addition of Titanium also destabilizes the A 15 phase causingieliff
phase field equilibrium consisting of Molybdenum solid solution, the ternary Mo5SiB2 T2 phase and the Mo5Si3
T1 phase.

Materials and Methods

Starting point of the investigations was the composition-8%8B (at-%), which corresponds to M8S+1B(wt.-

%), and has been the starting point for several compositional modifications or basic research done within the
Berczik triangle, also in the latest years. As Titanium occupies the lattice sites of Molybdenum, the atomic
percentages of Silicon and Borarere kept constant. The investigated composition is-RET+9S+8B (at:%6).
Powders of Molybdenum, MoSi2, TiH2 and Boron were used as starting materials for the experiments. The
oxygen content of the powder mixture was about 5000 ppm.

The powders were nmiéd using a Netzsch planetary ball mill under Argon with a vial volume of 2000 ml containing
250 g powder and 2 kg steel balls (diameter 10 mm). The abrasion of iron has been determined to be less than
500 weight ppm. The resulting powder mixture was cootpd using an FCT Spark Plasma Sinter furnace
equipped with graphite tools (diameter 20 mm or 60 mm). At 600 °C a dehydrogenation treatment was
performed for 10 min to decompose the TiH2. The max. temperature was 1600 °C for a dwell time of 20 min at
uniaxal pressure of 30 MPa. The whole process was performed in vacuum (p < 1 mbar).

Following the compaction phase formation annealing was performed in vacuum to decompose the A 15 phase
(if existent) and to allow for Ti5Si3 precipitation in Molybdensofid ®lution phase. Temperatures between

1350 °C and 1500 °C were tested and dwell times were between 3 h and 48 h.

Discs for mechanical testing were SPS compacted. After compaction, the whole disc was annealed at 1400 °C for
24 h in vacuum followed by hot istatic pressing, using a Quintus QIH 15L URQ, at 1400 °C and 200 Mpa with a
dwell time of two hours. After the dwell time the samples were rapidly quenched to 400 °C with a cooling rate
between 30 K/s and 100 K/s (gas temperature). As the samples becdtttedfter quenching, they were then
annealed at 1200 °C for 2 h in vacuum to allow for spark cutting mechanical test samples. Bars were eroded and
ground to 3x4x50 mm?2 and tested in high temperaturpaint bending at temperatures of 900 °C and 1000 °C,
respectively. In comparison, non HIPed samples were mechanically tested at 900 °C, as well.

Additionally atomized powder of the composition M&i8B was provided by Taniobis with a particle size
distribution of 63150 pm and an oxygen content of 400 ppm.

Additive manufacturing was performed by electron beam powder bed fusionf@BBBn an Arcam 2X machine.

Results and Discussion

The probably most important parameter for the toughness of the alloy is a continous Mo matrix. This is confirmed
by the microimages as present in the samples (not shown here). Annealing caused a partly decomposition of the
A 15 phase. Said decomposition leaves an eutectoid sliipenixture of Molybdenum solid solution and Mo5Si3
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phase (i.e., (Mo, Ti)5Si3 or (Ti,M0)5Si3 depegdin the Titanium content and the crystal structure). The attempt

to distinguish those has not been performed in this study and the phase will be called Mo5Si3 hereafter. It cannot
be stated if the Molybdenum emerging from the eutectoid composition israbghly connected or not.
However, this fine microstructure is supposed to help strengthen the material-Ridadh relationship). The

phase composition, with and without full decomposition of the A 15, could be calculated using the overall
composition. Havever, this was not the case for phase densities due to unknown local titanium content. As a
guideline, the phase compositions of the titanitfree alloy, with and without full decomposition of the A 15
phase, have been calculated using the densities efftilaniumfree phases. Considering a minimum amount of

50 % for a continuous Molybdenum solid solution phase, the content of 53 % or 60 % should be enough to form
a connected phase. Grey scale analysis was used to determine the volume phase fractierld®@h°C 24
annealed sample. However, variations are introduced depending on where grey scale thresholds are set. The
mechanical testing showed a bending strength of roughly 500 MPa at 900 °C in the non HIPed condition. No
plasticity could be reached ahis temperature. This is in agreement with data from Mel@&ature, where the

DBTT was between 1000 °C and 1200 °C for metallic matrix ma{8jiaisfter HIP the strength increased
significantly to over 700 MPa at 900 °C and 1000 °C, as well (s. fig. 1). Surprisingly the bending strength does not
vary significantly betweerthose two temperatures. However, no plasticity was reached up to 2@00The
reasons for that can be either the diffusion of the remaining silicon to the grain boundaries or the large oxide
particles which can act as crack initiation sites. Silicon isvRkrto cause embrittlement due to the following
mechanism. At the highest processing or service temperature silicon is partly dissolved in the Molybdenum solid
solution phase. Upon cooling the solubility decreases causing the silicon to diffuse to thiegnadtaries where

silicide precipitation occurs, which can cause crack initiation. This crack initiation at precipitates on the grain
boundaries is the common embrittlement mechanism in MoSiB alloys as it was found by Jain et al. and Lemberg
et al. among thers[5,9]. The strength of both the HIPed and rbitPed alloys exceeds the tensile strength of

the commercial superalloy IN 713C (275a# 930°C[10]). The HIPed alloys are close to the tensile strength of

the high temperature superaly CMSX 4 (811 MPa at 98T[11]). The strength of the PBF EB samples will be
addressed in the talk.

MoSiBTi Machine limit
. 4 800°C / 900°¢ /
900°C / / F/
iy 1000 ¥
800 | / \
\
1000°C

MosiB

PBF-EB + HIP

SPS +annealing + HIP £[%]

Fig. 1:4 point bending strength of MoSiBTi alloy (Igf2]) by powder metallurgy and MoSiB alloy byHHB.
Both alloys were HIPed.
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Introduction

The VSiB system has gainedcientific interest as a new lodensity, refractory metabased structural
intermetallic alloy system. The alloy design is strongly influenced and driven by the developments in the field of
Mo-SiB alloys and shares some interesting structural and minwogiral features. Very recently, the formation

of ternary eutectic ¥sV:SiVsSiB microstructure has been reported which contains the same isomorphous
phases as the ternary eutectic in the wsllidied MeSiB system: a refractory metdlased soliesolution phase
(Mossor Vs9 and the two intermetallic phases with either an A15 @dioand ¥Si) or a DEMosSiB and \£SiB)
structure. However, while the M&iB-based ternary eutectic shows some oxidation resistance due to its
intermetallic character, oxation of the \Ybased eutectic is an even more serious issue. To address this problem,
different amounts of Cr were added to a eutectiS¥B alloy to study the microstructural influence on the ternary
eutectic reaction, the phase stability as well as thechanical and oxidation properties as a function of Cr
concentration. Alloys with Cr additions betweerg 380 at.% were fabricated by conventional arelting and

were analyzed in the asast state or heatreated at 1400 °C for 10frs.

Materials and Mehods

The present study is focused on the compressive stsésén behavior of ternary eutectic-SiB alloys with 10,

20 and 3(t.% Cr additions. Compression tests were performed using an eleaobanical universal testing
machine and a constant crdesad speed corresponding to an initial (engineering) strain rate 610The yield
stresses were determined by the 0.2% offset method. The temperature dependence of its compressive yield
stress between room temperature and 1000 was investigated ihe ascast and annealed state (140Q for
100hrs) and compared to the @ree ternary eutectic alloys-9Si6.5B as well as-8iB alloys taken from the
literature.

Results and Discussion

Prior to the mechanical compression tests the microstructufab® Cradded ternary eutectic alloys-95i6.5B

were investigated. Even at high-&uditions of 3(at.% the eutectic ¥VsSiVsSiB microstructure could be
maintained. Thus, Cr has almost no influence on the solidification behavior in this part eSitBesystem, which
seems to be plausible since Cr stabilizes all three eutectic pfiHséss an example, the microstructures of the
base alloys and an alloy with a0% Cr additions is shown in Fig.including a heat treatment at 140C for
100hrs. Accordingd XRD analysis, the newly discovered phaS#B/could also be detected in all eutectic alloys
with Cr additions after the heat treatment.

The ternary eutectic alloy-9Si6.5B features the ductilesédphase as the major phase. Thus, first compression
test revealed a deformability even at room temperature. However, the yield strength decreases quickly with
increasing test temperatures and is even more pronountethe heattreated state. In order to develop a
comparably lowdensity materiel for high temgrature structural applications, the higlmperature strength

(and later on, the creep resistance) should be further improved bgdditions. Cr dissolves in all the ternary
eutectic phases and, as mentioned before, does not influence the eutectic famdathis fact makes Cr an ideal
candidate to study the strengthening behavior of the alloys by subsequently increasing its Cr content. With
increasing CGadditions the compressive yield strength increased, too. Accompanied with the hardening effect,
Cr leads to a drastic increase of brittte-ductile transition temperature (BDTT) of the alloys investigated. The
strengthening effect is mainly attributed to sofsblution strengthening of the 8¢phase, which forms the major
phase (about 580% phase fraath) in the Cifree and CGiadded alloys. Since Cr is also dissolved in the
intermetallic phase, a strengthening effect may also occur in these phases. However, the intermetallic phases
already act as second phase strengthener and have an even higher Bfofipased to the soligsolution phase.



1400°C / 100hrs

V-9Si6.5B

V-9Si6.5B-30Cr

Fig 1: Exemplary microstructures auf the ternary eutectic base all®S\6.5B (top) and the\@Si6.5B30Cr
alloys (bottom) in the asast orheattreated state.
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Introduction

Nb-Si based ultrahigh temperature alloys are the potential alternativeNfobased superalloys to operate at
higher temperature (1200~1408 ) due to their lower densities and excellent high temperature strength.
However, their insufficient room temperature fracture toughness and poor high temperature oxidation
resistance are the bottlenecks for the practical applications ofSNbased ultrahigh temperature alloys [1].
Alloying is an effective way to improve the comprehensive properties of the alloys. It has been reported that
alloying with V or Zr in the binafdb-Si alloy improves the room temperature fracture toughness and high
temperature oxidation resistance, while lowers high temperature strength [2]. Considering that Mo element has
higher melting point and thus is beneficial for high temperature strentith,present work aims to add Mo, V

and Zr simultaneously to improve the comprehensive properties 6S5Nbased ultrahigh temperature alloys.
Additionally, NbSi based ultrahigh temperature alloys have been developed to {@lelthental systems with six

or more elements [3]. In mukélemental NbSi based ultrahigh temperature alloy systems, the composite
alloying effects become more and more complex and is worthy of exploring. Recently, the reports on Mo, V and
Zr alloying primarily focus on the ternary guaternary NBSi based ultrahigh temperature alloys, and hardly
involve their composite effects in muklemental NbSi based ultrahigh temperature alloys [4]. Therefore, it is
essential to systematically investigate the effects, especially the compefigets of Mo, V and Zr on the
comprehensive properties of mulélemental NbSi based ultrahigh temperature alloys for further compositional
optimization.

Materials and Methods

Fifteen multielemental NbSi based ultrahigh temperature alloys with nomisampositions of Nk¥2Ti15St
5Cr3AR2HEXMO-YWV-2Zr (at.%) (referred axMo-yV-zZr alloy hereafter) were prepared by vacuum mnon
consumable arc melting. The alloying effects of Mo, V and Zr on theelted (referred as AC) and heaeated
(referred as H) microstructures have been investigated. The heat treatment was conducted ag 1500 h.

The oxidation performances of fifteen amtelted multielemental NbSi based ultrahigh temperature alloys were
evaluated at 1250 °C for 1 and 20 h, respectivEhe microhardness, three point bending and compression at
1250°C measurements were conducted for revealing the effects of Mo, V and Zr additions on the room and high
temperature mechanical properties of the muitiemental NBSi based ultrahigh temperate alloys.

Results and Discussion

The phase constituents of the mutlemental NbSi based ultrahigh temperature alloys are Nbss (Niobium solid
solution),h /! (Nb,X3Sk and Laves @Xb phases. As shown in Fig. 1, alloying with V or Zr promotes the format

of hypereutectic structure, and cooperatively alloying with V and Zr further increases the content of primary
silicides. While, in the presence of V or Zr, further adding Mo decreases the content of primary silicides. The
additions of Mo, V and Zr canppress the formation df(Nb, X3Sk, whilst promote the formation of (Nb,X3Ss.

During heat treatment at 1458 for 50 h, some (Nb,X3Sgphases in OMé&V-0Zr and 0Me3V-0Zr alloys have
transformed toh (Nb, X3Sk phases, but this phase transformation is not observed in Mrcontaining alloys.

In addition, the heat treatment at 1458 for 50 h eliminates segregation microstructures arrdrpotes the
formation of (Nb,XSi phase in the alloys. Adding V causes serious element segregation in the solidified
microstructure of NBESi based ultrahigh temperature alloys, and thus increases the content:bb/ibss
eutectic, CiNb/Nbss/(Nb,XSkthree phase eutectic, Nbss dendrites andtraped primary silicides. Adding Mo
promotes to form lamellar Nbss{Nb, X3Sk eutectic structure. Adding Zr decreases the content of silicides during
eutectic solidification, and thus promotes the formation ofdfiNbss/ (Nb,X)Sgeutectic structure. Additionally,

V and Mo elements primarily dissolve in Nbss, while Zr almost wholly dissolves in silicides.

After oxidation at 1250 °C for 1 and 20 h, respectively, all scales formed on the alloy have double layered
structure, namely outer layer and inner layer. Both of them consist @®¥6Ti,X)@and TiNRkO? oxides. Besides,

some VOs, CrVNb®and NhVQs oxides form in the scales of-d6ntaining alloys. Solely adding Mo or V
ameliorates the adhesion of the scakwsd thus improves the oxidation resistance of the alloys. Solely adding Zr
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does not affect the adhesion of the scales, but can improve the oxidation resistance of the alloys by increasing
the oxidation resistance of silicide phases. Cooperative additidnla and Zr further improves the high
temperature oxidation resistance, and the mass gain per unit area of@WZrAC alloy oxidized at 1250

for 20 h is only 30.3 mg/cin The cooperative additions of V with Mo/Zr do not improve, but degrade the
oxidation resistance of alloys, since more liquigDdflow out of the scales. In the presence of V and Zr, the
limited addition of Mo (2 at.%) marginally improves the oxidation resistance of the alloys, while further increasing
the Mo content decreases thoxidation resistance of the alloys.

The microhardness ofNb,X3Skis improved by solely adding Mo, V or Zr, and is further improved by cooperative
additions of them. The microhardness‘¢Nb, X3Sk phase in 5SMe3V-8ZrHT alloy shows the highest valwnd

is 1593 MPa. Solely adding Zr hardly affects the microhardness of Nbss due to the lower content of Zr in Nbss
(not exceed 0.2 at.%). Solely adding Mo significantly increases the microhardness of Nbss, while sole addition of
V reduces the microhardns®f Nbss by its solid solution softening effect, and the microhardness of Nbss-in 5Mo
0V-4ZrAC alloy reaches 682 MPa. The composite effects of Mo and V on the microhardness of Nbss is related to
their relative contents. When Mo content exceeds the V emt the cooperative additions of Mo and V show
positive effects on the microhardness of Nbss. After heat treatment at 3456r 50 h, the redistribution of
alloying elements causes the increase in the microhardnes@\tf X3Sk and the decrease in theicrohardness

of Nbss. The room temperature fracture toughness of the alloys has been improved by sole addition of V or Zr,
and is further improved by cooperative additions of them. The @8¥etZrAC alloy has the highest Kalues of

room temperature frature toughness among the fifteen alloys (15.3 MP#mThese positively composite
alloying effects are strengthened by increase in Zr content. In the presence of V and Zr, the room temperature
fracture toughness of the alloys is ameliorated by lower eabhtaddition (2 at.%) of Mo and is degraded by the
addition of higher content of Mo (5 or 10 at.%). The effects of Mo and Zr additions, especially their composite
additions significantly improve the high temperature compressive strength of the alloysharmbmpressive
strength at 125@ /0.005 s! of 5Mo-0V-4ZrAC alloy reaches 393 MPa. When simultaneously adding Mo, V and
Zr, the compressive strength at 1250°C of the alloys is improved with increase in Mo content, but is hardly
influenced by the additiomf more than 4 at.% Zr.

) OMo-0V-0ZAC ~{(al) S e sif(b) SMo-0V-0Z-AC

Nhss/ (N, X),Sy cutecitc

(¢) OMo-3V-0Zr-AC {(cl)

Fig. 1: BSE images of -amelted multielemental NbSi based ultrahigh temperature alloys: (a) 0O0ZFAC,

(b) 5SMo0V-0Zr-AC, (c) OMeBV-0Zr-AC, (d) OMeDV-4ZrAC, (e) 5SMeBV-0ZFAC, (fbMo-0V-4ZFAC, (g) OMeBV-

47ZrAC and (h) 5M@V-4ZrAC; (al) and (cl) are enlarged BSE images of local areas labelled in (a) and (c),
respectively
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Introduction

Ni-base superalloys show great mechanical sgth at high operating temperatures and thus are a widely used

material for hightemperature loadbearing applications, like turbine blades. The strength diaéie superalloys

strongly depends on their precipitation microstructure. The most common typéi-bhse superalloys features

an fcd matrix in which intermetallic NAl L ordered/ precipitates are distributed. The interactions between

these precipitates and dislocations are the cause for major strengthening effects, which are still relevant at
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morphology of the precipitates, their size, shape, and distance from each other. A model to predict tensile
properties based on the observed precipitate microstructure is of high interest to further accelerate the
development of alloys and neprocesses.

Grain structures and textures resulting from different processing methods, influencing the elastic and plastic
deformation behavior of the materials, are additional influences that need to be considered. This work describes
the development ofh model predicting the temperaturdependent yield strength of medium to high volume
fraction Nibase superalloys based on a statistical description of grain and precipitation microstructure.

Materials and Methods

The materials discussed in this wate different Nibase superalloys with a medium to highvolume fraction

™ U ® T The material§ 7 aanicrostructure was characterized from scanning electron images. The
technique used for evaluating accurate distributions of the parameteistefest, the precipitate siz€as well

as the channel widtl, is described in [1].

Fig. 1 describes the process schematically. A neural net is used to segment the images and identify precipitates,
which are then characterized for their si@eThe ninimal distance between neighboring precipitates is evaluated

as a measure for the channel width The described procedure can also be applied to 3D data sets, like such
resulting from phasdield simulations, while delivering consistent performance.

From EBSD maps the grain microstructure is analyzed for the diredépandent grain size and the crystal
orientation using the MTEX toolbox. Both parameters are considered in the model, influencing the yield strength.

The model for the yield strength isbed on the previous work of Galindava et. al. [2] and Goodfellow et. al.

[3]. It considers the contributions of different chemistgnd microstructurebased effects on the overall yield
strength of the material. These effects include grain boundargngthening, solid solution strengthening,
precipitate dislocation interactions through amthase boundary shearing and the Orowan mechanism, the
effect of the lattice parameter misfit between matrix and precipitate phases, as well as the temperature
dependent effect through Keawilsdorf locks. The contributions are combined in a nonlinear way, trying to
mimic their physical relationship as close as possible. Temperature dependence of the yield strength is described
through the consideration of many tempeture-dependent material parameters, as well as microstructure,
which also changes with temperature.

Results and Discussion

Different combination strategies of the contributions are compared for their fit to the analyzed alloys. It was
found that linearsummation of all contributions leads to worse results than using a parallel combination of the
anti-phase boundary shearing and Orowan contributions in conjunction with linear summation of the remaining
contributions. Different ways of defining this pasltombination were explored, including a minimum switch
and setup similar to an electronic parallel circuit of resistors.

Fig 2 shows an example of these combination schemes including the prediction of the yield strength of a single
crystalline materiaht room temperature. These changes improve the room temperature model as described in
the literature. The performance is also validated against several datasets published in the literature.



In terms of the temperature dependence of the yield strengttffedent implementations of temperature
dependence are compared. Considering the change of different material parameters, like elastic or shear moduli
and antiphase boundary energy does not have a sufficient influence on the prediction, leading to avet@&sti

at higher temperatures. Further, including the change in microstructure that is present due to a redugtion in
volume fraction at higher temperatures and thus resulting in a change in precipitat®aira channel width,
improves the perforrance only slightly. Including the influence of kiéitsdorf locks through experimental data

as an additional contribution, leads to further improvement. In another enhancement, the measured
distributions for the precipitate siz&€ and channel widthd) are used to consider the higher mobility of
dislocations at higher temperatures and thus their ability to select weaker obstacles, e.g. through climbing,
improving the prediction of the model.

In conclusion, the literature model was improved in termstefperformance at room temperature, and high
temperature prediction capabilities were added, coming closer to the real word use casbasdsuperalloys.
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Fig. 1. Schematic showing the statistical characterization of the Fig. 2. Left: example of

microstructure parametrs precipitate siz€and channel width) from 2D and combination scheme of differen

3D data sets, resulting in distributions for each parameter. A dete contributions to the overall yielc

description of the channel width evaluation method can be found in [1].  strength; Right: example o
resulting prediction.
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Introduction

The demand for alloys with excellent physical and mechanical properties in the aircraft industry requires the
development of new higlhemperature structural materials. The intermetallic NiAH###ase is a prime candidate

for such applications as it possesses a higher melting point, lower density, and thus lower specific weight in
comparison to other Nbasedsuperalloys and exceptionekidation behaviof1]. Nevertheless, the application

as a structural material is limited due to low room temperature ductility and fracture toughness, as well as low
creep resistancé¢2]. By embeding a second phase of (Cr,Mo) with lamellar morphology into the NiAl matrix
these drawbacks can be mitigatgeL5].

One promising alloy in this material class is thebsbeved eutectic 33N33AI28Cr6Mo (all following
concentrations are given in at.%). Typically, this material has been processed in a conventional Bridgman process.
The microstructure exhibits NiAl and (Cr,Mo) lamellae that are ordered in a circular manner inside the eutectic
cells[6]. By refining the lamellae spacing with adjusted withdrawal rates, it was pegsitenhance the high
temperature properties. Contrary to the literature, Forner et[dl.found in the ascast microstructure primary
NiAldendrites, which is a salt of nonfully eutectic solidification. This is in good agreement with the updated
thermodynamic modeling of the Mi-CrMo system done by Per[8]. In addition, Férner et a[7] present a
feasibility study towards adtive manufacturing of NiAICr,Mo). Because of the higher solidification rate, the
non-eutectic alloy solidifies in a eutectic manner with phase distances of less tham.10

To exploit the full potential of the material class, a eutectic composition avimellar microstructure and fine

phase distances is necessary. The aim of this research is to establish and characterize a novel eutectic NiAl
(Cr,Mo) insitu composite processed via electron beam powder bed fusion-EEBH).

Materials and Methods

Thealloy development is realized with the-louse developed alloy design tool PyMultOpt. The tool is based on

the CALPHAD (Calculation of Phase Diagrams) method and uses the updated thermodynamical calculations of
the quaternary NiA-CrMo alloy system bPend8]. The software determines for various chemical pagitions

the difference between solidus temperature and liquidus temperature, which is described as the solidification
interval. In this case, a small solidification interval is desired to obtain an optimal microstructure of the
strengthening (Cr,Mephase. Therefore, the composition is optimized towards a minimal solidification interval.

Gas atomized powder by Praxair Surface Technologies GmbH was used and characterized with a Zeiss Axio Imager
M1m light microscope (Carl Zeiss AG, Germany) and a Maste@000 particle size analyzer (Malvern
Panalytical, United Kingdom). The optimized eutectic powder is processed via electron beam powder bed fusion
on an Arcam A2 (GEdditive ¢ former: Arcam AB, Mélndal, Sweden). In total, 400 cuboids with a geometry of
15x15x20mm3 are produced to characterize the processability of the alloy. Therefore, a porosity and
microstructural analysis is carried out. The area withinrth to the edge is neglected in order to analyze the bulk
material properties. Each sample is ided into three sections: bottom, middle and top. The grain size is
measured by the linear intercept method, and the phase distances is determined via scanning electron
microscopy images.

For a first classification of the mechanical properties creep testsconducted. The creep tests are done on a
pneumatic irhousebuilt creep testing machine at temperatures between 78 and 900C. The applied
stresses are between 250 and 50IPa. Cylindrical compression creep specimens with a heightmoh@nd a
diameter of 4mm are produced by wire electrical discharge machining.

Results and Discussion

Fig.1 summarizes the presented approach and characterization of the novxiib) alloy. The optimization
with the design tool PyMultOpt yielded a chemicahgmsition of Ni36AF31.4Cf2Mo and a solidification
interval of around 0.3C. This is significantly lower than thelsslieved eutectic 33N83AF28Cr6Mo alloy,
which exhibits a calculated solidification interval of °CZ Aremelted samples as well afirectional solidified

np



samples of the optimized alloy have shown a significantly refined microstructure consisting of lamellar-Cr,Mo)
phase in the NiAatrix. With the processability study a process map, in which samples are categorized in
porous, densand bulged, is presented. The microstructural investigation exhibits a fine cellular microstructure
with a dark NiAmatrix and a bright discontinuous (Cr,Mo) network. The-EBBamples show an average grain
size below 1Qum. In comparison, the grain sizer directionally solidified samples of 88AF33Cr1Mo with

a2t ARATAOI i rd/ly mebsurésSagounck 200mpSp Mhis means, by processing electron beam
powder bed fusion an approximately 2ines finer grain can be achieved. The lamellae spacing follows the same
trend. To examine the influence of the grain refinement, creep tests were conducted. In general, a pronounced
improvement comparedio the intermetallic NiAl was observed. As expected, the directionally solidified
33Ni33AL28Ck6Mo alloy exhibits good creep properties in build direction, whereas perpendicular to the build
direction the properties decrease. The optimized Ni2i,Mo)alloy performs at 900C comparable to TiAlased

alloys, which are already used in industry for high temperature applications as an alternativelfasedi
superalloys. At 750C the optimized alloy performs slightly better than the Tia$ed alloy. Iraddition, the
drawback of a strong anisotropy behavior as seen in the conventionally casted material could be reduced by
processing the material via PEB/M.

Alloy optimization Processing via electron beam Characterization of microstructure
powder bed fusion PBF-EB and creep properties
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Introduction

High entropy alloys (HEA) consist of at least five elemer3s @.%) without a main alloy element-8l. Unlike
conventional alloys, HEA are located in the middle of mdiltiensionalphase diagrams. HEA are single solid
solution phases, preferably with simple crystal structures, which means a combination of chemical complexity
with topological order. This circumstance offers a whole new bunch of possible combinations of alloying
elemerts with the potential to meet the increasing demands for hjggrformance materials. HEA are reported

to possess promising properties, e.g., high strength and ductility [4]. While conventional alloys have been studied
for decades, the relations between mistructure and the resulting properties of HEA remain mostly unknown

[4]. Recent research focuses on a few known HEA, with a large amount of research on ibentaced cubic

(fcc) Cantor alloy @vin-FeCoNi and the bodycentered cubic (bcc) SenkovoglITiZr-Hf-Nb-Ta [1,2]. Only a few

hcp HEA are known so far, with ByZ/ZA5dZTb (HEA-b, Feuerbacher alloy) being one of the very few single
phase hcp HEA reported today [5,6]. The equiatomic HEBYAASAZTb with extraordinarily similazonstituent
elements is ideal for assessing the widely discussed high entropy effect of HEA. To assess this possible high
entropy effect, the microstructures and tensile behavior of equiatomic alloys made from one to five rare earth
elements were evaluatetsee Fig. 1, [6]).

Materials and Methods

Single element alloys, equiatomic low, and medium entropy alloys were derived from the high entropy alloy HEA
consisting of the elements Ho, Dy, Y, Gd, and Tb to vary the configurational entropy, see FiglsloD&tai
compositions of the alloys, the alloy production via arc melting, specimen preparation, and tensile testing at
room temperature (RT) as well as microstructure analysis via scanning electron microscopy (SEM), energy
dispersive XRay spectroscop¥DS) and-Ray diffractometer (XRD) can be found in [6].

Furthermore, a detailed microanalysis of HEA as well as the medium entropy alloy BgA5dZb (4Y) via
(scanning) transmission electron microscopy ((S)TEM) was carried out with different mpe®sdthe TEM
specimens were prepared via focused ion beam (FIB) Helios NanoLab 600. The microstructures of both alloys in
the ascast state and after their stresgtrain curves were compared. Changes in their microstructures were
assessed to understand tiigensile behavior better. BrigHield (BF) and dark field (DF), highgle annular dark

field (HAADF) imaging in (S)TEM, STEM EDS elemental mappings and line scans, as well as diffraction patterns
(DF) in (S)TEM, were conducted.

Results and Discussion

The results of this study enable the determination of the oftBecussed high entropy effect of HEA using HEA

Fb and other medium and low entropy alloys from the same elements with minimized solid solution
strengthening (SSS). This alloy system is higtdgeptible to oxidation, making sample preparation and testing
challenging. In Fig. 1, all strestsain curves are compared, with pure elements in Fig. 1 a), ductile alloys in Fig. 1
b), and brittle alloys in Fig. 1 c). As the strength of all tested ki comparable, minimized SSS is confirmed.
At the same time, a direct correlation of the configurational entropy and the tensile behavior at RT is excluded
for HEAFD. Interestingly, the alloys 2+Y, 3+Y, and -HEAdehave very brittle, while all otha@ested pure
elements and alloys show a higher ductility during tensile tests. WhileFbEppears single phase in XRD and
SEM EDS analysis, 2+Y, and 3+Y possesstasécond phase at the grain boundaries, which explains their
embrittlement. More detat, e.g., on the tensile behavior and EDS elemental mappings, may be found in [6].
For HEAFb and 4Y, a detailed study via (S)TEM provides the first explanation for the differences in their tensile
behavior. All specimens have a Mge hcp structure, andwinning is observed in the asast state. The twin

grain boundary formation in HERRD is slightly increased during tensile testing. However, while the brittlgfHEA
contains only occasional dislocations after the tensile test, more dislocations weeeaged in the ductile 4.

Most dislocations were formed within the twins and along the interfaces of twins and parent material, creating
outlines of the twin grain boundaries. Additional glide planes were observed in the alloys after tensile tests. By

ny



this TEM analysis of the microstructures and formation of dislocations, the different tensile behavior-BbHEA

and 4Y can be reasoned.
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Fig. 1. Left: StresStrain curves from tensile testing of all alloys. Pure elements on top, ductile allayigdie
and brittle alloys in lower diagram [6]. Right: Compositions used in this work. The number elements, the ¢

denominations of these compositions are given.

Fig. 2: 4HAADF STEM image oi¥4The outlines of the twins (diagonal structuresrrupper left to lower right)

indicate the formation of dislocations preferably at the interfaces.
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Introduction

The AlGeMg system has been studied in the past for its potential applications in the aarespal automotive
industries. The phase equilibria in the-@&Mg system were experimentally described already in 1958 by
Badaeva [1] using methods of thermal analysis. Various vertical sections of the phase diagram were investigated.
No ternary phase wamentioned in the paper [1] but several candidate phases have been later discussed in
literature and stoichiometric ternary-phase AIGeMg was identified in the work of Pukas et al. [2]. This phase
was confirmed in our recent study [3], but the compasitiof the ternary phase was found to be -off
stoichiometric with the measured composition close teG&Mgr, see Figure 1(a) and Ref. [3]. Considering this
partly conflicting literature data, we have decided to use theoretical tools, in particular quamteananical
calculations, in order to shed some light on the experimental results.

Methods

Ourab initio calculations were performed using the Vienna Ab initio Simulation Package (VASP) [4,5]. We have
employed projector augmented wave (PAW) pseudopotentials [6,7]. The exchange and correlation energy was
treated within the generalized gradient approximatioB®A), in particular the PerdeBurkeErnzerhof (PBE)
parametrization [8]. When calculating properties of -stbichiometric states of the-phase, we have used
multiples of the 5atomic unit cell of AGeMg, see Figure 1(b), for example a&0m supercdlshown in Fig.

1(c) as a 2x2x1 multiple of thediom cell. The plangvave energy cubff was equal to 520 eV. The product of

the number of kpoints in the reciprocal space and the number of atoms was equal £10Q0i.e. a 16x16x8 k

point mesh was useih the case of &tom cell of the stoichiometric AbeMg, see Fig. 1(b) and a 8x8x8 mesh in

the case of the 2@&tom supercell as, e.g., that in Figure 1(c). The thermodynamic stability of both stoichiometric
AkGeMg and its defectgontaining offstoichibometric variants AGgMg. were assessed by calculating the
formation energy E In general, for a A&bgMg: the Eis defined as:

E(ALGEMQ,) = { HAKGeMQ,) ¢ Erif' ¢ & rife T o}/ (x+y+z) 1)

using the chemical potentialg i.e. energies (per atom) of elements in their ground states, heredaogered

Al, diamondstructure Ge and hexagonal clepacked Mg. The formation energy was evaluated foeres of
AkGeMg defectcontaining states in which atoms of one chemical species are replacing atoms of another
element at its sublattice within the structure. Figure 1(c) shows a substitution of one Al atom at the Al sublattice
by an Mg atom in aMg-rich AtGeMgs as an example. A chemical formula reflecting the composition of
individual sublattices is (AMg1)GeMga.

Next to the thermodynamic stability, we have also tested the mechanical stability by determining and analyzing
a complete tensor bsecondorder elastic constants using the strestsain method [9]. Further, the dynamic
stability of a few selected compositions was examined by computing phonon modes employing the PHONOPY
software [10].

(a) u (b)

Fig. 1: The ABeMg phasediagram for the temperature 250 °C (adapted from our paper [3]) including a 1
with the off-stoichiometric AAGeMg _-phase (a). A ‘atom computational unit cell of the stoichiomet
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AkGeMg intermetallics together with its 2@tom 2x2x1 multiple, wich we used for our calculations of ¢
stoichiometric states, are shown in parts (b) and (c), respectively. Part (c) visualizes a particular case
replaces Al atoms at the Al sublattice (see the atom marked &9.NMtpase mind that some atoms afisualize:
with their periodic images.

Results and Discussion

Our calculations show that an edfoichiometric Mgrich AtGesMgs as visualized in Fig. 1(c) hasformation
energy lower than the stoichiometricA&eMg (or, equivalently, its 2x2xtultiple AbkGeMga) by 7 meV/atom.

It means that the defeetontaining state is thermodynamically more stable. Bo#tGa&IMg and AlGesMgs also

exhibit elastic constants corresponding to mechanically stable systems, i.e. they fulfill all the conditions of
mechanical stability [11]. Further, phonon frequencies of both intermetallics are all real, without any imaginary
ones (secalled soft phonon modes), as an indication that both compounds are also dynamically stable.

Importantly, the AlGeMg system is qgite sensitive to the type of defects. Another type of substitution leading

to the composition AGeMgs, when an Mg atom replaces a Ge atom at the Ge sublattiegéG&Mg1)Mga,
illustrates this sensitivity. This substitution results in (i) a signifiaaerease of the formation energy by 71
meV/atom with respect to the formation energy of the stoichiometrieG&Mg (AbGerMgsis therefore much

less thermodynamically stable) and also (ii) soft phonon modes which render the system dynamically unstable
(it cannot exist unless externally stabilized).
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Titanium alloys have been widely applied in biomedical, aerospace and chemical industries due to the
exceptional strengtkio-weight ratio, excellent corrosion resistance and good biological compatibility [1]. The
microstructure, phase constituents of Ti alloys and their properties strongly depend on the composition and
manufacturing procedure. Now, for an improved energy efficiency and reduced environmental effects, the
development of novel Ti alloys with highentperature resistance for gas turbine engines attracts considerable
attentions. In a general manner, the conventional processing routes like casting fpréssure turbine blades
YIRS FTNRY * {GAGFYAdzY |t dzYAYARSE Yshrpl& shaptRaadinmafletdie G KS
dimensions due to relatively poor room temperature mechanical properties caused by processing defects.
Therefore, alternative manufacturing routes including additive manufacturing are being investigated with the
aim of producingcomplexshaped titanium components achieving the geometrical, technical and functional
properties.

Regarding the development of advanced materials, we need to be able to analyze material properties during
processing to ensure the ability to make performsanpredictions of components and the optimizations of
materiakspecific requirements. A challenge is that properties data from handbooks and data repositories tend
to be limited in the scope of materials (compositions) and/or the temperature ranges (@iogesonditions).

The CALPHAD approach captures the composition and temperature dependence of properties as well as their
temporal evolution for multi component alloys, which offers a unique and remarkable advantage to simulate for
envisaged compositions @onditions.

Ly GKAa GFEl1T 6S Attt LINBaSyid (GKS &adz00SaafdzZ SEGSyaa
LINPLISNBPSE YR SESYLXATE K2g¢ /! [tl!5 o6FaSR G(G22fta |
all yAdzy Hff28ad

¢ K Ssolvus temperature is one important reference temperature to develop heat treatment procedures of TiAl
olaSR ff28ad CAId m aKz2ga | O2 Y LHolws erdpgratdes fovtypiSay S E LIS N
alloys using TCTI5 [2]. In most casesdindation is within £20 °C which is represented by the two dashed lines.
Thermal conductivity is usually an essential input for processing simulations. This transport property has been
modeled in accordance with the principles of CALPHAD in TCTI5 datBigaseshows a comparison between
measured and calculated thermal conductivity for a wide variety of commercial titanium alloys. The respective
calculation is made by freezifig the state at the typical heat treatment temperature of manufacture for each
alloy. Deviations are expected because the thermal conductivity of alloys varies depending on the thermal
mechanical processing and actual composition. The black solid line in the plot shows where calculated values are
equal to experimental data. The blalashed lines mark for 10% deviations while the red dashed lines are for
20% deviations.
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Introduction

The demand for materials with superior strucaliand functional properties is constantly increasing, which leads

to the development of new material systems that can meet these requirements. In this regard, alloy design is
becoming increasingly reliant on physically meaningful simulation methods, asigbhase field, density
functional theory, and molecular dynamics simulations, as well as Calculation of Phase Diagrams (CalPhaD)
calculations.

Currently, a paradigm shift is underway in the CalPhaD approach to achieve an increase in physicality through
the introduction of new thermodynamic models. These models are connected to physically reasonable
descriptions, such as Einstein functions for heat capacity, instead of simple phenomenological polynomials [1].
This enables the development of a consistenerthodynamic description of solid and liquid phases in a
multicomponent system over a wide temperature range.

The purpose of this work is to contribute to this development by introducing a modelling approach that
overcomes the drawbacks of the currently sded models [2]. Specifically, the proposed approach reconsiders
the thermodynamic description of crystalline solids in the range of instability and incorporates a physically
meaningful description of thermal vacancies, which contribute significantly ¢ohtbat capacity at elevated
temperatures [3].

To verify the applicability of the proposed models, theMilsystem was chosen as a model system due to its
combination of two unaries with vastly different melting temperatures and the presence of thenféliing B2-

ordered intermetallic phase AINi (see Fig. 1) [4]. This study utilizes additionaddygatity measurements of the
intermediate intermetallic compounds at cryogenic and elevated temperatures, as wall igmtio calculations

for the metastable ad martensitic phases from literature, to generate a holistic and physically meaningful
description of the thermodynamics of thegi system.

Materials and Methods

The heat capacities @2-AINi andL1>-AINE were experimentally determined to provide aome comprehensive
thermodynamic description of the @li system. The corresponding alloys were prepared byraeiting in Ar
atmosphere using highpurity metal mixtures. The microstructures of the prepared alloys were investigated using
complementary methds like electrorbackscattered diffraction (EBSD}ray diffraction (XRD) and electron
probe microanalysis (EPMA). To measure the heat capacity of the different intermetallics, thestijpee
continuous method was applied in a power compensated diffeedisttanning calorimeter in the temperature
range of 10K to 900K.

Results and Discussion

The stoichiometric intermetallicB2-AINi andL12>-AlNk could be successfully produced by-anelting, and their

heat capacity was determined to aid in the develah of a comprehensive thermodynamic modelling.
Exemplarily, the heat capacity of thé» phase is illustrated in Fig. 2 in comparison to the tentatively modeled
heat capacity using the presently adopted models.

These models include the hybrid Neumakopp approach, which is based on the thermodynamic data of the
individual unary descriptions and combines these with a pkemeeific description of the Einstegontribution

to the heat capacity [5]. For that, in order to prevent artifacts, e.g., due toribkting of Al on the heat capacity

of the intermediate compounds, the unary descriptions were updated usingstate models and physically
based descriptions of thermal vacancies.

Together with the available data in literature, where recently the thernradyic properties of the peritectically
forming phases ANi and AINiz were investigated [6], a physically meaningful thermodynamic description of the
whole system was developed. In addition, special aspects, such as site occupancies for varying chemical
compositions and temperatures, were considered in the present thermadya description. Hereby, the
interplay between constitutional vacancies, astie atoms, and thermal vacancies, and their effect on the
thermodynamic properties of the phases was a crucial part of the present work. Based on the presently adopted
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models,a holistic thermodynamic description of thecAli system was achieved, allowing the prediction of the

phase stabilities and thermodynamic properties of stable and metastable phases in this system.

The application of the fousublattice models for the febased [1o, L12) and bcebased B2, D0s) phases, together

with the incorporation ofab initio calculations from literature, enabled the consideration of aspects such as the
martensitic transformation of AlNdasedB2 towards Llo-like states on a physicallyrofound basis, also in
compositional regions where these transformations are highly unstable (e.g.afsf xpn F G @2 0d { Ay OF
considerations are of immense importance for the description of the transformation behavior of nayMhEe

AlcNi shape memuy alloys, the present thermodynamic description not only further improves the applicability

of thermodynamic calculations on prominent applications like superalloys but also opens up new possibilities for

novel application fields for the &lNi system.
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Introduction

The CALPHAD (Computer Coupling of Phase Diagrams and Thermochemistry) method, a thermodynamic method
for calculating phase equilibria, requires hypothetical compound energies and interaction parameters between
compounds. In designing the interaction paraers between compounds, only the relationship between the
major and minor elements in the sublattice has generally been described. While this simplifies the description of
thermodynamic functions, it is problematic because it increases the number of ati@nacombinations when

equal amounts of elements are present in a given sublattice. On the other hand, the full model, a sublattice
model that includes all end members using crystallographic information, has been proposed [1]. An advantage
of the full mocel is that the importance of the interaction parameters is reduced, however, the problem is that
the design of the parameters becomes difficult due to the extremely large number of combinations. When the
amount of experimental data is small, setting a &armgimber of interaction terms can result in an evaluation that
overfits the experimental data, leading to an overlearning situation.

The precipitation of the @hase (NisMnsSi) plays an important role in the loigrm microstructural stability

of steel[2]. Although several thermodynamic models have been reported for thgh&3e in steel [3], the
distribution of elements in the sublattice remains controversial due to a lack of experimental data.

Methods

In this study, a thermodynamic model with threebdaitices reflecting the crystallographic informatiocF{16)

of the Gphase was established, and a full model was developed assuming solid solution of six elements (Fe, Cr,
Mn, Mo, Ni, Si) in each sublattice. Fipinciples calculations were performed tbtain data for the end
members, and the description based on the assumption of the Neurkapp rule was added. Several promising
interaction parameters were then selected and fitted the experimental data. The fitting was carried out by
variable reducthn using Ridge and Lasso regression to avoid overfitting the experimental data while selecting
important interaction parameters. Figure 1 shows a schematic of the optimization of Ridge regression and
higherorder polynomial function. Ridge regression @sure prediction accuracy outside of the sample points
without overfitting the sample points.
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Fig. 1: Schematic optimizations with Ridge regression (left) and higbeder polynomial (right).
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Results and Discussion

As a result, we were able to describe the experimental data without overfitting. This means an ability to describe
the thermodynamic function of the hase without major parameter changes in specific experimental data or

in the future when reference datean be obtained.

The developed thermodynamic database reproduces different solid solution states of-phag®g. First, the
difficulty of Fe entering the phase was clarified. This result does not support the previous experimental data,
however, since th experimental data were obtained using APT and TEM, it is possible that some information of
the matrix phase is mixed in. Second, we believe that the Si site is robustly realized with Si as the main element
and other elements are difficult to enter the Sie.
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Introduction

High Entropy Alloys (HEAS) attracted massive interest in recent years as they are expected to dvhfggian
temperatures and exhibit outstanding properties, such as high hardness, fracture toughness, fatigue, wear, and
oxidation, as well as corrosion resistance [1]. HEAs consist of at least five different, often metallic, elements in
equiatomic compositio [2]. Due to the combination of various elements, one would expect a high affinity for
forming intermetallic phases. However, the dominant feature of this material group, namely the high entropy or
rather the high configurational entropy contribution, waragainst the decomposition of the alloy. In the present
work, we focus on two sample systems, namely equimolar TiAINbVMo and TiAINbVMn alloys, and discuss their
phase stability based on first principles calculations and experimental observations.

Materials and Methods

The calculations are based on Density Functional Theory implemented in the VASP package. All chemically
disordered systems were modeled using Special Qaasiom Structures (SQS) obtained by the sqsgenerator
tool [3]. The energetics wereoooborated with coherent potential approximation (CPA) calculations
implemented in the EMTO package.

The thermodynamic stability evaluations were based on Gibss energy difference between the high entropy five
component HEA and all possible decompositionte combinations of respective unary, binary, ternary, and
quaternary alloys (all with equiatomic compositions), leading to overall 51 routes (see Fig. 1). We have considered
all systems as disordered (SQS) structures and having a BCC structure. Moscttr@taining variant, we have
additionally considered the hexagonal C14 phase for systems containing Mn.

LY FTRRAGAZY (2 (GKS Ok wirBud erdrdpy coriributiohsito Be/Giths dnérdly were
considered. Most importantly, the change 6fK S @A 6 NJ { A R4/ IS0, sBajhistdEllizd&on dup to
differences in specific volume, and time effects in the Debye harmonic approximation, were considered.

Further computational details can be found in Ref. [4].
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Results and Discussion

As a starting point, the mixing enthalpies of the systems were evaluated at zero temperature. Several elemental
combinations yielding stable solid solutions have been identified. The -88SPresults are qualitatively
confirmed by the EMT@PA method.

Inthe next step, the entropy term has been included in the form of its configurational entropy contribution. This
allowed calculating the Gibbs free energy of mixing by implicitly introducing temperature. Hence, an insight into
the phase stability could beained at different temperatures, and the stabilization effect of the configurational
entropy was estimated. Our calculations predicted that the BCC TiAINbVMo HEA was not fully stable down to
room temperature (Fig. 2). The TiIAINbVMn HEA exhibited a drfieing for decomposition up to more than

1200 K. For this system also the HCP!} Laves phase has been considered as a decomposition product, which
led to the same conclusion.

Including contributions of vibrational entropy, using the harmonic Debye appaiiom shifts the transition
temperature to lower values. Nonetheless, the effect is not significant enough, and neither TIAINbVMo nor
TIAINbVMn represented stable BCC HEAs down to room temperature, even with this further stabilization.
Moreover, it has bee shown that the consideration of vibrational entropy could also lead to a destabilization of
the HEAs for specific decomposition routes.

The comparison with experimental methods gave insight into the microstructural evolution of the BCC HEAs. The
TiIAINbVM HEA has been observed to be stable at room temperature after heat treatment. While we could not
observe any decomposition effects, a result disagreeing with the theoretical predictions, TiAINbVMo is proposed
to be a kinetically stabilized HEA. Therefoitehas good prerequisites for further alloy development. The
experimental outcome for BCC TiAINbVMn proves the existence of ghame BCC+HCP microstructure in
accordance with the theoretical results.
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Introduction

Series of equiatomic RTX compounds, where rBre-earth element, T¢ transition dmetal, and X p-block
element were attracting attention for decades caud®dtheir intriguing magnetic properties [1]. Quite recently,

the interest was revoked to the RAuln intermetallics [2,3] with 4entrosymmetric hexagonal ZrNi#dpe
structure (an ordered ternary variant of thedRaype), where in the case of antiferrorgaetic coupling between
nearest neighbors, the frustration of the magnetic interactions is induced by this topology leading to potential
magnetic texture formation. Magnetic ordering was observed for almost all RAuln compounds with magnetic
rare-earths, exept Sm, Pr, and Nd, despite the negative Weiss parameter for Pr and Nd [4] suggesting the
presence of strong magnetic frustration. In the present work, we report growth, DFT study, and magnetic
properties of NdAuln and SmAuln, accompanied by the detaitedacterization of the new representative of

the RAuln seriesScAuln compound.

Materials and Methods

Pure elements in form of Sc, Nd, and Sm pieces (99.9%), Au bars (99.999%), and In pieces (99.999%) were used
for the preparation of alloys by convential aremelting technique followed by annealing in a vacuum at 500 (2
weeks), 600 (2 weeks), and 800°C (1 week) and water quenching. All samples were characterized by the standard
powder XRD, SEM/EDX, and DTA methods described in [5]. For the crystal gidNvdAuln, a feed rod cast

using a Hukistype copper wateicooled crucible was used. The FZ crystal growth process with radiation heating
was performed in a vacuum chamber under a flowing Ar atmosphere resulting in the NdAuln single crystals of
about 5 mm in diameter and 30 to 40 mm in length. The orientation of single crystals was determined by the X
ray Laue backcattered method. Singlerystal XRD data were collected using the complete sphere mode at 100,
200, and 300 K.

The DFT calculations were dad out with the Vienna Ab initio Simulation Package VASP v.5.4.4-f{peW
potentials w/ and w/o spirorbit coupling) and Elk v4.3.06all-electron FRLAPW code. The PerdeBurke
Enzerhoff exchangeorrelation functional in the generalized gradient apgiroation (GGA) was used. Full
geometry relaxation (atomic positions as well as lattice parameters) was achieved to calculate the enthalpy of
formation. For machine learning, the support vector machines method (both classification and regression) was
used.Magnetization measurements down to 1.8 K on a crystal were carried out in a SGMBrom Quantum

Design. All fieldlependent measurements were done after a zéimd cooling procedure (ZFC). Further
magnetic measurements in the temperature range of @23 K were performed using SQUID equipped with an
IHELIUMS option. Specific heat was measured from 1.8 K to room temperature.

Results and Discussion

A crystal of NdAuln was successfully grown using the optical floating zone techniquecSHisigle powder XRD

and SEM/EDX analysis confirmed that NdAuln adopts a hexagonal-@péiAtructure (space group-62m)

with almost equiatomic composition. Theeystals extracted from asast alloys have a prismatic shape with a
hexagonal crossection and their morphology is in good agreement with the modeled using the Bifeniaitel,
DonnayHarker (BFDH), which indicated the presence of}{dPprism and {000 basal pinacoid open forms.

DTA analysis revealed that the NdAuln phase melts congruently at 1136°C. The unit cell volume of NdAuln linearly
increases with temperature inthe 1@®nn Y G SYLISNI GdzZNB N¥ y3S 3IAGAYy3I | (GKS
4.1(3x10° K. Several crystals of a cubic/rectangular shape were cut from the main crystal after orientation
using the Laue method (Fig. 1). The experimentally derived density of the NdAuln crystals of 10.53{4) g/cm
appeared to reach 98.9% from the theowl (d.= 10.652 g/cr¥).

A new representative of the RAuln series was discovered in thar8t system with a crystal structure that

differs from other RAuln compounds. The new ScAuln compound was predicted to crystallize in thetiffRhSn
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structure (spae groupP-62c) by using the support vector machines classification method. The predicted lattice
parameters appeared to be close to experimentally obtained after crystal structure determination from powder

XRD data using a replica exchange MCMC sampliregHfRhStype structure of ScAuln could be derived from

the ZrNiAdtype through groupsubgroup relationsR-62m Iy | HP-6Z3).

DFT modeling of the NdAuln compound was performed w/ and w/o-egit coupling (soc) with sertore

electrons treated as B a G+ 1Sad ¢KS OFt OdzZ F SR @l fdzSa 2F GKS Sy
420X bTtTnodmMpH YStkl d2Y gk a200 INBE NI GKSNJ Oft 2aS o0dzi ¢
(-910.315 meV/atom) [5]. To shed more light on the bondingNdAuln and ScAuln and check our assumption

about their polarity nature, the calculations of the charge density, its difference, and electron localization

function €lf) were performed. A strong deficit of the charge density on the Nd atoms, and an extlessbarge

density on the Aul and Au2 atoms, which form strong bonding with the nearest In atoms are observed. Bader
OKINBS lylrteara NB@SIfSR (G(KS F2ftt26Ay3 ySiG FG2YA O OKI
The obtained charge resiribution among the elements in the NdAuln compound is in good agreement with the
RAFFSNBYOS Ay StSOGNRYySIIGAGAGE o6t FdzA Ay3a aoOltSo0 2F F
the Au atoms as the most electronegative attract elentrdensity, while the Nd atoms as the least
electronegative lose it. Analysis of the density of electronic states distribution of ScAuln, NdAuln, and SmAuln

reveals the absence of the band gap near the Fermi levgp(Edicting its metallic type of condtivity. The

theoretically derived Sommerfeld constant for the ScAuln compound is = 2.85mw)/K
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Fig. 1: The oriented and cut along thefold Fig. 2: Molar magnetic susceptibility of the NdAL
hexagonal axis crystal of NdAuln. crystal with thefield parallel to the sifold axis (H ||
c)

Magnetization measurements of the NdAuln crystal (Fig. 2) with the field parallel and perpendicular to the six
fold axis of the crystal revealed that NdAuln is a GWss paramagnet down to 25 K. The caltad effective
YIEAySGiAO Y2YSyd A &Ndfebthemmagnetic field Raratietband pempendicular to thefsix

axis of the crystal, with Weiss parameters 6562 and-17.044 K, respectively. The compound exhibits
antiferromagnetic orderingit 2.3 K (H || ¢) and 2.5 K (Hc), which agrees with the specific heat results. Crystals
of the SmAuln intermetallic also reveal CwVikeiss behavior with antiferromagnetic ordering &t = 7.1 K.
ScAuln is a Pauli paramagnet with magnetic susceptibility of <6&fiu/mol (300 K). The Sommerfeld
02 ST TAOASY émolderiged from dhg spatiitkhéat measurements is comparable with that obtained
from the DFT calculations. The disfort of the triangular rareearth sublattice introduced in the HfRh8rpe
structure can be expected to strongly influence the magnetic behavior, in particular considering the tendency to
magnetic frustration effects in RTX compounds.
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Introduction
Mechanical twinning is one of the most common deformation mechanisms, which plays significant role in
perspective functional materials.@, shape memory alloys. This kind of deformation occurs, when local shear
stress, i.e., twinning stress, is large enough for a twin to nucleate and propagate [1]. For theoretical estimation
of twinning stress, general planar fault energy curves (GPFihemand maxima can be used [2]. These curves
represent energies during twin nucleation in the form of intrinsic stacking fault (ISF) and its consequent growth.
The theory of mechanical twinning is very well developed for cubic and hexagonal materials [3], in which this
type of deformation occurs often due to high strain rate or limited dislocation slip at low homologous
temperatures or when the number of slip $gms is limited. Mechanical twins can be observed also in fcc
materials with low stacking fault energy [4]. Here, Shockley partial dislocationppop planeswith Burgers
vector@equal todip Dpp ¢ are responsible for shearing crystal planes into mirrgueditions. In faceentred
materials, wherec/a ratio differs from 1, such as MinGa or NiFeGa shape memory alloy martensites, the
situation is complicated due to geometrical reasonspas (¢ D pp ¢ does not lead to perfect mirror positions.
Hence, thescaling factor different than 1/6 have been developed recently and is equal to previously reported
shear deformation [4]. The final shearing vector is givefobywula [S}

P Cww p

TR o Jpp ¢8 p
Here we present GPFE curves of three intermetallic matetial$il, NbMnGa and NFeGa with different/a
ratios toshow the effect of tetragonality. The effect of structuraitimization during shear deformation was
studied as well.

Materials and Methods

We performed calculations using the sginlarized DFT method implemented in the Vienna Ab Initio Simulation
Package (VASP) [6]. The electiom interaction was described likie potential based on projector augmented
waves [7, 8]. The electron exchange and correlation energy were treated within the generalized gradient
approximation in the PedreMBurkeErnzerhof formalism [9].

In this study, we considered three different inteetallic materials; / -TiAl, a material widely used in aerospace
due to its low density and high corrosion and heat resistance, which exbibits 1.016. Thus, using the Eqg. 1,
$6F @ ratio is equal to 1.06. As the counterpart with c/a <NI;FeGa ferromagnetic shape memory alloy was

used.c/a ratio of this material is 0.953 anges @ is equal t00.87.As a representative of even lower c/a ratio,
namely 0.801, the nomodulated martesite of NiMnGa ferromagnetic shape memory alloy represented by
tetragonally deformed Ldlstructure was chosergest @ of this alloy is 0.663

All three compounds were modelled by monoclinic supercell with 32 atoms pp & layers. After structural
optimization of the lattices the GPFE curves were calculated by sheasngcessivepp p layers in a supercell
along the pp ¢direction in similar way as explained for example in Ref. [2]. The minimum corresponding to ISF

was found bycontinuous translating (slidg) layers &8 relative to layers ¢4 about 1/143 The twolayer and
three-layer twins were obtained by further translating (sliding) of layej® &nd %8, respectively, starting from
the minimum estimated in the previous step.

Results and Discussion
L y-TiAl alloy, the theoretical values of shearing vector are in perfect agreement with our calculations, when the

structure is not optimized. Thgesf @ ratio is equal to 1.06 independently on twin thickness, which is very close
to the predicted valueThe optimization changes the situation on ISF, wheregigsf & shortens to 1.00 which
is slightly lower value than expected. The shortening does not appear for wider twins, where agefageis

C M



aGAtt SldzZ £ G 2TiAl emagobality ofhe (atkcd ha®very Bmited Fmpact, because the deviation

of pfrom @ pXo pp ¢is negligible.

The noroptimizedGPFE curve of fieGa displayed on Fig. 1(a) exhibits minimum for |S#5a@ equal to 0.87

which corresponds very well to the predictedwa The magnitude dddecreases even more for wider twins, as

the values ofg sl @ and wEsF @ are smaller than predicted values of 1.74 and 2.61, respectively. Structural
optimization results in the increased magnitudeeoHowever, the optimized tweimagnitudes obnever reach

the integer numbers, the energies of optimized and raptimized twins are very different too. This may be
caused by disadvantageous geometry of ideal twin boundary. Although the energy of thicker twins should
converge to aenstant value which i¥ dzNIi KSNJ AYRSLISY RSy i 2y G(KS Gory GKAOL
TiAl, the energy of thretayer twin inNiFeGa is about 25% bigger, then energies of ISF andageo twin. It
indicates a strong mutual interaction tfin boundaries for twins with small thickness.

The situation becomes even more complicated in similar ferromagnetic shape memory, alboymodulated
martensitic phase of MnGa alloy, depicted on Fig. 1(b). Here, the sopitimized ISF occurs giiesf & = 079,

which is much more than expected value of 0.663. Then, the valug®gf @ and oEsf @ are 1.28 and 1.90
respectively, slightly lower than predicted. Optimization of internal parameters leads to even R of

ISF = 0.91. This effect is much less significant for wider timirthis material the interaction of adjacent twin
boundaries results in even higher stability of tayer twin than detwinned structure [10].

To summarize our work, here the completely new approach is applied on Burgers vector calculations. Rescaled
. dzNBSNE @SOG2NE | NB JidlNiby dilki araeptédble foywidér Knins @ indeSigaedr -
shape memory alloys. However, their intrinsic stacking faults need to be examined carefully, as the ideal twin

geometry is not energetically advantageous. Structural relaxation also hatriviah effect onGPFE minima
position.
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Fig. 1: Comparison of ikeGa (a) and MinGa (b) GPFE curves
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Introduction

GeMg-Sn is a perspective system that has been recently given attention for its potential thermoelectric,
photovoltaic or even medical application-8l. In the binary subsystems there are two intermetallic compounds
present, ramely MgGe and MgSn, which have the same adfiiiorite crystal lattice [4]. Also, a hexagonal ternary
intermetallic compound MgeaSr has been reported to be very close above thex@gMg2Sn convex hull [5].

The stability of this ternary intermetallicith temperature has not been studied yet, which is the main objective
of this work to investigate. Also, the composition of this metastable ternary compound lies directly in the quasi
binary diagram MgseMgSn, which has been investigated as well to asstbe solubility in the binary
intermetallics.

Methods

This work was carried out usirgp initio methods based on Density Functional Theory (DFT) [6] and phonon
calculations. DFT calculations were performed using Vienna Ab Initio Simulation Package [7, 8] to investigate the
energy of all phases at 0 K. The exchaogeelation energy was approximatassing Generalized Gradient
Approximation (GGA) with the parametrization of Perdew, Ernzerhof and Burke (PBE) [9]. Projector Augmented
Waves (PAW) [10, 11] were used to describe the set of basis functions. The temperature dependent energy
contributions wee calculated using Phonopy [12]. Vibrational Helmholtz energy was determined using finite
displacement method and the energy contribution of thermal expansion was calculated frombgraginic
approximation.

The planewave energy cubff for MgeGe and MpSn was set to 600 eV and a 10x10x4iint mesh was used.

To calculate the forces acting on atoms within the firdtsplacement method supercells containing 96 atoms
with a mesh of 15x15x15 points for subsequent phonon calculations were used foribatly mtermetallics. In

case of the ternary intermetallic compound the energy-offtof 600 eV and the-gpoint mesh of 8x8x18 points

were used. Supercell for this compound contains 108 atoms and the mesh for phonon calculations comprise of
11x11x26 poird. The supercell approach was employed as well to create a model for solid solubility calculation.
In both 96atom supercells of Mgse and MgSn one atom (or two atoms) of Ge was substituted with an Sn atom
and vice versa. The inclination to fornsabstitutional solid solution can be approximately assessed from these
supercells.

In order to assess the phase stability, the energy of formakowas calculated for all investigated phases,
including the solid solution supercells, as:

o 0 @60 w80 wdO Q)

where theABCdenotes a general intermetallic phadgg: denotes total energies of the intermetallic phase and
pure elements it consists of, andA) x(B)and x(C)are molar fractions of regzxtive elements contained in the
intermetallic phase.

Results and Discussion

All three intermetallic phases (M@e, MgSn, MgGeasSnr) as well as solid solution supercells and all pure
elements for reference were investigated using the methadentioned in the previous section. From
calculations at 0 K using Hgq.it has been confirmed that both binary intermetallic phases are significantly more
stable than the respective pure elements as well as the metastable nature of the ternaGel@g [5, 13]. To
illustrate this confirmation, the energies of formati@nof these intermetallics related to the pure elements are
shown in Fig. 1. The dashed line in the Fig. 1 represents tb@&&ddgSn convex hull. Additionally, the formation
energies of slid solutions are included in the Fig. 1.

The energy of solid solution supercell on the side obGAglies 1,3 meV/atom above the convex hull. This
indicates that at 0 K this solid solution is not stable, but it is close enough to the convex hullld shsily

co
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stabilize with increasing temperature. On the other hand, the energies of formation of solid solution supercells
containing one or two substitutional Ge atoms in #8g lie 0,06 and 1,2 meV/atom above the convex hull
respectively. A difference thismall suggests a limited solubility starts to appear at very low temperatures on this
side of the quasbinary diagram. These results are in good agreement with current, admittedly quite limited,
understanding of this quadiinary system [14, 15]. A furér investigation of this system is planned in order to
predict the solvus lines.

Temperature dependent thermodynamical quantities were calculated using the finite displacement method and
guastharmonic approximation. As an example, heat capacities astemt volume for selected intermetallic
phases are shown in the Fig. 2. The heat capacities of the solid solutions follow the respective binary
intermetallics very closely, which should be expected, because of very similar chemical composition. Geerall, t
results for binary intermetallics agree very well with previously published experimental and theoretical works
[13, 16, 17].
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Fig. 1: Energies of formatids of investigated Fig. 2: Calculated heat capacities at constant volum
phases. selected phases.
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Introduction

The binary intermetallic compound NbBo has a complex monocliniayeredcrystalstructure with a space group

of C2m, mC18 [1]. Authors have recently elucidatibdit NoeCor is classified into a novel crystalline type named
GYAESEAE S Aa0GNHzOGdzZNBEé dacC{ 0 YlidaSMpetiés dieKd kink fériaetiono A G &
during compressive deformation [2Authors have also clarified thallbCa-Co solid solution dugdhase
microstructure can be obtained in the ©th binary system by appropriate heat treatment, and it is expected to
be applied as a hybritlype MFS material. On the other hand, a metastable@&Nb phase has been found to
form in the CeNb binary system [3]. However, the phase stability of C&sNb and its influence on the
subsequent microstructure evolution have bepaorly understood. Irthe present study, variou€oNb binary
alloysare investigated both experimentally and theoretically to evaluate the phase stability GfdNb andthe
potential for microstructure design by utilizing it

Materials and Methods

A M-3.9 at% Nb alloy was cast intd20mm cylindrical ingot, anf8x3mm cylindrical samples were cut out. The
samples were solution hedteated (SHT) at 1240°C for up to 10h in a differential thermal analyzer (DTA) to
attain a singlephase fceCo solid solution. Subsequently, the samples were subjected to isothermal heat
treatments at 700/900/1000°C for up to 3000h to promote various phase transformations and precipitation
processes. Microstructure and crystal structure were investigated by sagrelactron microscopy (SEM),
transmission electron microscopy (TEMYaX diffraction (XRD), and electron backscatter diffraction (EBSD).
For the computational study, 264 fb@sed ordered structures were prepared, and their structure energies were
evaluded by firstprinciples calculations. Effective cluster interaction (ECI) energies of-bmatyyclusters were

then estimated by the cluster expansion method. The metastable phase diagram of the fcc phase ifNthe Co
binary system was constructed by intiazing these ECI energies directly into the Monte Carlo method. A grand
canonical ensemble that fixes chemical potentials was applied to calculate phase boundaries. On the other hand,
thermodynamic quantities such as internal energy were evaluated by thenieal ensemble.

Results and Discussion

During cooling from SHat 1240°C to room temperature, a prominent DTA exothermic peak is observed in the
Co3.9 at% Nb alloy at 791°C, although there is no phase boundary in the equilibrium phase diagram. The
microstructure after the SHT appears as a sifgjlase fceCo solid solution without any visible precipitates
observed by SEM. However, a detailed higbolution TEM analysis reveals that it contains finely dispersed L1
ordered regions with a significantipdreased Nb content, while Nitepleted regions only show a basic fcc
structure, as shown in Fig. 1 [3Although the boundaries of thel-ordered regions are indistincthe L1
ordering is also confirmed by XRD. These results indicate thattherdering from Nb supersaturatettc-Co

solid solution occurs at 791°C

L1 CaNb is estimated as the most stable structure at the composition e2%at% Nb by the firgbrinciples
calculations at the ground state. A clustering of the-twlered CeNb regionsis also confirmed at the initial
stage of aging in G& at% Nb alloy by the Monte Carlo simulation. Figure 2 shows the calculated metastable
phase diagram of the fcc phase in the-ilp binary system determined by the Monte Carlo method. Red circles
are the phase boundaries calculated by the grand canonical ensemble, while blue triangles represent the order
disorder transition points calculated from peaks of differential values of the internal energies, which are
determined by the canonical ensemble. In 6e3.9 at% Nb alloy, the experimentally obsenadsters shown

in Fig. 1 should be related to thead@aNb in the fceComatrix because the experimentally observed order
disorder transition temperature of 791°C (1064K) is located inftied. 1> CaNb dual-phase region in the
calculated metastable phase diagram. Therefore, the calculated results are consistent with the experimental
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ones. However, the calculated orddisorder transition point fothe Ce4 at% Nb allois 1205K. The discrepancy
between theexperimental and calculated results is probably due to the undercooling effect of DTA and the
inappropriate evaluation of ECIs, which will be modified in future works.

Duringisothermal heat treatment, the equilibriumib:Co phase forms with a platéke morphology having a
specific crystallographic orientation relationship with the Hep matrix.The microstructure of the samples in
which L% CaNDb is formed beforésothermal heat treatmenis much finer than that of the saples without
forming L2 CaNb, indicating thatCaNb acts as a nucleation site for bxy. Therefore, theNbCo-Co solid
solution dualphase microstructure is expected to be extensively controlled by utilizing metastahGaiNDb.
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Fig. 1: (a) HAABSTEM image of €29 at% Nb alloy Fig. 2: Metastable phasgiagram of the fcc phase in th
after SHT at 1240°C, (b) magnified image of the ¢ CoNb binary system determined by the Monte Cal
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image, (d) FFT image from the area marked with

blue square in (a) [3].
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Introduction
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mechanical properties due to the unique deformation mechanism caused by kink formation [1]. MFS materials
can be categorized into (1) crystalline type, (2) microstructure type, and (3) hybrid type. A crystalline MFS
materid is expected to be applied to a hybrid MFS material. However, a novel crystalline MFS material has not
been easily found. Authors have reported that an intermetallic compoungCi¥bwhich has a complex layered
structure (mC18) [2], is a novel crystallM&S material with good compressive deformation properties [3,4] and
that NbCo-Co solid solution dugdhase microstructure can be obtained in a hé@ated Ce3.9Nb alloys.
However, the mechanical properties and deformation behavior of gC&kCo solidsolution dualphase alloys

have been poorly understood. In the present study, compressive deformation behavior and microstructural
evolution of a NeCa-Co solid solution dugdhase alloys are investigated mainly focusing on kink formation.

Materials andMethods

The Cel..0, 2.0, 3.9 at% Nb alloys were vacuum induction melted and were ca80a200mm cylindrical ingots.

The samples were cut into X5.5x3mn? or 2x2x4mne rectangular parallelepiped samples. The samples were
solution heattreated (SHT) at 1240°C for 1h in the differential thermal analyzer (DTA) to attain amiagke
fcc-Co solid solution. Some samples were subsequently cooled to 900°C antidagat! for 1h to precipitate
NkCo. Others were subsequently cooled to room temperatoesulting in a fine dispersion of metastableL1
CaNb phase, followed by a heat treatment at 900°C for 1h. Uniaxial compression tests were carried out with a
strain rate of 375x10%s or 1.0<10%s. Microstructure and crystal structure were investigated snanning
electron microscopy (SEM) and electron backscatter diffraction (EBSD) before and after the tests.

Results and Discussion

After the heat treatment, NfCo precipitates at grain boundaries and within grains in all the samples. The
amount of the precipitated NiCw increases with increasing Nb content. TheGld precipitated within grains
shows platelike morphology, having a specific crystallographic ogaéaon relationship with the hciCo matrix.

In the samples withmetastable L1 CaNb, Nb:Caor is more finely dispersed thaim those withoutLl: CaNb
becauseCaNb acts as a nucleation site for bBlx. The resultant compressive stressminal strain curvesre
shown in Fig.1. The compressive strassinal strain curve fosinglephaseNbCa is also shown in the figure

for comparison. The 0.2% flow stresses for thex®ép-Co solid solution duglhase alloys increase with
increasing Nb content. In additiothe strength and ductility of the alloys are relatively higher than those of a
singlephaseN:Ca.

The results of detailed EBSD analyses for th8.@at% Nb allowithout metastable L1CaNb before andafter

the compression test are shown in Fig.2. The Co matrix arous@dNbhas an hcp structure. Although blx is
considered to precipitate along the lower 1Q regions, it is not identified a&dlbut as an hcgCo matrix
because of the extremely thifmickness of the precipitated NBa. Strain accumulation is also observed around
NCo after the compression test, suggesting that2Sky acts as a barrier to dislocation glide, and hence higher
strength is attained in the manner of precipitation strehghing by NbCa. As shown in the figure, a kiike
structure has formed on some sample surfaces without any cracks or delamination. It is one of the essential
features of MFS materials. The results of the crystallographic orientation relationship dwedeterface of the
kink-like structure show that all the interfaces are smatigle boundaries with a rotation axis of almost [hkI0],
which is an implane direction in the basal (0001) plane. In addition, streaks are observed in the pole figure after
the compression test, implying that a specific crystallographic orientation relationship does not exist at the
interface of kinkike structures, but a continuous change in crystallographic orientation occurs. Therefore, these
kink-like structures are notlue to twinning but a result of deformation kinking. The excellent mechanical
properties of the NbCao-Co solid solution dugdhase alloys can be achieved by the solid solution strengthening

CRll)



of Nb, precipitation strengthening of MBa, and kink formation. Among them, kink formation should play an

indispensable role in the excellent ductility of the allolfds thus concluded that NGo-Co solid solution dual
phase alloys are promising candidates for hylyijde MFS materials.
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Fig. 1. Compressive streseminal strain Fig. 2: Results of detailed EBSD analyses for tHe9Cat% Nb

curve for Cdl.0, 2.0, 3.9 at% Nb alloys. Tl alloy without metastable L1 CaNb before and after the

symbol indicates 0.2% flow stress. compression test. (a),(b) SEM images, (c),(d) EBSD IQ and
maps, (e),(f) EBSD PFs, (g) rotation angles and axes acra
interface of the kinKike structure
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Introduction

The phase formation in binary CuzZn30||CuzZn80 diffusion couples is investigated. The crystallographic
relationships between the forming phases are characterized in detail regarding the occurrence of special
orientation relationships. The frequency of oriatibn relationships allows estimating the impact of interfacial

energies on the heterogeneous nucleation during setate phase transformation and subsequent coarsening

[1]. Two orientation relationships are reported in the literature [2]: During nudbeeof theh (fcc) ini (bcc) and

vice versa, Kurdjume8achs (¥S) orientation relationships are formed between the two phases (Eg. 1).
Moreover, thel 6 6 OO0 LIKIF &S5 LINBOA LI G ( AgZre phaeRxtibits & Sbker2NBeSNE R Od
orientation relationship (Eq. 2).

The utilization of zmich diffusion partners also allows a detailed characterization of the phase formation in the

less studied ZNA OK LI NI 2F (GKS LIKFAS RAFINI YSI phadegOK ' a (GKS Sdz

Materials and Mehods

Cylinders of two binary alloys, with the nominal composition (wt.%) of CuZn80 (F Yy R / dz%2y'yn 0% 0% K
diffusion welded at 565°C under a joining pressure of 6 MPa. Details of the alloy preparation and the mechanical
polishing of the joining intédaces can be found elsewhere [3]. The diffusion annealing was performed in a
specially designed afight thin wall stainless steel capsule to allow fast inductive heating under protective Ar
atmosphere [4]. After diffusion annealing and subsequent quergto room temperature, longitudinal sections

of the diffusion couples were prepared by metallographic preparation utilizing vibration polishing for 2h as finish

[3]. The resulting microstructure has been analyzed by optical microscopy and scanningneteitroscopy

(SEM) in combination with energy dispersivay spectroscopy (EDX) and electron backscatter diffraction (EBSD)
according to [5].

Results and Discussion
After annealing of the Cuzn30//Cuzn80 diffusion couple at 565°C, a multilayered mictosris already
present even after 5 s, consisting in total of four phases (Fig. 1). Between the initial phases of the diffusion
LI NIySNER h FyR s 02YLX SGSte Ot2aSR ftlI&@8SNAR 2F (GKS Ayl
the Cuznpha S R A I 3 NdhasepwhiclKiSonly stable above 558°C, is decomposing eutectoidically during
quenching of the diffusion couple, the resultingtkdK | & S NB I A 2 y - §/2phisk @ij. 4). TheblackK S
areas in the microstructure are poresaxia y 3 Ay 6 LINA2N) 2 KSI G GNPHasdeYSyid 27F
a vertical crack has been formed during metallographic preparation running along the former joining surface of
the two initial diffusion partners.
The occurrence of numerous oriettian relationships between adjacent phases has been revealed by detailed
EBSD analyses:
More than 60% of the analyzell/i interface was found to display Kurdjum®achs (¥8) orientation
relationships, that are described as follows

{111} || {110}~ und <1107 || <111>. Q)
Additionally, almost 60% of the investigated phase boundary exhibits a culm&-cube orientation relationship
according to the equation

{100} || {100} und <0107 || <010>.. (2)
The formation of such orientation relationsisijn diffusion couples and even with high probability is not referred
so far in the literature and reveals an impact of interfacial energies duringsalid phase transformations in
diffusion couples.
P FGSNJ Sdzi SOGAO RSO2 YL AHzD A AzNEZR0F FH Y RA ¢li 85 K O LIOIZY SHEEE V2N & |
Sdzil SOUKA RS 4K2s GKS alYS 2NASY(l A Dhasel Rurthdrmivre) OSy i 31
O2y&aARSNI 0f S TNI QIKAI23YS 2ATa (K SA 2S d2iNAGRigREEERIING 8 theirfeily S dzd SO
discovered orientation relationship

{10v0}s || {110} und <0001>|| <110> 3)

c o



indicating a coupled growth of both phases during eutectoid decomposition.

The eutectic decomposition during quenching is accompanied by the formation of Widmanstatten plates (Fig. 2)
2F v Argh! -@Hae dueé b its retrograde solubility. The alignment ofthiates inside the-grains implies

the presence of a specifiorientation relationship that will be investigated. Furthermore, kinetic and
thermodynamic aspects of the Widmanstatten structure formation and the eutectoid decomposition will be
evaluated.

a

LE

S(y+e)

Fig. 1: EBSD phase map superimposed miilige CA I d H Y - { AYF3IS 2F Gk
quality map (grey scale) of a Cuzn30||CuzZn ¢+ b¥ 0 NBIA2Y 060200 2rch!

diffusion couple annealed at 565°C for 5s phase displaying numerous Widmanstéatten plai
(top) afterannealing at 565°C for 15min followed |
guenching
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Introduction

According to theurrent knowledge, the FAI-Si system is one of the most complicated ternary systems with 11
truly ternary equilibrium phases occurring as a function of composition and temperature; see e.g. [1,2]. It is
emphasized here that the crystal structures of tBes LK 4 Sa I NB Y2NB (KIFy aAvYLi e af
structure of a particular phase (i) is the basis for the actual thermodynamics of the phases (via chemical bonding
and vibrational and pointlefect properties), (ii) the basis to understand imgort transport properties like
atomic mobility, and, last but not least, (iii) basis for the correct phase and orientational identification in the
course of microstructural analysis.

In our research group we have conducted research in thécAlpart of the FeAlSi system (sometimes under
influence of further elements) in view of Fe removal from Al melts and in the course of different types of joining
processes of Fewith Albase alloys. We put emphasis on reliable phase identification based on diffractio
evidence as crucial step to understand the actual microstructure evolution. Such an analysis, however, revealed
intriguing phenomena related with the crystal structures of theAr&i phases.

Materials and Methods

Materials were, in particular, AeS(-M) alloys withM being further transition metals of the 3d series which
were solidified under various conditions. Analysis happened after @®s$onal metallographic preparation.
Furthermore, intermetallic reaction layers having formed under diffeétypes of interactions of Avase alloy

melts and solid steel were produced and prepared in ceesgional geometry. Special geometries were used to
make specimens available foirrdy diffraction(XRD) in reflection geometry.

Microstructure analysis was) particular, performed by fiekgmission scanning electron microscopy (SEM; JEOL
JSM 7800F) including energy dispersivayXspectroscopy (EDX) and electron backscatter diffraction (EBSD).
Transmission electron microscopy (TEM) was performed aftetyaqgpfocused ion beam techniques on alloy
pieces preselected by SEM techniques. Occasionally also transmission Kikuchi diffraction was performed on TEM
specimens using the mentioned SEM. XRD was conducted on a Bruker D8 diffractometer working avith CoK
radiation, which is especially suitable for-E@ntaining alloys, which are strongly absorbing for Cu radiation.

Results and Discussion

The following main insights beyond the individual works were obtained:

) The homogeneity ranges of most of ther#gh phases can be understood in terms of formulas of the
type Fe(Al, Siwith constantn for a given phase. Accordingly, Al substitutes Si, but the Fe atoms reside on one
2N AaSOSNIt &aSLINIGS dqadzoflGiAOSas d ¢ KSextenyByotheri 2 Yas ¢
transition metalsM of the 3d series ((Fi&l)(Al,Si).

(b) Al and Si differ only very slightly in scattering power so that Al vs Si ordering is difficult to detect by, e.g.,
XRD methods. Likely, due to lack of further knowledge Alasi&iing is assumed to be absent in phases of the
type Fe(Al, Si) However, our TEM evidence on thghase (agreeing with previous isolated evidence ondhe
phase) suggests pronounced order of Al vs Si, which might indicate that Al vs. Si ordering is more the rule than
the exception. This insight is supported by first principles calculations of cooperation partners [3]. It might be
speculated that Al vs. Sidering might be more the rule than an exception in Al/Si containing phases.

(©) While Fe(Al, Siphases occur in a specifis = xs/(xartxs) range (withx being the molar fraction of the
elementi in the phase), in particular in the case of theand d phases, the characteristic ranges fgrshift to

higher values if Fe is substituted by Mn, Cr, V..., being elements with fewer electrons than Fe. In contrast, the
ranges forysiappear to shift to lower values if Fe is substituted by Co, Ni, ...gle@ments with more electrons

than Fe. This implies a role of the total electron content per atom (e/a ratio) on the homogeneity range of the
phase in quaternary systems, where substitution of Fe by elegiamr (rich)M is compensated by a higher
(lower) Si content on the (Al,Si) sublattice(s).

(d) An exception to the principles (a) and (c) seems to be the auplase, which is only metastable in the
FeAl-Si system but can be formed under certain circumstances, and which is stabilized by very ndootsam

of electronpoor elements. While crystallographic analyses available in the literature imply a formula
(FeM)(AI,S).7s (see, e.g., [4]), the analyzed molar fraction of Fe (or Fe+Mn or Fe+Cr) for this phase seems to

T M



scatter appreciably as compared other phases, in contrast to point (a). Also, the correlation ofNhand Si
contents is not as clear as for tlheand d phases mentioned in (c). While the basic crystal structure type of the

a phase has received attention as 1/1 approximant to icosafleduasicrystals, the details how the molar
fraction of the transition metal is varied is unknown on the atomic level.

(e) Theb phase can grow with a heavily faulted structure as well as in two apparently distinct periodic
polytypes (monoclinic and tetragonal). Likely, once the intermetallic has formed, e.g., upon solidification of the
alloy, its internal structural degrees of #@om are frozen. This might be related with a low homologous
temperature present in the intermetallic also at its formation temperature and small driving forces, e.g. to
improve the stacking order. It is also noted that intergrowthbafndd phases occuras demonstrated by TEM
investigations, which also allowed developing SEM/EBSD protocols for robust phase and orientation
identification [3,5]. Such a protocol includes development of dedicated structure models suitable for robust
indexing of EBSD patterfts].

® Comparison of our results with the literature reveals a couple of forgotten works on crystal structures
not listed in the prominent review by Ghosh [1], which can contain crucial information to complete the picture
for a couple of rarely invegtated phases. Some of the forgotten crystal structure information was confirmed in
the course of results from our microstructural analyses and could be reconciled with presently available phase
equilibria data [2]. This in particular concerns the relath@mple hexagonal Nastype crystal structure of the

tio phase [6], which was encountered in transmission Kikuchi diffraction and XRD from interdiffusion layers [2]
The authors propose that the phenomena observed for the various phases of #hkeSregtem may be hidden

in also many other intermetallic systems, which may not be evident when results of constitutional, structural and
microstructural analysis are not carefully and critically reconciled.
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Introduction

Binary metallic systems such as-Fe CePt and FePd exhibit disorder/order, eutectoid transformations,
AlA L+L%. The tetragonal ldphase is typically ferromagnetic, with high uniaxial magnetocrystalline
anisotropy. The cubic, bphase is either ferroor paramagnetic, with low anisotropy. In ®b, eutectoid
decomposition leads to the sedfssembly of ananochessboardtructure, whch is a pseudgeriodic, 2+1D
structure where the ordered phases can be on the nanoscale. We have previously investigated both the phase
transformation, and magnetic exchange coupling, iRREmanochessboards. Our current work focuses on the
eutectoid regon in FePd near 60 at% Pd, where a very narrowHLE region is thought to exist. Essentially
nothing is known about the microstructure in this region, and in fact, we have found an interesting new phase
Oy F2NX3I 6KAOK ¢S f whichwe cur@ntly bali@vwe is antefuBibriinvpRasd, Jds &r§ =
predicted in 1938 by William Shockley [1], but has not been definitively identified since.

Materials and Methods

Bulk, polycrystalline FBd alloys were arc melted. The nominal compositionsewieom 62 + 0.5 at% Pd,
determined by inductivekzoupled plasmag optical emission spectroscopy (FOES). Homogenization was
achieved by repeated cycles of rolling, then annealing at 1000°C for 24 hours. Furnace annealing was always
performed in evacu@d quartz ampoules that were backfilled with argon. Samples were subsequently aged
under different thermal protocols, including continuous cooling and isothermal anneatiay. ffraction (XRD)

was performed using a Panalytical Empyrean syste@®im powder geometry, employing G radiation.
Transmission electron microscopy (TEM) was performed using a FEI Titan at 300 kV, iratwiglarkfield

modes (BF, DF).

Results and Discussion

For alloy composition just inside the singlease L3 region aging quencheih Al at 650°C produces the

expected LALIKF ST K2¢S@OSNE F3IAy3 |G pupc/ LINRPRdzOSa |+ RATFT
tetragonal (P4/mmm) phase that can form when composition is intermediate dahd L2; it places excss Fe

atoms at a specific Wycddfte andcan be viewed as a hybrid ofdlaind Lt® LiQa ARSwalAXRAOF GA2Y
demonstrates a clear tetragonal distortion, albeit where the tetragonality is reducedvis L3. Additional

superlattice refleions appear, such as (100) and (101), that are not allowed dn\While theseare allowed

reflections of L1, DFTEM imaging of the microstructure makes a strong case for sirdfld 8 S [ mQX &SS CA
In particular, the microstructure entirely consssbf secalled polytwins, which are conjugate pairs having

different caxis orientations, separated by {110} boundaries having invariant plane strain. The polytwin structure

is a welknown characteristic of the formation of the ordered tetragonal phasked Al, and it doeshot result

forAIALL DarkFASt R AYIF 3S O2yiN)l aid Aa O2yaraidSyd sAdK GKS LN
electron diffraction pattern. No twgphase coexistence is evident at this composition in TEM.

At slightly mee Pdrich compositions that are within the twphase field, we do observe twghase coexistence,

either Lb+L20 I & LINBRA OG SR o6& (i KSdepadingdd thRtanparaldreyYdetErmigedbothm Qb [ ™
by XRD and TEM. In both cases, a dominant poiytvicrostructure forms, but now the kphase coexists in the

form of nanometerscale lamellae that wet the polytwin boundaries and gitase boundaries (APB). These

lamellar wetting layers are readily evident in-DEM imaging using a g=110 reflectised Figure 2), and high

resolution imaging demonstrates their cubic nature. This phase morphology is hominally consistent with prior
predictions from phase field modeling,[2] however the microstructesadlutionis nontrivial. In particular, the

L1 phase forms first during continuous cooling through the eutectoid isotherm. Then, with isothermal aging
below the isotherm, polytwinned kTorms in an ordetto-order transformation, with apparently simultaneous

formation of the L1 twin/APB wetting layet @ b dzOf S| (A 2y o@ZFNJI [ okthiosini Réal&e, 2 F [ ™
anisotropic fashion, propagating rapidly along a single direction, followed by much slower lateral growth to
consume the Ladmatrix. The mechanism defining the rapid, uniaxial growth pseds not currently understood.



CKS F2NXIFGA2Y 27T -phaseQd caSiatingkavBiNIL, bciurslwhed we/agd rietastable Al at
temperatures of 525°C, whereas aging at 650°C produce®rLLL+L%, depending on composition. This

suggests tht a phase boundary exists between these temperatures, whesg [IMm Q dzLJ2y O022f Ay 33z f
higherorder transformation. To explore this, we have first transformed an A1 sample entirely by extended

heating at 650°C, then aged this at 525°C fterded times. To date, we have NOT observed the transformation

to occur. This is concerning, but may result from a very low driving force, and slow kinetics.

=100 e g=010

Y,

Fig. 1: DHEM along a [001] zon Fig.2: DHEM of a more Rdch sample than Fig. 1, where tw
axis,showing singleJK I & $= [ m: phase coexistence occurs after aging at 650°C. Imaging
structure with twin boundaries inclined a g=100/010 highlights the conjugate oLdrientations (eaxes
45° relative to the [001] zone axis. Coar indicated by red arrows), while iging with g=110 highlight
0lyRa INB GKS {¢AYy theLkphase decorating the twin boundaries and APBs.
have different eaxis orientations (shown b' selected area diffraction pattern of this region is shown in¢
red arrows and circles), while fine contra Scale bar is 200 nm.

Y2RdzZtE F GA2Yy | NR & Sfacts ¥

and APBs. Scale bar is 500 nm.

Conclusions

We have explored phase equilibria in-Fé alloys with compositiorsbout 61 at% Pd, which is in the vicinity of

the eutectoid, AR, orderedtetragonal + ordereetubic. For slightly Pdoor compositions that are in the single

phase tetragonal region, aging metastable Al at 650°C produecegilé aging at 525°C produces them Q LIK | & S ®
CANRBG LINBRAOGSR AY Mooy GKSNB KFa y2i 06SSy Iy dzyl YOA
We combined XRD, BFFEM and structure factor calculations in order to provide reasonable certainty of its
existence. For more Pich compositions, 650°C aging producestLk YR pHpc/ F 3 A yBoth INR RdzO S :
readily evident in XRD. In both situations, the tetragonal phase occurs in a polytwin configuration, with the L1

phase wetting the {110} twin boundaries and antiphase boundaries. The evolution of these configurations is
complex and highly anisotropic.

Support from the U.S. National Science Foundation through grantDW8914 is gratefully acknowledged.
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Intermetallic compounds have been considered for a long time as possible hydrogen storage materials. The large
amount of possible elemental combination, the number of accessible crystal structures and the possible changes
of the properties by substitution make them really attractive. This presentation will be an introduction to this
specific topic.

The structural properties including the determination of hydrogen position and site occupancies in the crystal
structure using neutrowliffraction by Rietveld analysis will be reported. The thermodynamic properties and how
they can be adapted to a specific application will be described. The way these properties may be modelled using
the Calphad method will also be addressed.

Examples vilibe given in the different families (ABased on the CaGstructure (Fig. 1), AR aves phases, AB
GAGK [ &/t adNHzO0Gdz2NEX0 @

Finally, various applications, including hydrogen storage materials and electrodes fort¢abesbnickeimetal

hydride batteres will be presented.

Fig. 1: CaGuerystal structure with possible interstitial tetrahedral sites occupied by hydrogen.
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Introduction

The intermetallic familyZrCoAl-type RsTX (space groupgP-62m, N 189,hP9) has interesting magnetic and
magnetocaloric properties in different temperature ranges, depending on the particular composition. The
combination of different rare earths, transition metals apdblock elements allows to tune these properties to

a desired ¢émperature and to improve them. We show in this work how this can be done close to room
temperature based on the accumulated experience with this family [1, 2]. The thermal properties (thermal
diffusivity, thermal effusivity, specific heat) have also beeasured as they are extremely relevant in order to
evaluate the practical applicability of these magnetocaloric materials in real refrigerator systems.

Materials and Methods
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Introduction

Need for automotive electrification in recent years have increased the reliabilitypégature requirements of
electronic solder joints. Ni is being increasingly used as a terminal/under layer to restrict intermetallic (IMC)
growth during soldering and high temperature service (T > 398K). In contrast, there is also a need to
reduce/minimie Ni thickness currently used in the industry due to environmental concerns. The composition
and growth kinetics of the IMC layer ((Ni,€31) or (Cu,NiSrs) depends on the mutual solubility of Cu and Ni in

the IMC phases at the reaction interfaces [his influences the overall IMC thickness and its morphology which
affects the reliability of solder joints. This study focusses on the complex microstructural development and
diffusion kinetics of the IMC phases in Ce{NBnNi system with three diffenat Ni interlayer thicknessx| of
0.2,0.6 and 1.6 um.

Materials and Methods

t dZNBE / dz LIAyad 6SNBE St SOGNRLIIIGSR 6AGK bA AYGSNIF&SNI 21
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Results and Discussion

Figure 2 shows the crosectional imags of Cu(Nk)-SnNi samples with Ni interlayer thicknessedf 0.2 um,

0.6 um and 1.6 um aged at 473K for 14 days. The evolution of morphology and composition of the IMC phases
varied with samples of different Ni interlayer thickness. Both Ni interlgyiekness of 0.2 um and 1.6 um showed
uniform layer growth of the IMC phases whereas Ni interlayer thickness of 0.6 um showed anisotropic facetted
growth. In some cases, the facets which grew from opposite sides coalesced to produce continuous IMC plates
mainly along Sn grain boundaries.

(Ni,Cu)Sn. grew as continuous layer in the initial stage on Ni|Sn interfaces on botkideuand Nside for all

the three cases. As the Ni interlayer is consumed by growth of (AM&@Guphase with time , Cu conceiation

within Sn phase increases due to its higher solubility in Sn than Ni [2,3]. When Cu concentration in Sn exceeded
a critical threshold, there is thermodynamic driving force for conversion of (N§Guinto (Cu,NigSrs[4] . The

Ni concentration whin transformed (Cu,Niprs phase resulted in facetted growth forch ( > 10at.% upto 20

at.%) (Cu,Néprs phase as seen in samples with 0.6 pm and 1.6 um Ni interlayer thickness. EDS line scan revealed
that, in Nigradient exists within the (Cu,M3rs phase during the initial stages and it equilibrates to 15 at.% Ni

for longer times. Uniform layer growth was observed fopdlor( < 10at.%) (Cu,Mjrs phase in 0.2 pm Ni
interlayer samples. (Cu,MHn with negligible solubility of Ni is also ebsed close to the Cu interface for-plbor

cases.

Higher growth rate of (Cu,N8rs than (Ni,CuSn can be explained by the higher solubility of Ni in (CeJ¥)

phase (upto 20 at.%) than solubility of Cu in (NgSmi)phase (upto 8 at.%) [4]. The fasgrowth of (Cu,N&Sns

engulfs the initially formed (Ni,Gan consuming the smaller grains resulting in dispersed precipitates of
(Ni,CujSn: (initial large grains) within (Cu,bBys phase as seen in 0.2 um microstructure.

Grain boundary diffusion is the main diffusion mechanism controlling the growth of the IMC phases within the
studied temperature range. Addition of small amount of Ni to (CuSKiphase acts as a grain refinesulting

in smaller IMC grains. The higher IMC thickness on th&deuin 0.2 um samples is due to the finer grain size of
Ni-poor (Cu,N§Srs aiding in the grain boundary diffusion of Sn to the Cu interface [5]. The presence of initial

yn



formed (Ni,CwSn precipitates closer to the Sn boundary also corroborates for Sn dominant diffusion. For 0.6
pm samples, the Nich (Cu,NgSrs phase grows as single crystal with a fixed orientation relationship with Sn [6].
Although growth rate is faster along certalivections where the Sn grains are favorably oriented, there is overall
less grain boundary area resulting in lower average IMC area in comparison to 0.2 um samples.

The free standing single crystalline facets poses a significant reliability risk daebtdtie nature of fracture.

But if the facets from both Gside and Nside coalesce to form continuous IMC plate as seen in figure 2, it can
strengthen the solder joint. The Ni interlayer with 1.6 um thickness exhibited the slowest and uniform gfowth o
(Ni,CujsSn. with very low Cu content thereby acting as an effective diffusion barrier fesubstrates. The
activation energies and the diffusion constants of the individual IMC phases calculated in this study enable to
model the system in future witkechniques such as phase field simulation.

473K 14 days

de
Ni
(Ni,Cu);Sn, le

(Cu,Ni)gSns w
<10 at.% Ni

Outer Nilayer (5 pm

Sn (20 pm)

0.2 um

(Ni-x) interlayer/'

Cu substrate (Cu,Ni);Sn

U€E Cu

Ni,Cu)sSn,

(Cu,Ni)¢Snsfa
with >10 at.%

0.6 ym

(Cu,Ni)gSns \
<10at.% Ni
(Cu,Ni)3Sn

(Ni,Cu)3Sn,

1.6 um

(Cu,Ni);Sn

Fig. 1: Schematic of the cross section Fig. 2: Microstructure images of CugHSnNi with x = 0.2, 0.6 0
a Cu(Nx)-SnNi electroplated sample 1.6 pm afteraging at 473K for 14 days showing the different Il
where x can be 0.2, 0.6 or 1.6 um.  phases formed on Gside and Nside.
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Introduction

In the view of the incoming energy crisis, the research on Phase Change Materials (PCMs) for Thermal Energy
Storage (TES) purposes have been increasingly gained more and more attention in the last datzstb P EMs

offer the possibility to absorb energy at constant temperature as latent heat of transformation, when they
experience a phase transition. The energy collected is then released with the inverse process. The possibility of
absorbing heat is alsdteactive for Temperature Management (TEM) purposes. Sjidd phase change is the

most studied one. The high phase transition temperature and the high latent heat of fusion per unit volume,
combined with the high thermal conductivity, make metals ayveromising solution for the development of
efficient TES/TEM systems. However, the problems related to the corrosiveness and the reactivity of molten
metals severely limit their spread.

Such an issue can be smartly tackled with the adoption of MisciGitity Alloys (MGAE)]. MGAs are composed

by elemens which do not interact at both the solid and liquid state. In the case of binary alloys, the resulting
system at room temperature consist of two phases whose composition roughly corresponds to the one of the
pure elements. Aluminum and Tin, already exjgdiin the TES field for service temperatures close to the melting
temperature of pure Sn, i.e., 232°C, represent a significant example.

The PCM activation temperatures can be tuned with the addition of other elements which do not modify the
miscibility gp nature of the system. In the case of3 binary alloy, Si demonstrates to be a good soly2dn
Besides, few information is available for additionsotfer elements (e.g. Mg), generally found in commercial
aluminum alloys, which possibly modify the response of the system.

Hence, in this study, the authors propose to investigate the microstructural features and intermetallics arisen in
PCMs, obtained ém the combination of a commercial castingbalsed alloy, i.e., A356, with pure Sn. The
selected production process was water granulation, that the possibility to obtain products with the desired
microstructure with very limited temporal efforf®]. The impact of secondary phases and intermetallics on the
thermal performances of the resulting PCM is evaluated and compared to the one of the bixgamahdy

Materials and Methods

The water granulated PCMs were obtained adding Sn (99.85%wt, BS EN 610: 1996) to commercially pure Al ingots
or A356 alloy casting scraps in order to obtain a mass ratio of 40:60. A more detailed explanation about the
production pocess is provided if2]. The composition of the multicomponent system, hereafter simply referred

as A356Sn, was simulated with the thermodynamic equililniucalculator of the commercially available
software Thermocalc in aid of phase identification. Microstructural analyses were performed with both optical
microscopy (Leitz Aristomet Light Optical Microscope) and electron microscopgO(8ltiachi). EDS aiyaks

were performed with UltraDry silicon drift-pay detector (Thermo Fisher Scientific, USA). Besides, Philips Xpert
Pro diffractometer (Cudsource) was used for crystallographic investigations.

The thermal stability of the PCM was evaluated with hesatments, performed with Terside Carbolite Furnace

in Ar atmosphere, at 200°C with different dwell times (0.5, 1, 3 and 5h), as well as with Differential Scanning
Calorimetry (DSC25, TA instruments) tests from room temperature to 300°C.

Results andiscussion

The preliminary analyses carried out on AZS6 with Thermocalc software highlight the appearance of the
MG2SI_C1 phase at temperatures close to the pure Sn solidification (Figure 1), i.e., the PCM working temperature
range. The definition is ferred to either to Mg@Si or MgSn, sharing the same crystallographic structure.
However, the lower Gibbs free energy for the formation of the latter intermetallic compound suggests MG2SI_C1
to be identified with MgSn[3].

In addition, the EDS analyses, perfearon the micrographs, highlight the tendency of Mg to be dispersed within

the Snrich phases rather than-8tch regions.



However, both optical microscopy and XRD tests do not allowed the identification 8nyigossibly due to its

very small size. Othe other hand, SEM investigation revealed the presence of lamellar compounds dispersed in
the Snrich phases (Figure 2), consistent with gSn appearancé4]. Thislatter compound seems to be
beneficial in terms of adhesion between theridh phase and the Sn phase, which easily detach in the case of
the binary AISn alloy.

Fig. 1: A356&n phase diagram, computed with Thermocalc

The heat treatments performed on A3%&h and ABn lead to exudation of the lemelting phase only in the

first case, in accordance to Thermocalc data. SEM analyses performed on the leaked material, that underwent a
re-solidification process, revealed thesence of an eutectic lamellar microstructure (Figure 2), similar to the
one detected in the aproduced microstructure. The compositional analyses performed on the lamellae are
consistent with the previous hypothesis.

MgSn melting in A35&n, close td®00°C, is detected also by the DSC analyses, in addition to the pure Sn
transition, differently from the curve of An, which exhibits only this latter phase change. MoreoverSvig
demonstrates to be stable also under repeated thermal cycles. Hencertsence of this phase does not
negatively affect potential use of the alloy as PCM for TES purpose. Besides, it is useful in widening the heat
absorption temperature range: the energy is stored over a wider temperature span than in the binary system.

Fig. 2: SEM micrograph of the lamellar structure found in
leaked material from A356n after heat treatment.

This work underpins that the introduction of intermetallics in multicomponent PCM systems is not generally a
negative feature, and it cabe useful in order to tune activation temperatures and obtaining more flexible
devices in term of applications.
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