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PROGRAMME OVERVIEW
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oxidation behaviour of
intermetallic phases*
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Fundamentals and
experimental determination of
intermetallics' oxidation

p.8
Coffee break

11:00-12:30
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p.8
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Intermetallic coatings
and coatings for intermetallics
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15:50-17:05 15:50-17:05
Phases and phase Iron aluminides
stability | Bus tour Coburg
with guided tours
p.10 and conference p.14
Coffee break dinner Coffee break
Foyer 17:25-19:10 17:25-18:40
18:30-20:00 Corrosion High temperature
alloys
Get together
¢ p.7 p. 11 p. 15
20:00-21:00 Poster session
Conference opening and
opening talk p.8 p. 17 p.7

Tuesday,
01 October

09:00-10:15
Silicides |

p.9
Coffee break

10:45-12:30

High entropy alloys

p.9

Lunch

14:00-15:30

Shape memory /
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intermetallics

Seminar room 1

Wednesday,
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Seminar room 1

09:00-10:30

Titanium
aluminides |

p. 12
Coffee break
11:00-12:30

Titanium
aluminides Il

p. 12

Lunch

13:30-22:00

Thursday,
03 October

Seminar room 1

09:00-10:30

Phases and phase
stability Il

p.13
Coffee break

11:00-12:30

Titanium
aluminides Il

p.13

Lunch

14:00-15:30

Nickel aluminides
and
nickel base alloys

Friday,
04 October

Seminar room 1

09:00-10:30

Additive
manufacturing of
intermetallics

p. 16
Coffee break

11:00-12:30
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p. 16
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* The school is especially intended for students and young scientists, the possible number of participants is limited.
A registration is necessary.
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WELCOME NOTE

Dear Colleagues and Friends,

It is meanwhile a pleasant tradition to welcome you at our Intermetallics 2019 conference, as it is already the fourth
meeting in this successfully established series of conferences.

Following our traditional scheme the conference focusses on materials based on intermetallic phases (intermetallics)
to be envisaged for structural as well as functional applications. With a beneficial combination of high strength, low
density and good corrosion resistance, they are specifically suited for applications at high temperatures and in severe
environments. As some intermetallic phases show unique physical properties, they are also of interest for various func-
tional applications. In addition, their possible appearance, thermodynamic stability, and role as strengthening phases
in High Entropy Alloys (HEAs) or Compositionally Complex Alloys (CCAs) are recent scientific issues, which are also in
the focus of this conference.

The choice of local organisers and members of the international advisory board remains virtually unchanged compared
to previous conferences, thus providing not only representation of all relevant topics but also a good balance between
research and application. Feedback from the previous meetings showed that participants were very much satisfied with
the conference, with the exception of parallel sessions in the afternoon, which necessitated some hard decisions which
talks they should attend. Therefore, for Intermetallics 2019 the programme has been adjusted to fit into single sessions.
As before a high-profile poster session is rounding off the conference. Following the previous successful educational
seminars, a ‘School on corrosion and oxidation behaviour of intermetallic phases’ including possibilities and strategies
for protection by appropriate coatings, which is specifically devoted to young researchers up to the PhD level, precedes
the conference.

The conference again takes place at the Educational Center Kloster Banz near Bamberg, Germany. The cloister is situ-
ated in a remote place above the valley of the river Main. As a well-known educational centre, it is an ideal place for
conferences with its good infrastructure and relaxing atmosphere. In addition, being situated in the central part of
Germany, it is easily accessible from Nuremberg, Munich and Frankfurt airports.

We are looking forward to welcoming you at Kloster Banz,

Your Intermetallics 2019 Conference Team



Venue

Educational Center Kloster Banz
Hanns-Seidel-Stiftung e. V.
96231 Bad Staffelstein, Germany

Date
30 September—04 October 2019

Scientific organiser
Martin Heilmaier, Karlsruhe Institute of Technology, Karlsruhe, Germany

Scientific co-organisers and programme committee

Volker Gither, GfE Metalle und Materialien GmbH, Nuremberg, Germany
Manja Kriiger, Forschungszentrum Jilich, Jilich, Germany

Svea Mayer, Montanuniversitdt Leoben, Leoben, Austria

Martin Palm, MPI fir Eisenforschung GmbH, Dusseldorf, Germany
Wilfried Smarsly, MTU Aero Engines GmbH, Munich, Germany

Frank Stein, MPI fiir Eisenforschung GmbH, Diisseldorf, Germany

International advisory board

Bernard Bewlay, GE Global Research Center, Niskayuna, NY/USA
Gabriele Cacciamani, University of Genoa, Genoa, ltaly

Helmut Clemens, Montanuniversitat Leoben, Leoben, Austria
Nathalie Dupin, Calcul Thermodynamique, Orcet, France

Martin Fridk, Institute of Physics of Materials, Brno, Czech Republic
Easo George, Oak Ridge National Laboratory, Oak Ridge, TN/USA
Juri Grin, MPI for Chemical Physics of Solids, Dresden, Germany
Florian Pyczak, Helmholtz-Zentrum Geesthacht, Geesthacht, Germany
Claudio G. Schoén, University of Sdo Paulo, Sdo Paulo, Brazil

Masao Takeyama, Tokyo Institute of Technology, Tokyo, Japan
Michel Vilasi, University of Lorraine, Nancy, France

Conference organisation

Conventus Congressmanagement & Marketing GmbH
Anja Kreutzmann/Julian Unger

Carl-Pulfrich-Strafle 1

07745 Jena, Germany

Phone +49 3641 31 16-357/-330

Fax +49 3641 31 16-243
intermetallics@conventus.de

www.conventus.de

Design/Layout

Layout krea.tif-art UG (limited liability)
Print Kern GmbH

Circulation 150

Editorial Deadline 01 September 2019

ORGANISATION AND IMPRINT /A


mailto:intermetallics@conventus.de

A\

GENERAL INFORMATION

Registration fees

University/institute 600 EUR
Industry 750 EUR
Student 300 EUR
Accompanying person* 150 EUR
Workshop: School on corrosion and oxidation behaviour of intermetallic phases** included

Social programme™***
Get together, 30 September included
Bus tour to Coburg with conference dinner, 02 October included

*  Gettogether and conference dinner is included.
**  Number of participants limited and only for students and young researchers.
*** Registration for the social programme is required.

General terms and conditions
Please find our General Terms and Conditions at www.intermetallics-conference.de.

Opening hours Check-In

Monday 08:00 a.m.—07:00 p.m.
Tuesday 08:30 a.m.—05:00 p.m.
Wednesday 09:00 a.m.=12:30 p.m.
Thursday 09:00 a.m.—05:00 p.m.
Friday 09:00 a.m.—12:00 p.m.
Internet

Wireless-Lan is available for free. You do not need to enter a password/code.

Certificate of attendance
Certificates of attendance will first be made available on the last day of the conference at the check-in desk.

Poster prizes
The three best posters will be awarded with 300 EUR each.

Poster session
Posters will be rated on Tuesday, 01 October, 07:30 p.m. Authors are requested to be present at their
posters during the poster session. Drinks and finger food will be served during the poster session.

Pinboards will be numbered. The pinboards are only to be used with the designated pins. You will find your
poster number in the programme book on page 24. Please note that all posters should be hanging on Tuesday,
01 October, by 04:00 p.m. and be removed at the latest by Friday, 04 October, 09:00 a.m. Posters that have not
been removed by that time will be considered as waste.

Catering

Foods and drinks during the breaks will be provided.

The restaurant “Klosterschanke” is directly located on the premises of Kloster Banz and is open daily from
10:00 a.m.—10:00 p.m. (subject to change).

For your information: the closest city with alternative restaurants is Bad Staffelstein, which is 5.5 km away (ap-
proximately 1 hour by foot, 7 minutes by car).

Smoking
Smoking is prohibited inside the entire conference area.

Taxi

Taxi DUtsch e Phone +49 9573 52 06/+49 9571 52 06

Price from Bad Staffelstein to Kloster Banz about 10 EUR
Price from Lichtenfels to Kloster Banz about 13 EUR

(Prices are subject to change.)



GENERAL HINTS FOR AUTHORS AND PRESENTERS

Submitting your presentation/technical information

Your presentation should be prepared as PDF- or PowerPoint (Office 2016) with 4:3 aspect ratio. For video- and audio-
files, please use standard formats (AVI, WMV, MPG) and bring these as separate files to the speakers’ ready room. When
using videos, please remember to include the required Codec. The use of personal notebooks is possible upon agree-
ment. Please provide an adapter for HDMI if necessary.

In the lecture hall, you will find a lectern with a laptop and presenter with laserpointer. A technical assistant will support
you.

Should you wish to use non-digital equipment, please contact us in advance.

Time allotment

Please prepare your presentation for the allotted amount of time. Chairs and moderators may interrupt should you
overrun your time limit.

Allotted time is assigned as follows (speaking + discussion time):
1. Invited talk 25 + 5 minutes discussion
2. All other single-session talks 12 + 3 minutes discussion

SOCIAL AND CULTURAL PROGRAMME

Get together* ¢ Monday, 30 September
Come together for drinks and snacks. Enjoy the evening and allow yourself interesting conversations with colleagues,
old friends and new acquaintances.

06:30 p.m. Get together
08:00 p.m. Conference opening
08:15 p.m. Metals and alloys in commercial aircraft

Sharvan Kumar (Providence, RI/US)
Bus tour to Coburg with guided tours and conference dinner* ¢ Wednesday, 02 October
Enjoy the trip to Coburg with a guided tour through the “Veste” as well as the city of Coburg. Afterwards take the chance
to get in touch with colleagues and friends and have an enjoyable evening at the restaurant “Bayrish Pub”. The confer-
ence dinner includes the awarding of the poster prizes. At around 10:00 p.m. the bus returns from Coburg to Kloster
Banz.

Start 01:30 p.m. at Kloster Banz (car park)

Activities 02:30 p.m.—06:00 p.m. guided tours “Veste” and “City tour” Coburg
06:00 p.m.=10:00 p.m. dinner and award ceremony at restaurant “Bayrish Pub”
10:00 p.m. departure to Kloster Banz

End aprox. 10:30 p.m.

Fee included in the conference fee
(dinner & 2 drinks at the restaurant)

* A registration is necessary.



SCIENTIFIC PROGRAMME ¢ MONDAY, 30 SEPTEMBER

09:00 a.m.—03:30 p.m.

Seminar room 6

09:00 a.m.

06:30 p.m.—08:00 p.m.

Foyer

08:00 p.m.
Seminar room 1

08:15 p.m.
O-IT-01

School on corrosion and oxidation behaviour of intermetallic phases

Fundamentals and experimental determination of intermetallics’ oxidation
Shigenari Hayashi (Sapporo/JP)

This lecture will focus on oxidation and the underlying thermodynamic and kinetic funda-
mentals. Different intermetallic systems such as TiAl are employed to demonstrate the funda-
mentals and specifics for intermetallics. Additionally common experimental approaches will
be discussed such as Thermogravimetric Analysis.

High temperature corrosion of intermetallics
Mathias C. Galetz (Frankfurt am Main/DE)

Many aggressive environments in which besides oxygen other elements attack the materials
such as sulphur or carbon can commonly be found at high temperatures. Such multioxidant
atmospheres are discussed in this talk with respect to the resistance of intermetallics under
hot corrosion, metal dusting.

Intermetallic coatings and coatings for intermetallics
Mathias C. Galetz (Frankfurt am Main/DE)

Almost all high temperature coating systems rely on intermetallic phases that provide the
reservoir of stable oxide formers e.g. all turbine blades in modern aircrafts rely on interme-
tallics or intermetallic-rich coatings. The application of diffusion coatings is very common
and allows the transformation of the surface into an aluminide or silicide phase, which offers
a much higher oxidation and corrosion protection than the substrate itself. In this talk the
common intermetallic coatings on classical material systems as well as coatings systems or
intermetallics will be discussed.

Get together (see page 7)

Conference opening
Martin Heilmaier (Karlsruhe/DE)

Opening talk
Metals and alloys in commercial aircraft
Sharvan Kumar (Providence, RI/US)



09:00 a.m.-10:15 a.m.
Seminar room 1
Chair

09:00 a.m.

0-IT-02

09:30 a.m.

0-SI-01

09:45 a.m.
0-SI1-02

10:00 a.m.
0-SI-03

10:45 a.m.—12:30 p.m.
Seminar room 1
Chair

10:45 a.m.
0-1T-03

11:15a.m.
O-HE-01
11:30 a.m.

O—-HE-02

11:45 a.m.
O-HE-03

12:00 p.m.
O—-HE-04

12:15 p.m.
O—-HE-05

12:30 p.m.—02:00 p.m.

SCIENTIFIC PROGRAMME e TUESDAY, 01 OCTOBER

Silicides |

Sharvan Kumar (Providence, RI/US)

Invited talk: Room-temperature deformation behavior of D8|-type transition-metal
silicides investigated by micropillar compression

Kyosuke Kishida (Kyoto/JP)

Laser-based additive manufacturing of Mo-Si-B alloys
David Fichtner (Berlin/DE)

Properties of density reduced Mo-XV-Si-B alloys
Julia Becker (Magdeburg/DE)

Oxidation barrier coatings with active fillers for Mo-Si-B high-temperature-alloys
Caren Gatzen (Julich/DE)

High entropy alloys
Manja Kriger (Julich/DE)

Invited talk: Intermetallic phases, strengthening and correlation to theoretical predictions
in rapidly solidified compositionally complex alloys
Emma White (Ames, IA/USA)

Precipitation hardening of Cantor alloy containing titanium
Uwe Gaitzsch (Dresden/DE)

Development of B2/L2; precipitation strengthened CCAs in the AICrFeNiTi system for high
temperature structural applications
Silas Wolff-Goodrich (Disseldorf/DE)

Structure-property relationships in B2 ordered lightweight Al-Cr-Nb-Ti-V-Zr refractory
high entropy alloys
Nikita Y. Yurchenko (Belgorod/RU)

Microstructure and properties of intermetallic strengthened CoCrFeNi, {Nb,
high entropy alloys
Upender Sunkari (Hyderabad/IN)

High entropy alloys — materials for the future or elaborate hoax?
Claudio G. Schdn (S3o Paulo/BR)

Lunch

L



SCIENTIFIC PROGRAMME e TUESDAY, 01 OCTOBER

02:00 p.m.—03:30 p.m.
Seminar room 1
Chair

02:00 p.m.
0-SM-01
02:15 p.m.
0-SM-02

02:30 p.m.
0-SM-03

02:45 p.m.
O0-SM-04
03:00 p.m.
O-SM-05

03:15 p.m.
0-SM-06

03:50 p.m.—05:05 p.m.
Seminar room 1
Chair

03:50 p.m.
0O-PS-01

04:05 p.m.
0O—-PS-02

04:20 p.m.
0O—-PS-03

04:35 p.m.
O—-PS-04

04:50 p.m.
0O—-PS-05

05:05 p.m.—05:25 p.m.

10

Shape memory/functional intermetallics
Hiroyuki Y. Yasuda (Osaka/JP)

Size effect on the stress-induced martensitic transformation in Cu-based shape memory
alloys
Jose Fernando Gémez-Cortés (Leioa/ES)

Lath-like martensite in Cu-Zn-Al alloys with low Al concentration
Tobias Kaaden (Jena/DE)

Martensite stabilisation effect in Ni-rich NiTi shape memory alloy
Natalia Resnina (Saint Petersburg/RU)

Mechanical properties evaluation for thermoelectric half-Heusler ZrNiSn comparing with
Heusler ZrNi,Sn
Yoshisato Kimura (Yokohama/JP)

New interconnectors for high temperature thermoelectric silicides based devices
Florian Brix (Nancy/FR)

High temperature stable metallisations for SAW devices
Marietta Seifert (Dresden/DE)

Phases and phase stability |
Klaus W. Richter (Vienna/AT)

A systematic investigation on refractory-metal based phase diagrams with and without
the Laves phase
Seiji Miura (Sapporo/JP)

Phase relations between fcc-Co, L1, TiCos, and the two coexisting Laves phases C36 and
C15 TiCo,
Frank Stein (Dusseldorf/DE)

Plasticity of topologically close packed phases — from nanomechanics to HR-TEM
Stefanie Sandldbes (Aachen/DE)

Non-centrosymmetry — assignment of the absolute structure by X-ray diffraction and EBSD
Ulrich Burkhardt (Dresden/DE)

Influence of plastic deformation in the disorder-order transition of 18-carat red gold alloys
Marina Garcia Gonzalez (Villigen/CH)

Coffee break



05:25 p.m.—07:10 p.m.
Seminar room 1
Chair

05:25 p.m.
0-C0-01

05:40 p.m.
0-C0-02
05:55 p.m.
0-CO0-03
06:10 p.m.
0-CO-04
06:25 p.m.
0-CO-05

06:40 p.m.
0O-IT-10

SCIENTIFIC PROGRAMME e TUESDAY, 01 OCTOBER

Corrosion
Mathias C. Galetz (Frankfurt am Main/DE)

Effect of Nb and V additions on oxidation behavior of a,-Ti-30at%Al alloys
Shigenari Hayashi (Sapporo/JP)

Al-Si based oxidation protection coatings for y-TiAl produced by magnetron sputtering and
Arc-PVD
Peter-Philipp Bauer (Cologne/DE)

Oxidation of directionally solidified NiAl-(Cr, Mo) alloys
Golnar Geramifard (Eggenstein-Leopoldshafen/DE)

Mechanistic investigation of the high temperature oxidation behaviour of Fe-25Al-1.5Ta
with various additives in air at 700 °C
René Daniel Plitz (Aachen/DE)

Pre-oxidation of iron aluminides
Janez Zavasnik (Ljubljana/Sl)

Invited talk: High temperature supercritical CO, compatibility of intermetallics and cermets
Bruce A. Pint (Oak Ridge, TN/US)

Poster session
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SCIENTIFIC PROGRAMME ¢ WEDNESDAY, 02 OCTOBER

09:00 a.m.-10:30 a.m.

Seminar room 1
Chair

09:00 a.m.
0-1T-04

09:30 a.m.
O-TA-01

09:45 a.m.

O-TA-02

10:00 a.m.
O-TA-03

11:00a.m.=12:30 p.m.

Seminar room 1
Chair

11:00 a.m.
O-IT-05
11:30 a.m.
O-TA-05
11:45 a.m.
O-TA-06
12:00 p.m.
O-TA-07

12:15 p.m.
O-TA-08

12

Titanium aluminides |
Svea Mayer (Leoben/AT)

Invited talk: Influence of cooling rate and composition on the formation of ribbon shaped
borides in cast TiAl alloys
Rui Yang (Shenyang/CN)

Design approaches and achievements of novel TiAl alloys for jet engine applications under
SIP programme in Japan
Masao Takeyama (Tokyo/JP)

Mechanical properties of SiC fiber reinforced TiAl composite
Keizo Hashimoto (Utsunomiya/JP)

Influence of C on the relaxation process and the diffusion of Ti in new generation of y-TiAl
intermetallics
Jose M. San Juan (Bilbao/ES)

Solid phase joining of y-TiAl parts using diffusion bonding
Marcus Willi Rackel (Geesthacht/DE)

Titanium aluminides Il
Masao Takeyama (Tokyo/JP)

Invited talk: Advanced intermetallic titanium aluminides — from fundamentals to
application
Svea Mayer (Leoben/AT)

TCTI2 — an updated thermodynamic database for multicomponent Ti- and TiAl-based alloys
Yang Yang (Solna/SE)

Effect of hot forging at lower temperatures on microstructure and mechanical properties
of B-solidifying y-TiAl alloys
Valery Imayev (Ufa/RU)

Oxidation of Pt-Al coatings on TNM-B1 at 900 °C
Xabier Montero (Franfurt am Main/DE)

Oxidation protection of gamma-TiAl by the F-effect — ready for industrial application
Hans-Eberhard Zschau (Wurzen/DE)

Excursion to Coburg and conference dinner (see page 7)



09:00 a.m.-10:30 a.m.
Seminar room 1
Chair

09:00 a.m.

O-IT-06

09:30 a.m.

O-PS-06

09:45 a.m.
0-PS-07

10:00 a.m.
0-PS-08

10:15 a.m.
0-PS-09

11:00a.m.=12:30 p.m.
Seminar room 1
Chair

11:00 a.m.
0-I1T-07

11:30 a.m.
O-TA-09

11:45 a.m.
0O-TA-10
12:00 p.m.
O-TA-11

12:15 p.m.
O-TA-12

12:30 p.m.—02:00 p.m.

SCIENTIFIC PROGRAMME ¢ WEDNESDAY, 02 OCTOBER

Phases and phase stability Il

Frank Stein (Disseldorf/DE)

Invited talk: Phase diagram study on the Ti-Al-M-O quaternary systems using soft X-ray
emission spectroscopy

Hirotoyo Nakashima (Tokyo/JP)

Demixing in DO,,-like Al-Mo-Ti alloys
Andreas Leineweber (Freiberg/DE)

Impact of Mo and disorder on diffusionless transformations in TiAl intermetallic alloys
David Holec (Leoben/AT)

Phase equilibria and structural investigations in the ternary system Al-Cu-Zn
Klaus W. Richter (Vienna/AT)

Massive transformation in ternary Cu alloys
Stephanie Lippmann (Jena/DE)

Titanium aluminides IlI
Rui Yang (Shenyang/CN)

Invited talk: Additive manufacturing of Ti-48Al-2Cr-2Nb alloys
Hiroyuki Yasuda (Osaka/JP)

Production and properties of gas atomized TiAl powders
Karin Ratschbacher (Nuremberg/DE)

Processing TiAl via a new production route — additive manufactured (SEBM) and
hot isostatic pressed near net shape capsule
Julia Bieske (Erlangen/DE)

Characterisation of an electron beam melted TNM titanium aluminide alloy
Reinhold Wartbichler (Leoben/AT)

Ingot production, powder atomisation and spark plasma sintering of tungsten containing
TiAl alloys
Alain Couret (Toulouse/FR)

13

L



SCIENTIFIC PROGRAMME e THURSDAY, 03 OCTOBER

02:00 p.m.—03:30 p.m.
Seminar room 1
Chair

02:00 p.m.
O-NA-01

02:15 p.m.
O—-NA-02

02:30 p.m.
O-NA-03

02:45 p.m.
O-NA-04

03:00 p.m.
O-NA-05

03:15 p.m.
O—-NA-06

03:50 p.m.—05:05 p.m.
Seminar room 1
Chair

03:50 p.m.
O-1A-01

04:05 p.m.
O-1A-02

04:20 p.m.
O-1A-03
04:35 p.m.
O-1A-04

04:50 p.m.
O-1A-05

05:05 p.m.—05:25 p.m.

14

Nickel aluminides and nickel base alloys
Martin Heilmaier (Karlsruhe/DE)

Atomistics of self-diffusion in a triple-defect A-B binary system — Monte Carlo simulation
Rafal Kozubski (Krakow/PL)

Ni tracer grain boundary diffusion in a Ni-base alloy containing a graded microstructure
Sergiy Divinski (Munster/DE)

The synthesis and properties of aligned plate intermetallic nanostructures
Philip Nash (Chicago, IL/USA)

In-situ investigations of Mo-rich NiAl-(Cr, Mo) composites by synchrotron radiation
diffraction during directional solidification
Camelia Gombola (Karlsruhe/DE)

Effect of thermomechanical treatment on microstructure and mechanical properties of a
novel heavily alloyed nickel base superalloy
Valery Imayev (Ufa/RU)

Investigation of the reactivity in oxidising atmosphere at high temperature of laser
beam melted Inconel 625
Nicolas Ramenatte (Nancy/FR)

Iron aluminides
Claudio G. Schon (S3o Paulo/BR)

Quantum-mechanical study of Fe-Al-based intermetallic compounds
Martin Friak (Brno/CZ)

Investigation of the machinability and casting behavior of Fe25Al1.5Ta
Heiner Michels (Aachen/DE)

Microstructure and mechanical properties of Fe-25Al-1,5Ta without and with different
borides and carbides as grain refiners
Eva Kollmannsberger (Landshut/DE)

First wave combinatorial screening of generic intermetallic strengthened steels
Nele van Steenberge (Zelzate/BE)

Formation of o intermetallic particles in Fe- and Mn-containing Al-Si casting alloys during
solidification with different cooling rates
Hanka Becker (Freiberg/DE)

Coffee break



SCIENTIFIC PROGRAMME e THURSDAY, 03 OCTOBER /A

05:25 p.m.—06:40 p.m. High temperature alloys
Seminar room 1

Chair Martin Palm (Dlisseldorf/DE)

05:25 p.m. Intermetallic A15 precipitation hardening in chromium — alloying strategy
O-HT-01 Mathias C. Galetz (Frankfurt am Main/DE)

05:40 p.m. Deformation behavior of Nb,Coy as a promising candidate for a

O—-HT-02 crystal-structure-dependent mille-feuille structured material

Toshiaki Horiuchi (Sapporo/JP)

05:55 p.m. Identification of Laves phases in a Zr or Hf containing y-y’ Co-base superalloy
O-HT-03 Florian Pyczak (Geesthacht/DE)

06:10 p.m. Phase equilibrium among y-Ni/TCP/GCP oP6 phases in Ni-based alloys at elevated
O-HT-04 temperatures

Ryota Nagashima (Tokyo/JP)

06:25 p.m. Stabilising the cubic modification of titanium trialuminide in the structure of Ti-Al3Ti
O-HT-05 composites
Daria Lazurenko (Novosibirsk/RU)

CREEP 2020

-18 JUNE

Kloster Banz
Germany

SFB/Transregio 103
SUPERALLOY SINGLE CRYSTALS

www.creep2020.de

15th International Conference on Creep and Fracture of Engineering Materials and Structures




SCIENTIFIC PROGRAMME e FRIDAY, 04 OCTOBER

09:00 a.m.-10:30 a.m.

Seminar room 1
Chair

09:00 a.m.
0-1T-08

09:30 a.m.
0-AM-01

09:45 a.m.
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ORAL ABSTRACTS ¢ OPENING TALK

0O-IT-01
Metals and alloys in commercial aircraft
Sharvan Kumar
School of Engineering, Brown University, Providence, RI 02912, USA, Sharvan_Kumar@brown.edu

Abstract

Modern-day, self-propelled, heavier-than-air flight traces its roots back to 1903 when the Wright brothers remained in
air for 12 seconds in Kittyhawk, NC. Just 30 years later, Boeing introduced the 247, a 10-passenger, all-metal twin-engine
aircraft with a retractable landing gear; soon thereafter, the era of jet engines was ushered in that dramatically changed
air-travel. Sixty years later, Boeing rolled out the 777, the biggest twin-engine jet ever to fly at that time and the first
aircraft to be produced using computer-aided design and engineering! In the first decade of the 21° century, the full
double-decker A380 that could carry more than 550 passengers took to the skies. This dramatic advance in passenger
flight is filled with inventions, innovative designs, materials and technology advancements, accidents and lessons
learned. Driven by performance and safety, societal needs, economy, government regulations and more, alloy and
components design, process development, property assessment and life prediction have all been central to these
advances. Here, | will follow this fascinating thread with a focus on alloy development for aircraft fuselage and aircraft
engine over time.
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0-IT-02
Room-temperature deformation behavior of D8-type transition-metal silicides investigated by
micropillar compression
Kyosuke Kishida® and Haruyuki Inui?

!Department of Materials Science and Engineering, Kyoto University, Kyoto, 606-8501, Japan,
kishida.kyosuke.6w@kyoto-u.ac.jp

’Department of Materials Science and Engineering, Kyoto University, Kyoto, 606-8501, Japan,
inui.haruyuki.3z@kyoto-u.ac.jp

Introduction

Alloys containing transition-metal silicides with a general formula of TMsSis (TM = transition-metal) have been
considered as promising materials for ultra-high temperature applications. These include those containing MosSiB2 and
a-NbsSis with the D8-type crystal structures have been investigated extensively in the form of Mo-MosSiB2, Mo-MosSi-
MosSiB2, Nb/a-NbsSis alloys. But, low fracture toughness and ductility at ambient temperatures are still the main
drawbacks for these alloys containing TMsSis. The study of plastic deformation behavior of MosSiB2 and a-NbsSis with
the D8 structures is therefore of great interest. For MosSiB2, the plastic flow has been reported to be extremely difficult
to occur unless otherwise the deformation temperature is raised above 1500°C even in single crystals when tested in
compression at a strain rate of the order of 10* s [1]. Because of the difficulty of plastic flow, slip systems reported so
far for MosSiB2 are somewhat controversial. The slip system identified for the single crystal after compression along the
[021] direction at 1500 °C was {100}[001], although the evidence for this is not sufficiently trustable due to the difficulty
in slip plane identification arising from severe oxide formation on the specimen surface and climb motion of dislocations
at high temperatures [1]. Recently, we have applied the micropillar compression method to various brittle intermetallic
compounds and have confirmed that plastic flow can be observed for some of them even at room temperature if the
specimen size is reduced from bulk to micron meter size [2-4]. In the present study, we investigated the plastic
deformation behavior of single crystals of MosSiB2 and a-NbsSiz with the D8 structure in compression as a function of
crystal orientation at room temperature and specimen size, in order to clarify the operative slip systems and to evaluate
their CRSS values.

Materials and Methods

Single crystals of Mo5SiB2 and Nb5Si3 were grown with an optical floating-zone furnace under Ar gas flow. The actual
composition of the MosSiB2 single crystals were determined to be slightly rich in Si and B (Mo - 13.8 at.%Si - 25.7 at.%B).
The as-grown single crystal of NbsSis was confirmed to be crystallized into its high-temperature modification (3-NbsSis)
with the D8m structure. The as grown single crystal of B-NbsSiz was then heat treated at 1500 °C for 96 hours to obtain a
polycrystalline ingot of a-NbsSis. Micropillar single-crystal specimens with a square cross-section having an edge length
L ranging from 0.5 to 7.5 um and an aspect ratio of approximately 1:2~1:3 (1:4~1:5 only for the [001] orientation) were
machined from the MosSiB: single crystal and a-NbsSis polycrystal by focused ion milling (FIB) technique. Four different
loading axis orientations, [021], [010], [001] and [110], were selected. Compression tests were conducted on a nano-
indenter equipped with a flat punch indenter tip at room temperature under the displacement-rate-controlled mode
at a nominal strain rate of : 1x10* s* . Slip planes were determined by slip trace analysis made on two orthogonal
surfaces of the deformed micropillar specimen by scanning electron microscopy (SEM). Dislocation structures in the
deformed micropillars were investigated by transmission electron microscopy (TEM) and atomic-resolution scanning
transmission electron microscopy (STEM). In addition, generalized stacking fault energy (GSFE) for various slip planes
were calculated by the first-principles calculations.

Results and Discussion

For Mo5SiB2, plastic flow was observed at room temperature in a wide range of crystal orientation in the micropillar
form, and three different slip systems, (001)<100>, {110}<110> and {011}<111>, were identified to be operative at room
temperature [3]. The values of critical resolved shear stress (CRSS) for the three identified slip systems were extremely
high all exceeding 2 GPa. The CRSS value for each slip system increases with decreasing specimen size, following the
inverse power-law relationship with an exponent of about 0.2, which is much smaller than those reported for FCC and
BCC metals. The <100> dislocation on (001) and the <110> dislocation on {110} were confirmed to dissociate into two
collinear partials on their slip plane by both experiment and theoretical calculation. For a-NbsSis, plastic deformation by
two dfferent slip systems o (001)<100> and {011}<111> was confirmed, while that by {110}<110> was not. The
similarity and differences in plastic deformation behavior between isostructural MosSiB2 and a-NbsSiz will be discussed
based on the results of the first-principle calculations of GSFE for various slip planes.
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Fig. 1: observed on two
orthogonal surfaces of MosSiB2 single crystalline
micropillars with (a) [021], (b) [010], (c) [001] and (d)
[110] orientations.
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0-SI-01
Laser-based additive manufacturing of Mo-Si-B alloys
David Fichtner?!, Sven Schmigalla?, Janett Schmelzer?, Christoph Heinze! and Manja Kriger?
ISiemens AG, Siemensdamm 50, 13629 Berlin, Germany, fichtner.david@siemens.com,
christoph.heinze@siemens.com
2Institut fir Korrosions- und Schadensanalyse, Schwiesaustr. 11, 39124 Magdeburg, Germany, schmigalla@corrlab.de
30tto-von-Guericke Universitat Magdeburg, GroRe SteinernetischstraRe 6, 39104 Magdeburg,
janett.schmelzer@ovgu.de
“Forschungszentrum Jiilich GmbH, Institute of Energy and Climate Research (IEK-2), Leo-Brand-Str. 1, 52425 Jiilich,
Germany, m.krueger @fz-juelich.de

Introduction

The maximum operation temperature of nickel-based superalloys in modern gas turbines limits the reachable efficiency.
Therefore, it is important to find a new suitable material class. The search for this material class is quite difficult, due to
high technical and economical demands [1]. Compared with other potential alloys, Mo-Si-B-alloys are well examined
and show a very high potential [2,3].

The high melting temperature and the strong embrittlement of refractory metals, even by small concentrations of
interstitial elements (e.g. oxygen and nitrogen), makes the manufacturing of this material group very difficult. Laser-
based additive manufacturing is a very promising manufacturing technology, because it processes the material under
inert atmosphere and generate a near net-shape object with a fine microstructure. Hereby, a fine microstructure is very
important to improve oxidation resistance [4].

Materials and Methods

Samples of Mo-Si-B-alloys were manufactured on a laser powder bed fusion (L-PBF) machine with a special substrate
preheating system. The preheating system can achieve temperatures up to 1200 °C in the substrate. The used powder
was generated by gas atomization from a crucible. The chemical composition of Mo-16.5Si-7.5B (at.%) was near-eutectic
[5]. Powder from the same supplier was already successfully used for DED in the past [6].

After several optimization steps, crack free L-PBF samples were manufactured and different samples were built to
determine the mechanical properties and the oxidation behavior of the material.

Results and Discussion

Fig. 1 shows that low preheating temperatures lead to an excessive network of cracks in the generated samples. The
reason for this is the high brittleness of intermetallic materials at low temperatures (e.g. room temperature). The laser-
based additive manufacturing of other intermetallic materials was already successfully achieved for some materials (e.g.
iron aluminides) in the past [7]. The key for this is using an adequate preheating temperature for the substrate. In
general, the preheating temperature should be higher than the DBTT. In this way, it can be insured that the high residual
stresses, which results from the high cooling speed of the process can be compensated by deformation on a microscopic
scale.

In dependence of the microstructure, Mo-Si-B alloys can have a DBTT of up to around 1100 °C [8].

First tests with a preheating of 1200 °C doesn’t lead to a crack free sample and higher temperatures could not be
achieved with this L-PBF machine. Therefore, the process parameters were optimized and modified parameters were
used to decrease the number of cracks in the sample.

One important parameter, which strongly influences the DBTT of refractory metals is the concentration of dissolved
interstitial elements. Both oxygen and nitrogen have a very strong tendency to embrittle molybdenum even in low
concentrations. In welding applications, both elements can lead to brittle failure along the grain boundaries [9].
During the L-PBF the process chamber is constantly flooded with argon gas, but the powder in the powder tank is quite
separated from the constant argon flow. Additionally, it is very complicated to remove the air molecules from the gaps
between the powder particles. Different methods were tested and finally crack free samples with a height of 10 mm
and a side length of 7 mm were successfully manufactured (Fig. 2).

Several different samples were manufactured to determine the mechanical and oxidation properties of the L-PBF
sample.
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Fig. 1: L-PBF with a preheating temperature of 200 °C Fig. 2: L-PBF with a preheating temperature of 1200 °C
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0-SI-02
Properties of density reduced Mo-XV-Si-B alloys
Julia Becker?, UIf Betke?, Rachid St. Touzani' and Manja Kriiger?
'0tto von Guericke University, Magdeburg, Germany, julia.becker@ovgu.de
2Research Center Jillich GmbH, Jilich, Germany, m.krueger@fz-juelich.de

Introduction

Improving the thermodynamic efficiency of turbines for power plants and aircraft engines is an increasingly important
research subject. A slight increase of the gas inlet temperature would already lead to a significant efficiency gain. So, it
is necessary to develop new high temperature materials beyond the capability of state-of-the-art Ni-based superalloys
since Ni-based alloys are limited in their maximum operating temperatures [1]. Promising candidates for the focused
applications are Mo-Si-B alloys, offering a balanced proportion of continuously distributed Moss phase and intermetallic
phases, which is important to obtain both, good high temperature and acceptable room temperature properties [2].
Hence, the Moss phase is an authoritative component of the alloying system. But there is still room for optimization,
especially concerning balanced strength and ductility, and most of all the density of this phase, without deteriorating
the high temperature properties (creep). A comparison with other suitable lightweight alloying elements, like Ti or Zr,
shows that V is a very promising candidate to fulfill these requirements [3]. Hence, V was chosen as an additional alloy
component to the most suitable alloy composition Mo-9Si-8B. The present work demonstrates that V effectively reduces
the density by about 17 % (for Mo-40V-9Si-8B), while having competitive creep properties without decreasing the
fracture toughness as compared to the reference alloy Mo-9Si-8B [4].

Materials and Methods

First investigations were carried out on mechanically alloyed and heat treated Mo-9Si-8B powders having varying
amounts of V (10, 20, 30 and 40 at.%). Furthermore, the Mo-40V-9Si-8B alloy was chosen for processing by powder
metallurgy via field-assisted-sintering (FAST) and ingot metallurgy using an arc-melter (AM). All microstructures were
characterized using a SEM microscope equipped with EDS. For phase identification X-ray diffraction analysis (XRD) was
performed. Additional Rietveld refinement helped to derive the preferred V sites in the lattices of the present phases.
Three point-bending with notched samples was conducted for fracture toughness determination at room temperature.
Compressive creep tests at 1093 °C were performed to prove the creep strength of this new type of alloys. Furthermore,
the oxidation behavior was assessed by cyclic oxidation tests between 800 °C and 1100 °C. Additionally an effect of
minor additions of Fe on the oxidation and creep resistance was proven.

Results and Discussion

The microstructural characterization of different alloy compositions (Mo-XV-9Si-8B; X=10, 20, 30, 40 at.%) showed that
V is soluble in all three phases within the (Mo,V)ss-(Mo,V)3Si-(Mo,V)sSiB2 triangle. The results of Rietveld refinement
represented in Fig. 1 indicate that especially in the D8I structure of (Mo,V)sSiB2 phase, V seems to have a site preference
for occupying the higher symmetry 4c Wyckoff position. This effect will be analyzed more detailed in regard to the
bonding mechanism using density functional theory (DFT). The fractions of the corresponding phases are not
significantly affected by V alloying. Regarding the bulk materials a huge advantage was achieved concerning the density
reduction which was around 17 % (for both processing routes, comparing the Mo-40V-9Si-8B alloys to similarly
processed Mo-9Si-8B alloys). The FAST Mo-40V-9Si-8B alloy represents a very fine grained microstructure with a
continuous Moss matrix, whereas the molten equivalent exhibits an intermetallic matrix with a coarser grain size. The
fine-grained alloy has a fracture toughness of 13.3 MPavm, which is a very competitive value compared to other Mo-Si-
B alloys. In contrast, the absolute creep strength of the V-substituted FAST alloy is lower compared to reference alloys,
but density-related results show that also this alloy offers good potential (Fig. 2). Grain growth heat treatment may help
to enhance the creep resistance. The molten Mo-40V-9Si-8B alloy therefore profits from its intermetallic matrix and its
homogeneous microstructure. Even compared to Mo-9Si-8B (AM) it shows better specific creep properties due to its
lower density and the slightly increased amount of intermetallic phases (53 %) as compared to 47 % in the reference
alloy.
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Last but not least the oxidation resistance is an essential property for high temperature applications, which is
investigated by cyclic oxidation tests under atmospheric conditions. The high affinity of V for oxygen and the
corresponding oxide formation is responsible for a decrease of oxidation resistance at elevated temperatures (up to
1100 °C). Since Kumar et al. [5] and Sossaman et al. [6] noticed a positive effect of minor Fe additions on the oxidation
resistance of Mo-Si-B alloys, 3 % Fe was additionally added to the present Mo-40V-9Si-8B alloys. A non-doped and a Fe-
doped Mo-9Si-8B alloy served as reference material to analyze the role and the contributions of the individual elements
on the oxidation response of the alloys systematically. However, the investigations show that Fe additions only work
effectively at approximately 800 °C for the reference alloy and not in combination with V. With increasing temperatures,
a significant decrease of the layer viscosity is observed, which means increased diffusion rates and, therefore, reduced
oxidation resistance.
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0-SI-03
Oxidation barrier coatings with active fillers for Mo-Si-B high-temperature-alloys
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Introduction

Molybdenum-based alloys are promising candidate materials for high temperature applications, but at temperatures
above 700 °C in air volatile MoOs is formed.!! The alloying of Mo with Si and B can increase the oxidation resistance,
due to the formation of SiO2/B.0s glass phases on the surface, which react as an oxidation barrier. The oxidation
resistance is determined by the Si/B ratio. Furthermore, the coexistence of Mo, MosSi (T1) and MosSiB2 (T2) phases
leads to excellent high temperature strength and creep properties.l! Nevertheless, at temperatures between 500-
900 °C the so-called Mo-pesting still occurs. One approach to prevent the material from oxidation and thus degradation
is the application of protective ceramic coatings.”?! In this study, the oxidation behavior of Mo-Si-B-alloys with and
without protective coatings was examined. In order to improve the coating performance fillers were added to adjust
the high temperature properties of the coating material. It was found that the use of tailored ceramic coatings can
drastically increase the oxidation resistance.

Materials and Methods

Coated and uncoated samples of the Mo-Si-B alloys were studied as well as free-standing coatings. The PDC technique
(polymer derived ceramic) was used to obtain dense, ceramic coatings. Therefore, the Mo-Si-B alloys were dip coated
with a silazane-polymer slurry (PHPS, perhydropolysilazane), afterwards the samples were pyrolyzed for 1h under Ar or
N2 atmosphere (see Figure 1). The coatings were tailored to further increase the oxidation performance by the use of
several fillers, for example Si, B, TisSiC2, MosSiB2, SiBs. The oxidation behavior of the coated samples as well as the
uncoated alloys was tested at 800 °C and 1100 °C in air. The mass change was examined and the samples were analyzed
by means of SEM and XRD.

Dip Coating Pyrolysis

S g

PHPS Ar/N2

>
EevESEEE oS =100 [ MeSt

Fig. 1: Schematic illustration of the coating process.

Results and Discussion

The oxidation tests of coated and uncoated Mo-Si-B samples show that even thin PHPS layers (~100 nm) are sufficient
to suppress pesting of Mo. In order to further increase the lifetime of the sample, fillers (Si, B, MosSiB2, SiBs, TisSiC2)
were added to the coatings. The fillers help to reduce the coating shrinkage during pyrolysis and to adjust the coefficient
of thermal expansion in order to reduce thermal stress between coating and substrate. Furthermore, active fillers can
act as oxygen scavenger and, in interaction with the coating material, influence the oxidation properties.

It was found that the fillers and/or the ratio of fillers to one another has drastic influence on the coating performance.
Especially well-known glass formers, such as boron, drastically influence the coating properties. Different coating
microstructures were found after oxidation tests. In case no boron was added, a rough and porous coating surface was
observed (Figure 2, left). When boron was added a dense glassy layer was observed on the coating surface, it was found
that this layer helps to reduce further oxidation of the sample (Figure 2, right).
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Fig. 2: SEM-Images of coating surfaces after 1000 h oxidation in air at 800 °C (left: PHPS coating with 45% Si filler; right:
PHPS coating with 15% B filler).
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Introduction

Compositionally complex alloys (CCAs) are being developed in a paradigm shift from traditional alloy compositions,
where a single base element has additional minor alloying additions to achieve desired properties. In CCAs multiple
elements (usually >4) are combined in similar or equal ratios, leading to alloys with unique properties as shown in Fig.
1la. These alloys have several defining features including configurational entropy, lattice distortion, sluggish diffusion
and a ‘cocktail’ or mixing effect. [1] While solid solution formation is generally promoted in CCAs, intermetallic (IM)
phases are formed under certain compositions and heat treatment conditions. Analogously to steels and superalloys,
IM phase precipitation is an effective strengthening mechanism for CCAs through precipitation hardening. As the broad
range of CCAs are being newly developed, precipitate morphology, phases and structures have not yet been fully
explored and the microstructures need further optimization to achieve the full potential of these materials for advanced
applications.

Materials and Methods

Utilizing calculations of energetics for various ordered/disordered states, thermodynamic linear-response, valence
electron concentrations and energies of formation, the stable solid solutions and IM phases were predicted for various
compositions of CCAs, as seen in Fig. 1c. For experimental validation of the models, samples of each composition were
prepared using arc melting, drop casting, injection molding, melt spinning, high pressure gas atomization and additive
manufacturing. Starting elemental materials were of at least 99.95wt% purity and were pre-alloyed to minimize
reactivity, volatility and reduce melting points. Melt spinning was performed by pressurized ejection of a molten stream
onto a rotating copper wheel with continuous ribbon production as shown in Fig. 1e. High pressure gas atomization was
performed in a high purity Ar atmosphere with high purity Ar atomization gas in a customized system using ceramics
and gas dies to achieve the desired particle size. Additive manufacturing of the atomized powders was performed using
an Optomec laser engineered net-shaping (LENS) system through directed energy deposition (DED). Samples were heat
treated to examine solid solution stability, IM formation and IM strengthening as seen in Fig. 1b. Characterization of the
samples was performed using inductively coupled mass spectrometry (ICP-MS) for composition and LECO combustion
analysis for impurities, X-ray diffraction (XRD) and differential scanning calorimetry (DSC) for phase information and
scanning electron microscopy (SEM) for microstructural information as included in Fig. 1b and d.

Results and Discussion

The correlation between the modeling efforts and the experimental results show this approach to be effective in
predicting CCA IM phases and their stability. The IM phase formation through compositional control and subsequent
heat treatments show a path towards optimizing strength and other properties within these alloy families, while
leveraging novel processing such as AM, for important advances in manufacturing and energy applications.
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Introduction

High entropy alloys (HEAs) are a material class gaining large research interest, recently. In contrast to conventional
alloys, HEAs consist of a (near-) equimolar mixture of at least 4 elements. Remarkably, this complex composition results
in a simple microstructure consisting of solid solution phases [1]. Outstanding properties result from this extraordinary
microstructure, as for example high strength [2], superior mechanical properties at high [3] as well as low temperatures
[4] and excellent wear resistance [5]. One of the most studied HEAs is the Cantor alloy CoCrFeMnNi. It consists of a
single phase fcc microstructure and is therefore a highly suitable HEA for basic research, such as deformation behaviour,
mechanical properties and phase stability [4,6,7]. Precipitation hardening is the dominating strengthening mechanism
in superalloys [8] and shall be adapted to Co19Cr19Fe19Mn19Ni19Ti5 in this research. The required heat treatment to
generate precipitations mostly consists of a solution annealing at temperatures above the solvus temperature to
dissolve all alloying elements followed by a precipitation heat treatment at medium temperatures to create small
precipitations.

Materials and Methods

Commercially available titanium powder (purity higher than 99%) and an atomised equimolar CoCrFeMnNi high entropy
alloy powder (see [23] for more production details) were used as starting materials. A Co19CrisFe1sMni19Ni1aTis (at.%)
HEA is prepared by wet mixing. The alloy was melted to allow mixing of the components. Cuboid samples were cut (3 x
5 x 10 mm?3) by a precision saw. These cuboids were solution annealed (1250°C, 1h, air) and subsequently quenched in
water. The precipitation heat treatment was conducted at 750°C for 2 h, 10 h or 20 h under vacuum. The chemical
composition was determined by Zeiss EVO 50 scanning electron microscope (SEM) equipped with EDX. TEM Zeiss Libra
200 MC Cs STEM was used for further analysing of microstructure and chemical composition. The TEM-samples were
prepared by using focused ion beam technique (“Helios Nanolab 660“ by FEI).

Results and Discussion

The composition in the homogenized state was as intended. During homogenization an oxide layer formed which was
not investigated further. However, it did not affect the composition in the inner part of the sample, where the further
research was conducted. After precipitation treatment nanoscale second phase particles were detected via TEM, s. fig.
1. It could be proven that the composition of the matrix phase is identical for all samples. Due to the small size of the
precipitations also information of the surrounding matrix phases affects the EDX- analysis. Therefore, the exact
composition of the precipitations could not be determined and depending on the thickness of the analysed spot the
resulting composition of the precipitations vary. The sample spot of the analysed precipitations after a heat treatment
of 20 h was very thin, i.e. why the resulting element levels are more accurate than the ones after the 10 h heat
treatment. The precipitations probably consist of mainly nickel, titanium and cobalt (see Table 1). The crystal structure
of the precipitations could not be analysed, but according to its composition the phase is probably similar to NisTi
precipitations known from superalloys [9,10].
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Fig. 1: TEM images of the precipitatio

Table 1: Composition of Ti-HEA for various conditions determined by EDX (at.-%) during TEM-analysis

state Co Cr Fe Mn Ni Ti phase
Homogenisedand ., 511 255 167 169 20 matrix
quenched sample
Precipitation heat 212 216 217 175 158 2.3 matrix
treatment 10 h 204 11.0 1238 9.3 33.6 129 precipitation
Precipitation heat 21.3 204 214 177 16.9 2.2 matrix
treatment 20 h 17.8 0.8 2.8 1.4 56.3 20.9 precipitation

The hardness evolution of the samples resembles the typical trend for precipitation hardening. The homogenized
(=solution treated) sample starts at 160 HV 5. After 2h at 750°C it increases strongly to 250 HV 5 indicating the formation
of precipitations. After 10 h of annealing the hardness increases further to 260 HV 5 indicating the precipitation of more
and / or larger precipitates. After 20 h of annealing the hardness decreases to 235 HV 5. This decrease is typically
attributed to coarsening of the precipitates causing their distance to each other to grow, an effect known as overaging
in precipitation hardened alloys [11].
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Introduction

The need to make energy generation and conversion more sustainable and to reduce the emission of harmful gases
requires the development of novel high temperature stable materials. Several of the so-called compositionally complex
alloys (CCAs) have been shown to possess unique property combinations and, in some cases, exceptional mechanical
properties. There is much promise in the development of cost-effective CCAs with the necessary properties for use in
high temperature applications. In particular, alloys with high degrees of both solid solution strengthening and
precipitation of creep resistant ordered phases, such as the L2;-Heusler phase, can be realised under this alloy
development strategy.

Materials and Methods

In the present study we are exploring the AICrFeNiTi system, mainly for compositions with 30-35 at.% Fe and varying
concentrations of the other four elements, with particular attention paid to the effect of increasing Al content. The aim
is to produce alloys with mechanical stability up to 900 C, through achievement of an A2 solid solution matrix with
coherent intermetallic precipitates of B2-NiAl and/or L24-Ni,TiAl structure, and densities of approximately 6 g/cm3. We
have begun screening the composition space in this system using both a compositionally graded thin film produced via
magnetron sputtering and bulk arc melted samples. The thin film has been probed along a gradient of increasing Al
content at 5 unique compositions and we have produced more than 20 unique alloy compositions via arc melting. The
characterization carried out for each composition includes XRD, DSC, SEM, and micro-hardness measurements. Several
particularly promising alloy compositions have been further investigated using high resolution TEM and STEM, and initial
compression testing results have also been collected.

Results and Discussion
For both the thin film and the arc melted samples we have observed a wide compositional range of stability for the
B2/L2; and A2 phases, with a strong trend towards decreasing lattice parameter mismatch between the ordered and
disordered phases with increasing Al content. The agreement between phase formation in the thin film and the bulk
specimens is close enough to suggest that the graded thin film approach can be used for further screening of trends in
this system, and, in general, can be used synergistically with bulk specimen results for a wider range of alloy systems. In
the case of bulk specimens we have identified three primary morphologies in the areas of composition space explored
thus far:

l. Bulk primary A2 regions with B2/L2+ ordered phase precipitates (Observed in Fig. 1)

Il Lamellar regions with alternating A2 and B2/L21 phase domains (Observed in Fig. 2)

Ill.  C14 Laves regions

In addition to quantifying the relative amounts and morphologies of the individual phases which form, we have
conducted composition analysis in the individual phases and have observed high degrees of species intermixing in both
the disordered A2 solid solution phase and the ordered phases, with off-stoichiometric compositions in the intermetallic
phases of particular interest.
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Fig. 1: Alloy exhibiting regions of primary A2 with L2, | Fig. 2: Alloy exhibiting a lamellar, maze-like arrangement
precipitates. of A2 and B2/L2, precipitates.
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Introduction

Refractory high-entropy alloys (RHEAs) are under consideration for potential high-temperature applications due to their
unique properties [1,2]. However, the majority of the developed RHEAs are composed mainly of heavy refractory
elements (p > 10 g/cm?) that can result in uncompetitive specific strength. In this regard, the alloys based on the Al-Cr-
Nb-Ti-V-Zr system with much lower density (~ 5.5 — 6.5 g/cm3) and good high-temperature properties look more
attractive [3—6]. Nevertheless, despite the extensive research in the field of RHEAs and, as a result, the development of
a vast number of different compositions, there are no systematic investigations of structure-property relationships that
can impede the elaboration of practically operative RHEAs. Therefore, in this work, we tried to establish dependencies
between chemical compositions, structures, and mechanical properties of a number of Al-Cr-Nb-Ti-V-Zr RHEAs.

Materials and Methods

The alloys with the nominal compositions of AINbTiV, AICr«NbTiV and AINbTiVZry (x, y = 0.25; 0.5; 1; 1.5) were prepared
by vacuum arc melting. As-cast ingots were annealed at 1200°C for 24 hours (further — initial state). From the annealed
ingots samples for microstructure investigations and isothermal compression tests were cut. Microstructure and phase
composition of the alloys in the initial state were studied using X-ray diffraction (XRD), scanning electron microscopy
(SEM) and transmission electron microscopy (TEM). The more detailed information on materials and methods is given
in [4-6].

Results and Discussion

Experimental investigations of microstructure and phase composition showed that the AINbTiV alloy in the initial state
possessed a single-phase B2 ordered structure (Fig. 1). Addition of Cr to the AINbTiV alloy at x < 0.5 did not change the
phase composition, however, at x = 1 and 1.5, the hexagonal (C14) Laves phase of Cr2Nb-type, enriched with Cr and Nb,
precipitated. In turn, an addition of Zr to the AINDbTIiV alloy at y < 0.25 led to precipitation of the hexagonal ZrsAls-type
phase, enriched with Zr and Al. At higher (y > 0.5) Zr content, the simultaneous formation of ZrsAls-type and C14 Laves
ZrAlV-type second phases was noted (Fig. 1). The volume fraction of the second phases enlarged with an increase in Cr
or Zr content. Also, alloying with Cr or Zr resulted in a decrease in the degree of order of the B2 phase.
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Investigation of mechanical properties revealed that Cr or Zr enhanced strength of the AINbTiV alloy (Fig. 2). At T = 22-
600°C, the strength increased with the increase both Cr or Zr — the alloys with the maximum content of Cr or Zr had the
highest yield strength. At T = 800°C, Cr kept almost the same dependence between strength and its content, whereas,
in a case of Zr-containing alloys, the AINbTiVZro.25 alloy had the highest yield strength. The conducted analysis showed
that Cr or Zr could increase strength through solid solution strengthening and the formation of second phase particles,
and complex dependence of strength on content of alloying element, particularly, at T=800°C, could be associated with
the change in the degree of order of the B2 phase. Also, it was found that Cr decreased ductility at T = 22-600°C. At the
same time, Zr at y £ 0.5 and T = 22°C increased ductility (Fig. 2). Particularly, the AINbTiVZros alloy could be plastically
deformed up to 50% without fracture that possibly connected with the deformation-induced disordering of the B2
matrix phase. However, at T = 600°C, ductility of the Zr-containing alloys decreased. At T = 800°C, the AINDbTIiV,
AICr«NDbTiV, and AINbTiVZry (x, y =0.25; 0.5; 1; 1.5) alloys were found to be ductile. It was established that ductility could
be affected by second phase particles and, possibly, the degree of order of the B2 phase.
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Introduction

High entropy alloys (HEAs) were originally conceived as multicomponent single phase alloys having simple crystal
structures [1]. Recent research in these alloys has been directed at increasing the strength of ductile (FCC) single phase
alloys by adding one or more complex intermetallic phases for their potential applications as structural materials. The
addition of Nb in the single phase HEAs has been considered very promising for improving high temperature strength
properties. However, with the increase in Nb-content, amount of Laves phase in these HEAs [2], potentially resulting in
a loss of ductility. In order to restore the ductility in the base alloy and also to maximize the benefits of Nb addition, we
have designed and developed novel complex intermetallic containing CoCrFeNi2.1Nbx (x=0.2, 0.4) HEAs by arc melting.
In this paper, we present microstructure and mechanical properties of CoCrFeNiz 1Nbx HEAs.

Materials and Methods

Button-shaped ingots of CoCrFeNi2.1Nby (x=0.2, 0.4, hereafter denoted as Nbo.» and Nbo.4 alloys) HEAs were prepared by
arc melting under argon atmosphere in a water-cooled copper mold. Annealing treatment on the as-cast HEA samples
were performed under argon atmosphere at800°C for 24 hours followed by water quenching. Microstructural
examinations were carried out using a field emission gun (FEG) scanning electron microscope (SEM) (JEOL, JSM-7800F,
Japan) equipped with energy dispersive x-ray spectroscopy (EDS) for the compositional analysis. The tensile tests were
conducted using table-top universal testing machine (UTM, INSTRON 5967) at room temperature with an initial strain
rate of 103 s7%.

Results and Discussion

The as-cast microstructures of the Nbo.2 and Nbo.4a HEAs are shown in Fig. 1(a) and 1(d), respectively, reveal that the Laves
phase fraction increases with increasing Nb in the alloy. Annealing at 800°C resulted in the precipitation of acicular DO19
(€ - phase) precipitates in both HEAs, see Fig. 1(c) and 1(e). However, the fine precipitates were located mainly at the
dendritic boundaries in theNbo.2 HEA, while they appeared throughout the FCC matrix in the Nbo.a HEA. The tensile test
results on the as- cast and annealed HEAs are compared with base alloy CoCrFeNi2.1 (without Nb addition, denoted as
Nbo), see Fig. 1(c). The Nbo.2 HEA showed much better strength-ductility combination as compared to the Nbo.4aHEA. The
results indicated that intermetallic strengthened CoCrFeNi2.1NbxHEAs can be developed as advanced high strength HEAs
combining high strength and ductility.
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Fig. 1: BSE images showing the representative microstructures of CoCrFeNi2.1Nbx (x=0.2, 0.4) HEAs in as- cast and aged
(800°C/24h) conditions (a,b) Nbo.2 HEA, (d,e) Nbo.a HEA; (c) Tensile test curves showing
engineering stress and engineering strain of CoCrFeNi2.1NbxHEAs in as-cast and aged (800°C/24h) conditions

Acknowledgements
The financial supports of DST, India (EMR/2016/002215), DST-FIST (SR/FST/ETI-421/2016), TATA Steel and JICA-CKP are
gratefully acknowledged.

References

[1] J.W. Yeh, S.K. Chen, S.J. Lin, J.Y. Gan, T.S. Chin, T.T. Shun, C.H. Tsau, S.Y. Chang, Advanced Engineering Materials
6(5), 2004, 299-303.

[2] F.He, Z. Wang, J. Wang, Q. Wu, D. Chen, B. Han, J. Li, J. Wang, J.J. Kai, Scripta Materialia 146, 2018, 281-285.

38



ORAL ABSTRACTS e SESSION e HIGH ENTROPY ALLOYS

O-HE-05
High entropy alloys: materials for the future or elaborate hoax?
Cldudio G. Schén?, Thomaz A. Guisard Restivo? and Raymundo Arrdyave?
!Department Metallurgical and Materials Engineering, Escola Politécnica da Universidade de S3o Paulo, S3o Paulo-SP,
Brazil, schoen@usp.br
2Universidade de Sorocaba, Sorocaba-SP, Brazil, guisard@dglnet.com.br
3Department Materials Science and Engineering, Texas A&M Univeristy, College Station-TX, USA, rarroyave@tamu.edu

Introduction

Materials science has something in common with fashion: from time to time some material class enters in evidence,
with the promise to change the world of technology. This happened with structural intermetallics [1], with quasicrystals
[2], with bulk metallic glasses [3], with graphene [4], and now, with the high entropy alloys (HEAs). Based on the past
examples, it is plausible to believe that the HEAs will find some application niche which will have more or less impact in
our technology, depending on their intrinsic technological value. There is, however, a considerable skepticism following
the development of HEAs. This is mostly due to the traditional explanation that the remarkable properties observed for
these alloys are due to the high value of the maximum configurational entropy which characterize these equimolar
multicomponent alloys. The absolute value of the configurational entropy itself is known not to play a great role in
determining the thermodynamic equilibrium (only exchanges in entropy are able to do so). The reported unusual
properties are, however, validated in some cases by careful experiments and this shows that some intrinsic
technological value exist for the HEAs. The logical conclusion is that these unusual properties are not related with the
configurational entropy. The present work reviews theoretical calculations by two of the present authors [5,6], while
adding new experimental results in cases which bring the HEA idea to extremes. The main message of this work is an
answer to the question posed in the title: neither of them (or both of them, depending on how you see it).

Materials and Methods

The theoretical calculations are based on cluster variation method (CVM) simulations in the irregular tetrahedron
approximation of BCC systems. The calculations are divided in two parts, in one, a set of prototype calculations in
artificial systems characterized by equal and strong interactions between all binary sub-systems (the so called
equinteracting systems) is performed, which allows to display the true effect of entropy in thermodynamic equilibrium.
These calculations are completed with ab initio calculations in systems V—Nb —Ta— Mo - W, V—Nb —(Ta) - Mo — Al
and V — Nb — (Ta) — W — Al. The stability of the disordered phase is tested by calculating the critical temperature of
ordering of the first long-range ordered (LRO) state in each case [5,6].

On the experimental side, one of the authors has elaborated seven BCC alloys called MD (metallic diamond) from a
mixture of elemental fine powders (99.9+%). The alloys hold from 6 to 9 distinct metallic elements, which were selected
by several criteria based on Hume-Rothery rules and chromium equivalent formulas. The equiatomic alloys hold Cr, Fe,
Nb and other refractory metals, as well as Ni and Al in some cases. Compacted pellets were arc melted on a cooled
copper hearth. Bulk alloys were prepared for Vickers hardness tests. The as-cast alloys were annealed at 550, 950 and
1300 °C for 1h under argon, and also pack carburized into graphite media at 1150 °C for 2h, followed by normalizing.
SEM/ BSE analyses were carried out.

Results and Discussion

The equinteracting system calculations clearly show that the entropy (the value of the entropy of the disordered phase
at the critical temperature of LRO, and not the maximum entropy of the alloy) has a minor impact on the stability of the
disordered phase, and in some cases, this impact is even contrary to the one prescribed by the HEA paradigm. A
stabilization effect of the disordered phase for multicomponent alloys is observed and it is postulated that this effect is
a consequence of competing interactions which cannot be resolved by the LRO state on cooling. This effect was dubbed
“configurational frustration” by the authors.

The results of the ab initio calculations corroborate this viewpoint. All investigated systems show large deviations of the
ideal behavior in the component activities, which vanish only at very large temperatures. These alloys are also
characterized by very large short-range order (SRO) parameters close to the critical temperatures for ordering. Finally,
the stability of the disordered states is large in all systems but the ones containing Mo and Al. Ironically, these systems
are the only ones in which the maximum configurational entropy correlates with the stability of the disordered phase,
but this happens at the cost of very large critical temperatures, which are due to a quaternary very stable compound
which can resolve configurational frustration.
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On the experimental side, SEM/BSE has revealed the alloys have a main matrix phase, in which some second phases are
observed precipitated at grain boundaries. The as cast and 950 °C-annealed alloys have shown very high hardness using
a micro-Vickers indenter with 2 N load, in the range 900 to 1340 HV. Contrary to that, the 1300 °C annealed alloys are
softer, from 430 to 975 HV. Some carburized alloys have been hardened to extreme values, as seen in Table 1.

Table 1: Vickers hardness values for 950 °C-annealed and carburized alloys.

Alloy Composition HV annealed HV carburized
MD-1 CrFeMoNbNiW 600 - 900 560 - 1240
MD-2 CoCrFeMoNbNiTiVZr 1100 - 1340 860 - 1120
MD-3 CoCrFeMnMoNbNiTaV 910-1120 720 —-1080
MD-4 CrsFeMoNbTaTiV 1135-1190 1410-2170
MD-5 CrFesMoNbTaTiV 1100 - 1500 800 - 1130
MD-6 AlICrFeMoNbTaTiVW 950 -990 1005 - 1860
MD-7 AICrFeNbTiW 940 -1020 1280 -1755

According to these results, carburized alloy MD-4, 6 and 7 are the hardest metallic alloys ever developed, reaching a
dense ceramic level like sapphire. Concurrently, fracture toughness measured at radial cracks from macro-Vickers
indentations has resulted in low values within the range 3.5 to 9 MPa.m¥2. However, the Kic values for MD-4 are more
promising being in the range 5 —9 MPa.m/2. Homogenization and thermomechanical treatments should be performed
in order to increase these values for further processing.
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Introduction

Stress-induced martensitic transformation in shape memory alloys (SMAs) gives place to the superelastic effect (SE), an
exotic behavior that involves a high displacement and a strong actuation, which is promising for application in Micro
Electro-Mechanical Systems (MEMS). Previous works have demonstrated a completely reversible and reproducible
behavior at the nanoscale in Cu-based SMAs [1,2], even for thousands of cycles and after long-term cycling spanning
several years [3,4]. From the fundamental and technological point of view, it is important to know whether there is a
size-effect on the critical stress (oc) necessary to induce the martensitic transformation in this kind of alloys. Recently
we provided the first explicit assessment of a size effect on the critical stress for superelasticity in SMAs at small scales
[5], and the present work aims to shed light on this respect studying, by nano-compression tests, pillars with different
diameters ranging from micro- to nano-metric scale, on several Cu-based single crystals.

Materials and Methods

Cu-based single crystals of SMAs, from Cu-Al-Ni and Cu-Al-Be systems, were used to mill a large number of pillars on the
(001) oriented surface using the focused ion beam technique (FEI Helios 650). The alloys concentrations were selected
in order to observe the SE at room temperature. The milling conditions were 30 kV for the gallium I-beam and decreasing
currents for the different milling steps, 80, 40 and 24 pA, followed by finishing steps with 15 and 7.7 pA. This procedure
was developed to avoid any noticeable influence of potential Ga damage or contamination. Nano-compression tests
were performed at room temperature in an instrumented nano indenter Hysitron TI-950, using an sphero-conical 2-um
radius diamond indenter. Pillars from 2 pm down to 250 nm in diameter were produced and tested. In-situ nano-
compression experiments inside of the scanning electron microscopy chamber (JEOL 7000F) were also performed using
a Hysitron PI-85 in order to observe and verify the superelastic response. All the raw load-displacement curves were
treated according to the method described in the reference [5] to obtain the corresponding stress-strain curves
necessary to study the related size effect.

Results and Discussion

As an example, a pillar of 310 nm in diameter is shown in Fig. 1 (a) (b), with its respective stress-strain supereleastic
response measured during a nano-compression test. All tested pillars exhibited such characteristic superelastic cycle
where the critical stress (oc) becomes evident, as is indicated in Fig. 1 (b). In Fig. 2 we depict the critical stress (oc) as a
function of the pillars diameter, including for comparison data measured in different experimental conditions. This
graph reveals an strong size effect on the critical stress to induce the martensitic transformation when the pillar
diameter is reduced. As can be seen, this characteristic parameter can be increased more than three times respect to
the no size-effect regime (©> 1um). The observed size-effect is explained in terms of the homogeneous nucleation of
the martensite phase, considering that the paucity of defects for heterogeneous nucleation in small volumes leads to a
situation in which the martensite must be homogeneously nucleated by a direct shear of the austenite lattice, which
requires a much higher applied stress. From this understanding, we propose an atomic-elastic based model (black line
in Fig. 2) to describe and quantify the size-effect and the scaling power law for the stress-induced martensitic
transformation at small scale, which exhibit similar trend in different Cu-based shape memory alloys, and can be
considered as an universal scaling law for this kind of materials.
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Fig. 1: (a) Cu-Al-Ni pillar with 310 nm in diameter, (b) Stress-strain superelastic response during one stress-induced
martensitic transformation cycle obtained by nano-compression.
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Fig. 2: Size-effect measured in Cu-Al-Ni SMA, on the critical stress (oc) for superelasticity versus the pillar diameter,
and the prediction of the proposed model [5].
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Introduction

Cu-Zn-Al alloys may show a shape memory effect which is based on the disordered bcc (B) to martensite (M)
transformation that can occur in a wide compositional range depending on the ratio of Zn and Al [1]. So far no
comprehensive martensite microstructure analysis is available for Al concentrations <4wt% [2]. Independent of the
initial concentration, the morphology of the martensite phase in Cu-Zn-Al alloys is always described as plate-like [3]. In
other alloy systems, the martensite morphology and microstructural length scale are known to strongly depend on i)
the alloy composition, e.g. in carbon steels the type of martensite changes from lath (<0.6wt% C) to plate (>1wt% C)
with a transitional structure for concentrations in between, and ii) the cooling rate, e.g. in carbon steels the type of
martensite is cooling rate independent, but the microstructure becomes coarser at lower rates [4]. The aim of this work
is the investigation of the martensite type and morphology in Cu-Zn-Al alloys depending on the Zn and Al concentration,
respectively, as well as on the cooling rate.

Materials and Methods

For increasing the experimental efficiency, diffusion couples that cover a wide range of initial compositions are
employed. Alloys with the nominal composition of Cu-Zn30-AIX and Cu-Zn50-AIX (X = 0.5, 0.75, 1.5, all concentrations
in wt.%) were melted in a carbon crucible using Pb-free commercial Cu-Zn30 and Cu-Zn50 master alloys and pure
aluminum adding borax and sodium carbonate as flux. These alloys were cast into rods with a diameter of 8mm using a
permanent mold and cut into cylinders with a height of 5mm. Cylinders with identical Al content, but different Zn
content were diffusion bonded in a sealed capsule under argon atmosphere at 800°C for 6h with 2MPa joining pressure.
Inside a glove box with controlled atmosphere the oxide layer was removed from the surface using SiC grinding paper
(4000grit) and the diffusion capsule was assembled. After diffusion welding, the joined cylinder was cut longitudinally
into 10x8mm? plates with a thickness of Imm. The plates were heated to 875°C, held for 10min and subsequently
quenched in iced brine (-19°C) or quenching oil (23°C). For microstructural analysis, the quenched samples were
mechanically ground (up to 4000grit SiC paper) and polished (3um and 1um polycrystalline diamond solution) with a
finishing step of vibration polishing (0,05um polycrystalline diamond solution). Optical microscopy with polarized light
was used for the identification of martensite based on its birefringent properties. The concentrations profiles were
measured in line scans using a scanning electron microscope and energy-dispersive X-ray spectroscopy.

Results and Discussion

Diffusion welding at 800°C leads to the formation of a one-dimensional Zn concentration gradient from 30wt% to 50wt%
over a length of 1200um and the formation of a fcc (a) / bcc (B) interface parallel to the joining interface. The
composition range suitable for martensitic transformations is in the B phase region in the vicinity of the interface.
Samples with identical concentration profiles were quenched with two different rates, 2800K/s (in iced brine) and
250K/s (in oil).

After quenching in iced brine, the sample with 0.5wt% Aluminum did not exhibit any martensite. In the samples with
0.75wt% (not shown) and 1.5wt% Al (Fig. 1), martensite forms starting in the B phase region at the a / B interface
towards higher Zn concentration (up to 34wt% Zn for 1.5wt% Al). The birefringent contrast allows the identification of
individual packets, blocks and laths that are subdivided by twinning, with all these features being known from carbon
steels [5]. The martensitic structure is therefore lath-like rather than plate- or needle-like as previously identified in Cu-
Zn-Al alloys and does not change in the investigated Zn concentration range. Within one grain, two distinct lath
orientations can be present, indicated by different colors under polarized light. After 48h at room temperature,
additional martensite needles form and grow further into the B-phase, beyond the Zn concentrations where the
martensitic transformation initially stopped. This martensite grows isothermally only in the surface layer and can be
removed by grinding and polishing. Isothermal martensite is assumed to form due to surface oxidation that changes the
local composition and the martensite start temperature.

The cooling rates during quenching in oil were not high enough to form martensite in the samples with 0.5wt% and
0.75wt%. For 1.5wt% Al, coarse martensitic needles within the B-phase, which is characteristic for plate-like martensite,
are observed (Fig. 2). The microstructure is significantly coarser as compared to the one quenched in iced brine.
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Isothermal martensite

Fig. 1: Lath-like martensitic microstructure under | Fig. 2: Plate-like martensitic microstructure under
polarized light at the a/B interface of a diffusion couple | polarized light at the a/B interface of a diffusion couple
with 1.5wt% aluminum after quenching in iced brine with 1.5wt% aluminum after oil quenching

In summary, the formation of martensite was found in Cu-Zn-Al alloys with Zn concentrations between 34.5wt% and
36wt% for 0.75wt% Al and between 32.5wt% and 34wt% for 1.5wt% Al after quenching in iced brine. The observed
microstructural type after quenching in iced brine is always lath-like. Lowering the cooling rate from 2800K/s to 250K/s
changes the type of martensite from lath-like to plate-like, revealing the dependence of the type of martensite on the
cooling rate in Cu-Zn-Al; as expected, the morphology of the martensitic structure becomes coarser with decreasing
cooling rate.
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Introduction

Shape memory alloys are widely used as actuators due to their ability for strain recovery on heating of the preliminary
deformed samples. At the same time, it is very difficult to predict the temperatures for the strain recovery due to the
martensite stabilization effect occurs. This effect is revealed as an increase in the temperatures of strain recovery that
depends on the preliminary strain, chemical composition of the alloy and other parameters [1-3]. Thus, to increase an
area of the shape memory effect application and to predict the working parameters of the actuators, it is necessary to
control this effect. The martensite stabilization effect is well studied in equiatomic NiTi alloys but there are few papers
where this effect is observed in the Ni-rich NiTi alloy. At the same time, Ni-rich NiTi alloys may demonstrate different
mechanical and functional properties after different heat treatment and it may allow to study how the structure of the
alloy influences the martensite stabilization effect. The aim of the present work was to study the martensite stabilization
effect in Nis1Tiso alloy subjected to two different heat treatments — quenching or annealing.

Materials and Methods

The Nis1Tias wire samples with a diameter of 1.5 mm were quenched from 900 °C into water or quenched from 900 °C
with subsequent annealling at 450 °C for 2 hour. After quenching the NisiTiss alloy underwent the B2 —B19’
transformation whereas, after quenching and annealing the B2 -R—B19’ transformation occurred on cooling. Thus, in
the quenched sample the B19’ phase appeared from the B2 phase whereas, in the annealed sample the B19’ phase
formed from the R phase. The samples after different heat treatments were deformed in the B19’ or R phases up to
different strains from 1 to 7 %, unloaded and subjected to heating — cooling — heating in the temperature range of the
martensitic transformation. The maximum given strain was 7 % because the annealed sample failured if the strain
exceeded 7%. The simultaneous measurement of the resistivity and the strain during the heating-cooling-heating of the
deformed samples was carried out. The value of the martensite stabilization effect was determined as the difference in
the start (AAs = Ast-As?) or finish (AAf = Ai-Af?) temperatures that were measured on the first and second heating. The
recoverable and plastic strains were measured as the value of the shape memory effect and irreversible strain that was
found in the sample after heating.

Results and Discussion

The results of this study showed that the martensite stabilization effect took place in the annealed NisiTiso alloy after
the deformation in the B19’ phase or in the R phase and in the quenched sample after deformation in the B19’ phase.
In all studied sample the full strain recovery was observed during the first heating that pointed out the plastic
(irreversible) strain was not initiated during the preliminary deformation. It confirmed the conclusion made in [3-4] that
the plastic strain was not the main reason for the martensite stabilization effect. The comparison of the values of the
martensite stabilization effect showed that shift in the As temperature after the deformation in the B19’ phase in the
annealed sample was the same as in the quenched sample and both were larger than the shift in the As temperature
after the deformation in the R phase (Fig. 1a). It means that the deformation in the B19’ phase leads to a decrease in
the elastic energy that was stored in the sample during cooling, in the same way despite the heat treatment of the alloy.
The deformation in the R phase leads to less decrease in elastic energy because the reorientation of the R phase is
accompanied by a less strain variation than in the B19’ phase. The shift in As temperature after deformation in the B19’
phase and in the R phase in the annealed sample is the same and this is less than after the deformation in the B19’
phase in quenched sample (Fig. 1b). Thus, one may conclude that the reverse transformation in the deformed quenched
sample is realized more “difficult” than in the annealed. As it was assumed in [3], the reason for the martensite
stabilization effect may be the loss of the interface coherency during the preliminary deformation in the martensite
state. In the annealed sample the Ni4Tis precipitates that formed during annealing created an internal stress which
influenced on the formation of the martensite crystals on cooling. As the martensite stabilization effect (AAf) is less in
the annealed sample than in quenched one, then it may be assumed that the martensite structure that appeared on
cooing under the stress field created by the NisTis precipitates, partially suppressed the upset in the interface coherency
during the deformation in the martensite state and it decreased the martensite stabilization effect value.
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measured in the annealed and quenched samples after preliminary deformation in different states. The lower index
Qis denoted to quenched sample; A —annealed sample.
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Introduction

A half-Heusler type intermetallic compound ZrNiSn is an excellent thermoelectric material which can be used for high
temperature applications [1,2]. Improvement of not only thermoelectric performance but also durability and reliability
is required aiming for practical applications, and thereby, the evaluation of mechanical properties is one of important
subjects for designing and developing high performance thermoelectric materials. Moreover, elastic and plastic
deformation behavior is important knowledge for thermoelectric module fabrication. The Half-Heusler (HH) C1p type
ordered structure of ZrNiSn is quite similar to that of Heusler (FH) L21 type ordered structure of ZrNi>Sn. They have the
same ordered structure frame in common, and a half of Ni-site of FH is vacant in HH. The objective of the present work
is to understand the mechanical properties of HH ZrNiSn as compared with FH ZrNi2Sn. Mechanical behavior was mainly
examined in the atomic-scale using micro-Vickers hardness and nanoindentation measurements at room temperature,
and compression test was conducted at high temperatures.

Materials and Methods

Single crystals of ZrNiSn and ZrNi>Sn were fabricated by the unidirectional solidification using the optical floating zone
melting method (OFZ) under flowing argon gas atmosphere with the positive pressure. Prior to the OFZ, alloy ingots
were prepared using arc-melting. The crystal orientation was analyzed by the back reflection Laue method to select
planes, [001], [111], and [121], on which Micro-Vickers hardness measurement and nanoindentation measurement
were conducted at room temperature. Micro-Vickers hardness was measured using the condition; load of 980.7 mN
and holding time of 10 s. Nanoindentation measurement was conducted using Berkovich indenter (trigonal pyramid tip)
under the condition; loading rate of 50 uN/s and maximum load 2000 uN. Additionally, compression tests were carried
out at 1173 K and 1273 K under the initial strain rate of 107* s™* using specimens of 3 x 3 x 6 mm? in demension.

Results and Discussion

Averaged value of micro-Vickers hardness 847 HV of HH ZrNiSn is higher than 720 HV of FH ZrNi2Sn. Similarly, values of
nanohardness as well as Young's modulus of HH ZrNiSn tend to be larger than those of FH ZrNiSn. Here, HH ZrNiSn
shows the crystal orientation dependence of nanohardness and Young's modulus that values of [111] are higher than
those of other orientation. On the other hand, HH ZrNiSn exhibits extremely low plastic deformability in the micro-scale,
having cracks generated from all the four corners of micro-Vickers indentation. However, in the nano-scale, so-called
pop-in events [3,4] which are supposed to correspond to the onset of plastic deformation are observed on the load-
displacement (P-h) curves, where displacement is measured as penetration depth. Typical P-h curves measured for HH
ZrNiSn and FH ZrNi2Sn are shown in Fig. 1, on which a pop-in event is appered as burst displacement (or abrupt jump in
displacement). It is thought that sufficiently high stress to generate dislocations is achieved in the condition of
nanoindentation. The relationship between the critical pop-in load Pc and corresponding burst penetration depth Ah is
represented in Fig. 2. Linear relationship is observed between Pc and Ah in HH ZrNiSn, showing wide range distribution
from 300 to 1800 pN in Pc and from less than 1 to 12 nm in Ah. moreover, Pc tends to have a certain crystal orientation
dependency, low values in [111] and high values in [001] and [121]. As compared P. values of [001] and [121], at the
same Ah values, [001] is much higher than that of [121], and plots of [001] are slightly deviated from the linear
relationship toward small Ah value. It indicates that number of dislocations generated or/and mobility of dislocations
should be somehow restricted in [001], since high Pc value means that released elastic energy is also high in pop-in. On
the other hand, Pc observed in ZrNi:Sn is about the same value regardless of crystal orientation. The possible active slip
system of ZrNixSn is suggested as {110}<110> by the consideration of Schmidt factor while deducing from the slip
systems reported for FH phases [5]. Contrary to this, the operative slip system of HH ZrNiSn is not reported according
to the best knowledge of the present authors. Deformed microstructure of ZrNiSn was observed and analyzed using
transmission electron microscopy (TEM). Specimens were deformed by micro-Vickers indentation with the load of 250
mN. We have determined that there exist two-types of burgers vector, one is <110> type (same as in FH) and the other
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is <111> type. Note that a 1/2[110] type dislocation can be dissociated into two 1/4[111] type dislocations, which may
indicate that possible slip system of HH ZrNiSn could be the same {110}<110>. Plastically deformed region with high
dislocation density extends wider in ductile FH ZrNizSn than in brittle HH ZrNiSn.
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Fig. 1: Typical P-h curves with the appearance of pop-in | Fig. 2: The relationship between critical pop-in load Pc
event, measured for HH ZrNiSn and FH ZrNi:Sn single | and penetration depth Ah measured for HH ZrNiSn and
crystals on OR[111]. FH ZrNiz2Sn.
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Introduction

Thermoelectric silicides have been extensively studied for converting heat into electricity on semi- conductive junctions
with a yield depending on their thermoelectric figure of merit zT=S%0T/k where S is the Seebeck coefficient, o the
electronic conductivity and k the thermal conductivity. Among them, disilicides present a relatively low zT but are good
applicants for high temperature applications (above 700 K) owing their high stability in air to the formation of a
superficial protective layer made of silica [1]. FeSi> and Higher Manganese Silicides (formula MnSiz.7) present both a high
stability in air and a thermoelectric zT (respectively 0.2 [2] and 0.7 [3-5]) suitable for low energy applications. In this
regard, it is noteworthy that high temperature applications need a good thermal compatibility between constitutive
materials which includes a close thermal expansion to avoid stresses during cycling, a low interface resistance and a
high chemical stability during ageing. Except for TiSi, that has been shown in the literature to be an efficient high
temperature connector for those materials [6], those aspects remain unexplored to date. This work studies the thermal
stability of contacts between FeSi; and MnSiy.7and a few titanium based silicides TiSiz, TiMnSi; and TiFeSis.

Materials and Methods

Diffusion couples were manufactured in two steps: the various studied silicides were melted in high frequency furnace
using pure metals and silicon in a water-cooled copper crucible in Ar atmosphere. Then, ingots were ball milled into
powders with the use of ZrO; ceramic balls at 400 rpm during 10 min to obtain a fine powder. The studied interfaces
were obtained subsequently by uniaxial hot pressing on simply stacked powders in a graphite die heated at 1050 °C for
4 h and pressed at 60 MPa in Ar atmosphere.

Results and Discussion

After sintering, interfaces observed by scanning electron microscope in Fig. 1 show that TiSi2/MnSi1.7 couple undergoes
phase transformation. TiMnSi2 (space group Pbam [8]) and pure silicon are identified at this interface. The same type of
diffusion path is observed with the TiSi2/FeSi2 couple. TiFeSi2 (isostructural of TiMnSi2) and pure silicon form at the
interface. The latter nucleates as small studs instead of a continuous border like in the TiSi2/MnSi1.7 diffusion couple. In
both systems, the apparition of new phases creates new interfaces which increase the interfacial resistance. As a
consequence, the thermoelectric properties of the complete device is globally degraded.

Fig. 1: SEM post mortem observation of TiSi2/MnSiv7Fig. 2: SEM post mortem observation of TiMnSi2/MnSi1.7
interface interface

In order to avoid this deleterious effect related to the occurrence of multiple interfaces, the intermediate ternary
compounds TiFeSi and TiMnSi> were then synthetized and studied as potential optimized interconnectors. SEM
observations evidence i) the existence of equilibria between ternary and binary intermetallic compounds, TiFeSi>/FeSi>
and TiMnSi>/MnSiy 7 respectively (see Fig. 2) and ii) the existence of a continuous solid solution between both ternary
compounds (notillustrated here). Moreover, even after a long duration high temperature ageing, the interfaces remain
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stable. Finally, their electrical resistivity and thermal expansion coefficient were measured. They showed valuable
properties which confirm the applicability of such ternary intermetallic compounds as interconnectors for high
temperature silicide thermoelectric devices. Thus, interdiffusion couples enabled to study phase equilibria between
phases and should lead to the knowledge of stable systems and is therefore a promising way of choosing materials for
creating durable contacts for high temperature applications.
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Introduction

Optimization and process control at high temperatures require sensor systems which operate reliably under these harsh
conditions. Therefore, material systems composed of a high temperature stable piezoelectric substrate, optimized
barrier and cover layers as well as a high temperature stable working metallization have to be developed. During the
last years, various materials or material systems have been investigated regarding their high temperature properties. It
appeared that refractory metals like W and Mo [1,2] and high temperature stable Al-based alloys like TiAl [3] and RuAl
show promising results after high temperature treatments. As substrate material the high temperature stable
CasTaGasSi2014 (CTGS) is often used since it remains piezoelectric even above 1000 °C. However, it is also known that
there are strong chemical reactions between this substrate and Al based metallizations on top of it so that the
application of suited barrier layers is essential.

This work reports on the improvement of the high temperature stability of RuAl alloys.

Materials and Methods

RuAl thin films with a thickness of 110 nm have been prepared by co-sputtering on CTGS substrates. As a protection
against oxidation a 20 nm thick AIN, Al203 or SiO: layer or a combination of AIN and SiO2 are added on top of the
substrate and on top of the whole layer stack. For some experiments, additional thin Al layers are also added on top or
below the RuAl film. To determine the influence of the CTGS substrate on the stability of the films, reference samples
on thermally oxidized Si substrates were analyzed.

The samples were heat treated in high vacuum and air at up to 900 °C for 10 h and afterwards characterized regarding
the phase formation (X-ray diffraction, XRD, in Bragg Brentano geometry and pole figure measurements), chemistry
(Auger electron spectroscopy, AES, and energy dispersive X-ray diffraction, EDX) and morphology (cross section imaging
and transmission electron microscopy).

Results and Discussion

The annealing experiments reveal a strong dependence of the film performance on the applied barrier and cover layers
as well as on the substrate material.

All cover layers realize an oxidation protection of the RuAl film for heat treatments up to 600 °C in air. For these
conditions, a strong phase formation and hardly any oxidation are observed. The differences of the performance of the
barrier layers become obvious when the samples are annealed at 800 °C in air. Under this condition, the films with AIN
barrier and cover layer are oxidized on both substrates. For the other film systems only a minor oxidation of the Al
occurs and XRD proves the presence of the RuAl phase. After annealing at 900 °C in air also the other cover layers fail,
however, a small RuAl XRD signal is measured for the films with a combined AIN/SiO2 barrier and cover layer (Fig. 1). A
reaction between the CTGS substrate and the film is found for all samples with only an AIN or a SiOz barrier.

After a heat treatment at 900 °C under high vacuum the influence of the substrate material becomes obvious. All films
on Si substrates show a strong RuAl phase formation. On CTGS, however, only the films with a combined AIN/SiO barrier
and cover layer remain stable. For all other samples there is a strong reaction with the CTGS substrate (Fig. 2).
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Fig. 1: Results of the XRD measurements for a RuAl film | Fig. 2: SEM images of cross sections of the RuAl films on

on CTGS with a combined AIN/SiO2 barrier/cover layer | CTGS with an AIN and a combined AIN/SiO2 barrier/cover

after the different annealing temperatures. layer after annealing at 800 °C in air and 900 °C in high
vacuum.
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In various refractory-metal based alloys such as Nb-Cr alloys, AB>-type Laves phases appears. It has been pointed out
that the atomic size ratio of constituent elements, Ra/Rs, is quite important to understand the stability of Laves phase
[1-2]. However, the formation enthalpy of these Laves phases are evaluated to be of the order of several ki/mol, which
is much smaller than that of typical intermetallic compounds such as NizAl and NiAl.

Some refractory-metal based phase diagram show a continuous BCC solid solution with smaller Ra/Rs, and some show
BCC-BCC two-phase separations with relatively larger Ra/Re. Then, with much larger Ra/Re, the Laves-phase appears.
This strongly suggests the atomic size ratio also governs the stability of BCC phase. To investigate the stability of BCC
solid solution phase a bonding energy between two refractory elements is required. We performed ab initio calculations
based on the density functional theory and obtained formation energies dH for various B2 type structures and also C15-
type structures composed of refractory elements, such as NbCr and NbCr.. We have adopted the ultrasoft pseudo
potential and the PBE-GGA potential for the calculations. Lattice constants have been optimized and the electronic
energies have been obtained for each B2 phase and C15-phase. The package produced by the abinit project [3] was
employed for the numerical computations.

It is quite interesting that the formation enthalpy dH of various C15 Laves seemingly increases with decreasing Ra/Rs
even in the unstable range with Ra/Rs lower than 1.06. On the other hand, the formation enthalpy dH of various B2
phase is quite small and the interaction between refractory elements are small.

By using a simple pair-interaction model and CALPHAD method with A-B interaction energy evaluated by the formation
enthalpy of B2 compounds, the composition dependence of the formation enthalpy of BCC solid solutions with different
Ra/Rs was evaluated to understand the effect of Ra/Rs on the phase stability of Laves phases with relatively small
formation enthalpy in binary phase diagrams. As the results, it was concluded that with increasing Ra/Rs, the BCC phase
shows a miscibility gap, and low-stability Laves phase appears as a stable phase as indicated schematically in Figure.1.
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Fig. 1: A semi-schematic drawing of AG of BCC phase as a function of B fraction for various atomic size ratio, together
with a curve for a low stability Laves phase (dotted line).
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Introduction

The Co-Ti system is one of the important systems for the development of Co-based superalloys and the only binary Co-
X system forming coherent y/y’ microstructures (fcc-Co with fcc L12 TiCos). Even though binary Co-Ti alloys are not suited
for applications, this system serves as a basis for development of superalloys, see e.g. [1,2]. Surprisingly, the phase
relations and invariant reaction temperatures in the Co-rich part of the system are not very well established.
According to the phase diagram adopted from the assessment of Murray [3] and shown in Fig. 1a), the L12-ordered TiCos
phase forms by a peritectic reaction from the fcc-Co solid solution and the liquid phase at a composition of
approximately 20 at.% Ti, i.e., far away from the stoichiometric composition of this phase. In addition, the phase diagram
shows a eutectic reaction between TiCos and the hexagonal C36 Laves phase h-TiCoz at approximately 24 at.%. However,
to the best of our knowledge, the occurrence of a eutectic type of microstructure in this composition range between
TiCoz and h-TiCo2 was never reported in the literature. In contrast to Murray’s assessment, a more recent version of the
phase diagram presented by Davydov et al. [4] (see Fig. 1b)) does not show a eutectic reaction but instead indicates two
independent peritectic reactions. Following this diagram, TiCos can form from fcc-Co solid solution at approximately 20
at.% Ti (L + fcc-Co <-> TiCos) but also from the hexagonal C36 Laves phase at approximately 24 at.% Ti (L + C36-TiCo> <-
> TiCos).

Another interesting feature of the binary phase diagram is the occurrence of two polytypes of the Laves phase TiCog,
one with the hexagonal C36 and the other one with the cubic C15 structure type. The C36 version is reported to exist at
off-stoichiometric compositions on the Co-rich side, while cubic C15 Laves phase should be stable on the Ti-rich side
near the stoichiometric composition. Contradicting information exists about the existence and width of a two-phase
field between these two Laves phase variants. Until today, there is no real experimental proof of a two-phase field
between the two polytypes. The only experimental investigation of this two-phase field was performed by van der
Straten et al. [5], who applied diffusion couples. However, they could not clearly detect such a two-phase field and state
in their paper “if this gap truly exists then it is apparently too small to be measured.”

In order to contribute to the clarification of these problems and to obtain an improved version of the Co-rich part of the
phase diagram, we prepared two diffusion couples to produce extended diffusion zones of the Laves phase with a
continuous concentration gradient covering the entire stability range of both variants. The composition profiles were
determined by electron probe microanalysis (EPMA) along the concentration gradient and phases were identified by
electron backscatter diffraction (EBSD) scanning the same areas. Besides these diffusion couples, we prepared a series
of alloys that were heat-treated at 800 and 1100 °C to study the two-phase equilibria Co+TiCos, TiCos+h-TiCoz, and c-
TiCo2+TiCo. The crystal structures were analyzed by X-ray diffraction (XRD). Finally, the liquidus and all invariant reaction
temperatures as well as the fcc-Co solvus and Curie temperatures were determined by differential scanning calorimetry
(DSC).

Materials and Methods

Diffusion couples Co/TiCo and TiCos/TiCo were prepared by contacting two blocks of the single-phase materials,
wrapping them into Ta foil, and heat-treating them in a pure Ar atmosphere at 1100 °C for 144 h and 168 h, respectively.
The resulting diffusion profiles were analyzed by EPMA and EBSD. In addition, eleven binary alloys with compositions
between 4 and 50 at.% Ti were synthesized by levitation melting from the pure elements Co and Ti. Heat treatments
were performed at 800 °C for 500 h and 1100 °C for 50 h. As-cast and heat-treated samples were analysed by SEM,
EPMA, DSC and XRD.
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Fig. 1: a) Co-rich part of the Co-Ti phase diagram adopted from Murray [3] indicating peritectic formation of L1, TiCos
and a eutectic reaction L <-> TiCos + h-TiCoz, and b) alternative version from Davydov et al. [4] indicating formation of
L1, TiCos from two independent peritectic reactions.

Results and Discussion

The investigated diffusion couples were found to exhibit an extended diffusion zone around the contact surface with
overall thicknesses in the order of 1 mm. The concentration profiles include all phases occurring in this part of the
system, i.e., fcc-Co, TiCos, TiCo2, and TiCo. Both the L1, TiCos phase as well as the Laves phase form extended diffusion
zones of 150 to 200 um in width. Even though EBSD clearly proves a change of the Laves phase structure type from
hexagonal C36 to cubic C15 at a well-defined composition within the TiCo> diffusion zone, EPMA does not indicate any
gap in composition within the experimental limits of accuracy (~0.2 at.%). Regarding the formation of the L1 TiCos
phase, our results clearly disprove the ‘classical’ version of Murray (Fig. 1a)), and instead of the ‘double-peritectic’
version of Davydov et al. (Fig. 2b)), we suggest a peritectic reaction L + h-TiCoz <-> TiCos and a eutectic L <-> fcc-Co +
TiCos. Then, the fact that the composition of this eutectic is above the single-phase TiCos field might explain why no

eutectic microstructures are observed. More details will be presented and discussed in an article-in-preparation [6] and
at the conference.
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Introduction

The p-phase belongs to the class of topologically close packed (TCP) phases, which form as precipitates in a wide range
of materials. TCP phases are highly ordered phases both in terms of chemistry and stacking, covering a wide range of
compositions [1, 2]. These phases are usually considered being hard and brittle to their complex crystal structure [3].
The deformation behaviour of such hard and brittle precipitates can have significant effects on the properties of metallic
alloys. These may be advantageous, where an alloy is purposefully reinforced, but often the presence of hard
precipitates is detrimental and can lead to stress concentrations, crack initiation and local dealloying of the matrix. In
the case of topologically close packed phases in nickel-based superalloys all of these effects have been observed, but
the underlying properties of these phases are largely unknown, impeding any purposeful discrimination between
different precipitates or modelling of the mechanism by which they affect the surrounding material.

We have therefore employed nanomechanical testing and (high resolution) transmission electron microscopy (TEM)
imaging to characterize the plastic deformation in the binary FezMoes p-phase as well as to elucidate the phase’s
anisotropy. The active slip systems and respective critical resolved shear stresses (CRSS) were determined using
micropillar compression and nanoindentation with statistical electron backscatter diffraction (EBSD)-assisted slip trace
analysis, and the underlying defect structures confirmed with the TEM.

Materials and Methods
The material synthesis and the deformation and characterization methods applied are described in detail in [4, 5].

Results and Discussion

Using nanoindentation and micropillar compression we observed an average hardness and indentation modulus of
11.740.9 GPa and 249+8 GPa for the Fe;Moe p-phase. EBSD assisted slip trace analysis around indents showed that slip
occurs mainly on the basal and prismatic planes. Specifically, we observed that slip takes place predominately on basal
planes in indentation and at a CRSS of 1.92+0.22 GPa or 1.79+0.31 GPa in micropillar compression assuming
conventional basal dislocation glide or synchroshear, respectively, Fig. 1 ((a) and (b)).

When the resolved shear stress on the basal planes was low, slip on prismatic planes was activated. The corresponding
CRSS for the onset of deformation by dislocation glide on the prismatic planes was measured as 2.11+0.66 GPa by
micropillar compression.

Combined analysis of nanoindentation data and TEM characterization of the defect structure underneath corresponding
indents showed a strong interaction of growth defects with mobile dislocations. Specifically, softening was observed
where dislocations can move along pre-existing defects and hardening where the slip plane intersects them.

Further, we used high resolution TEM (HR-TEM) to investigate the post-deformation defect structure of the Fe;Moe p-
phase. To this end we have performed HR-TEM analysis on deformed samples revealing stacking faults which are
presumably induced by plastic deformation. We have compared these defects to theoretically possible stacking faults
within the p-phase building blocks. The experimentally determined stacking fault configurations were found to match
with those formed by snychroshear on the basal planes in the Laves-phase building blocks, Fig. 1 (c). We therefore
concluded that plasticity on the basal planes of the Fe;Moe p-phase occurs in the Laves-layers of the stacked unit cell
by the synchroshear mechanism [6].
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Fig. 1: (a) Secondary electron micrograph of a deformed Fes;Moe p-phase micropillar, the crystallographic orientation
and activated slip plane are given below the micrograph as a schematic. (b) TEM micrograph revealing dislocation slip
bands on the basal plane. (c) HR-TEM micrograph of a stacking fault in deformed Fe;Mos p-phase whose structure is
identical to that formed by synchroshear in the Laves-phase building blocks. [4, 5]
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Introduction

Non-centrosymmetric crystal structures remain both fascinating and challenging because non-centrosymmetry is pre-
condition of various physical properties like skyrmions, unconventional superconductivity, ferro-electricity and others.
The determination of the absolute structure is often difficult because as twinning often is hard to detect and may lead
to reduction or vanishing of related physical effects. Well established diffraction methods for determination or
assignment of the absolute structure are X-ray diffraction and convergent beam electron diffraction (CBED) in TEM.
Intensity differences of Friedel pairs originate from the anomalous dispersion effect in X-ray diffraction and dynamical
scattering of electrons in the TEM. Winkelmann et al. demonstrated that electron backscatter diffraction (EBSD)
patterns of a-quartz crystals allow to assign their chirality by comparison of experimental and dynamically simulated
EBSD patterns [1]. We have applied both methods - X-ray diffraction and EBSD - on crystals with different absolute
structure of the non-centrosymmetric phase CoSi. Flack parameter and cross-correlation values are used to assign the
absolute structure on the same crystals as well as EBSD analyses on multi-domain crystals are presented.

Materials and Methods

Based on the results of crystal growth by chemical vapor transport in the system Co/Si [2] crystals of CoSi were grown
using iodine as transport agent. In a first step CoSi was synthesized by an isothermal reaction of the elements cobalt
and silicon in the presence of iodine at 700 °C in evacuated fused silica tubes during 120 h. In a second step, CoSi
crystallized by a chemical transport reaction in a temperature gradient from 700 °C (source) to 800 °C (sink), and
transport agent concentration of 0.5 mg/cm3. Cross-sections of agglomerated crystals are prepared by metallographic
methods and, after SiO2 finishing, allowed to obtain high quality EBSD patterns. Subsequently, X-ray diffraction data
sets were collected using single crystal cubes that were extracted on a focused Xe-ion beam system.

CoSi phase crystallizes in the cubic FeSi-type (B20) structure type (space group P 213) with both elements on fourfold
positions 4 a (x, x, x). With respect to a right-handed orthogonal coordinate system, the absolute structure of FeSi with
coordinates xre = 0.1358 and xsi = 0.844 is assigned to A-form and the enantiomorphic absolute structure with
coordinates x’re = 1-Xre and x’si = 1-xsi is labelled with B-form according to [4].

We used a best-fit pattern matching approach to find the orientation and the enantiomorph corresponding to each
experimental Kikuchi pattern. To this end, we optimized the normalized cross-correlation coefficient r between the
experimental and the simulated Kikuchi pattern of the reference structure as described in [3]. For each experimental
pattern, we obtain two optimized correlation coefficients r:e and r—¢ for the fit to the reference structure, and the
inverted enantiomorph, respectively.

Results and Discussion

Crystal structure determination on cube shaped crystals (I = 40 um) with A- and B-Form each from X-ray diffraction data
result in Re-values close to 1 % and Flack parameters x =~ ( indicating on high quality single crystals and different
absolute structure without significant mixing of enantiomorph domains. These crystals were cut out by Xe-FIB technique
from larger millimeter size crystals which were characterized before by EBSD analyses. The comparison of these
experimental and simulated EBSD pattern clearly revealed always better pattern matching for one of both simulated
pattern and thus allow reliable assignment of the absolute structure. X-ray diffraction and EBSD pattern analyses
resulted the same assignment. This proves the consistency and reliability for both evaluation processes.

Multi domain CoSi crystals formed by domains with different absolute configuration were found, too. Here, the as-
grown surfaces gave excellent Kikuchi pattern. In this case comparably simple experimental set-up is sufficient to assign
the absolute structure with high spatial resolution.
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Introduction

Traditional metal processing methods include a series of thermo-mechanical treatments, characterized by fast cooling
rates and heterogeneous plastic deformation. As opposed to other colored gold alloys, red gold shows a reduced
workability resulting in shape distortion and fracture. These alloys develop a fine microstructure of ordered nano-
domains during manufacturing and this is believed to be responsible for the build-up of residual stresses in the material.

Red gold undergoes the same low temperature disorder-order phase transformation as equiatomic AuCu. The addition
of Ag lowers the critical temperature for ordering and slow down the ordering kinetics[1]. This solid state phase
transformation is known to depend on the thermal treatment parameters [2] but also on the history of the
microstructure [3,4]. While many studies focused on the age-hardening behavior and microstructure development after
ageing [5-11], very little research has been done to verify the role of plastic deformation on the early stages of ordering.
Recrystallization studies on severely deformed AuCu revealed a competition between ordering and recrystallization as
a function of temperature [12]. It is very well known that in some materials the strain field of a dislocation facilitates
the nucleation of precipitates [13,14]. Possible mechanisms are stress induced local changes in lattice parameters
accommodating the precipitate more readily, or locally induced changes in chemical composition reducing the critical
ordering temperature [15]. Itis however not clear if and how dislocations influence the degree of ordering during ageing
as some of the reported results are contradictive.

Ex situ experiments performed on naturally aged samples in the deformed and non-deformed condition show a
correlation between plastic deformation and degree of ordering. Here we report on in situ synchrotron X-ray diffraction
experiments on pre-deformed and non-deformed samples during cooling and subsequent heating addressing the early
stages of ordering. The results are complemented by TEM observations.

Materials and Methods

The alloys were prepared by continuous casting from fine metal precursors (Au, Ag, Cu) melt in a graphite crucible to
form 18 carat red gold (Au7sCuxAg(x for x 2 20 in %wt.). They were rolled in the form of strips, well homogenized and
recrystallized. For the in situ temperature experiments, four samples are heated to 660°C with a heating rate of
100°C/min and kept there for 2min to ensure a complete dissolution of the L10 precipitates. Then the samples are
cooled to room temperature using two colling rates: -100°C/min and -800°C/min. Two of the samples were then cold
rolled to a thickness reduction of 25% using a Cooks rolling mill 999 AXWA. Finally, all 4 samples are heated at 10K/min
until 450°C.

The in situ X-ray diffraction experiments are performed at the High Energy Materials Science Beamline (ID31) at ESRF.
The X-ray beam had an energy of 79keV and a size of 0.2x0.2mm?2. Diffracted X-rays are recorded with a Pilatus 3M
detector. Exposure times were 0.1s. The 2D X-ray diffraction patterns are reduced to conventional 1D patterns by
azimuthal integration using available routines at ID31. Single peak fitting with PearsonVII functions are performed using
our own developed MATLAB routines since full pattern fitting methods cannot be applied. The difficulty in fitting lies in
the fact that the lattice parameters of the disordered Al and the ordered L10 phase are very similar and the large
coherency strains in the early stages of precipitation growth.

Electron microscope investigations are carried out in thin foils prepared by mechanical polishing and electrolytic
thinning with the double-jet technique in a Tenupol-5. The electrolyte used for this thinning is a mixture of 50%HCI —
30% ethanol-10% glycerol at 3°C. Observations are made in a FEl 220S TALOS microscope operating at 200kV. Both
bright-field and dark-field observations are made combined with selected area diffraction patterns.
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Results

Our experiments confirm that the degree of ordering in red gold is enhanced when the material was priory subjected
to plastic deformation. Moreover, higher ordering is present in the surface region of a wire subject to plastic
deformation as a result of cold rolling. It is shown that the presence of dislocations induces heterogeneous nucleation
of ordered precipitates and enhances both nucleation and precipitate growth which starts at a lower temperature.
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Introduction

TiAl alloys consist of mainly a2 and y lamellar structure. These alloys are now used for low-pressure turbine blades
because of their specific high strength-to-mass ratio at high-temperatures. In order to obtain excellent mechanical
properties from room to high temperatures and good manufacturability by casting and/or forging, the microstructure
of TiAl alloys must be appropriately optimized. The optimized microstructure is achieved by different heat-treatments
and different compositions. Nb and V are B-stabilizing elements and used for forging-TiAl alloys. One of the critical issues
of TiAl alloys is their poor oxidation resistance at temperatures higher than 800°C. The inclusion of alloying elements in
TiAl is known to affect oxidation performance. Nb and V are known to be beneficial and detrimental, respectively for
oxidation performance; however, the mechanism that is responsible for the Nb/V-effect on oxidation of TiAl alloys is
still unknown. In this study, the oxidation behavior of a»-Ti-30Al with and without Nb and/or V addition is investigated
to elucidate the effect of those elements on oxidation.

Materials and Methods

In order to eliminate the effect of microstructure on oxidation performance, single phase o»-Ti-30at%Al alloys
with/without different Nb and V contents are used in this study. All alloy ingots, 12mmd x 100mm, were produced by
Ar-arc melting with constituent pure-metals (>99.9%), and homogenized at 1150°C for 48h. Samples for oxidation test
were cut from the homogenized ingots with a thickness about 1mm. Sample surface was finished by #4000 SiC paper
followed by 3um diamond paste. All samples were washed ultrasonically in acetone prior to the oxidation test.
Isothermal oxidation test was performed at 800°C for up to 1000h in laboratory air by a horizontal furnace. Several
samples were also oxidized by means of a thermobalance.

In situ high-temperature XRD study was also conducted at the synchrotron facility, SPring-8. Evolution of the oxide scale
and changes of the lattice-spacing of oxides were observed during oxidation including a heating period. Cross-sections
of oxide scale after oxidation were characterized by EPMA, SEM and STEM.

Results and Discussion

Fig. 1 shows the oxidation kinetics of binary and ternary, Fig. 1(a) and quaternary, Fig. 1(b) alloys. Among ternary alloys,
Nb addition to the binary alloy reduced oxidation mass gain. 1V addition did not change the oxidation kinetics, but the
3V alloy oxidized faster than the binary alloy. From the oxidation kinetics of the quaternary alloys with both Nb and V,
Nb addition was found to be ineffective for reducing the detrimental effect of V addition for oxidation performance.
Fig. 2 shows the cross-sections of oxide scale formed alloys after 1000h of oxidation in air. The thickness of the oxide
scale formed on Ti-30Al-6Nb and Ti-30AI-5Nb-1V is similar. The oxide scale formed on those alloys consisted of TiO>,
Al203, and TiO: in this order from the surface. However, the outer TiO2 was thinner, but the inner TiO2 layer was slightly
thicker for Ti-30Al-5Nb-1V than those for Ti-30Al-6Nb. The oxide scale formed on -5Nb-3V was very thick and consisted
of a multilayered structure. TiN precipitates and a y-TiAl layer were developed on -6Nb alloy below the oxide scale, but
internal precipitates of Al203 were formed on the alloys with V addition. Because a protective Al.Os scale was not formed
on all alloys and the inner TiO2 layer became thicker with V addition. Oxidation kinetics of TiAl is considered to be
controlled by mainly the growth of the inner TiO: layer.

It is well-known that Nb decreases the growth rate of TiO2. This beneficial effect of Nb is explained to be due to “doping-
effect”. Dissolution of Nb** in TiO; (Ti**) decreases the concentration of oxygen vacancy, resulting in reducing inward
oxygen transport. However, V dissolution would also be possible in TiO2 as V**, which should reduce the growth kinetics
of TiO2.
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HT XRD analysis revealed that the lattice spacing of TiO2 formed after 30min of oxidation in air at 800°C increased with
increasing Nb contents in the alloy. The lattice-spacing of TiO, was also increased by V addition. The ionic radius of Nb>*
and V> is 0.78 and 0.68, respectively. Because the ionic radius of Ti** is 0.745, dissolution of Nb>* in TiO, expands the
lattice-spacing, while V°* decreases it. Thus, Nb dissolves into TiO; as Nb>*, reducing growth kinetics due to the decrease
in oxygen transport. However, V dissolves into TiO>, not as V°* but V3*, which has a larger ionic radius, 0.78, than Ti*.

Increased oxidation mass gain by V addition in Ti-30Al alloy would be caused by a higher concentration of oxygen
vacancy due to dissolving V3* ion.
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Fig. 1: Oxidation kinetics (a)ternary alloys and (b)quaternary alloys (c)

Fig. 2: Cross-sections after oxidation for 1000h in air at 800°C. (a) Ti30AI-6Nb, (b) Ti30AI-5Nb-1V, and (c) Ti30AI-5Nb-
3V
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Introduction

Titanium aluminides are already being used in aero engines as substitute for Ni-based alloys. The main benefit is a much
lower density than that of Ni-based alloys with a comparable strength. Due to the low oxidation resistance of Titanium
aluminides at temperatures above 800 °C [1] their application is limited for instance to low pressure turbines that
experience lower temperatures. In order to increase the service temperature, oxidation protection coatings are a
potential approach [2]. Al and Si based coatings produced by pack cementation [3, 4] already show promising results.
In the present work, Al-Si coatings were produced by PVD processes such as magnetron sputtering and Arc-PVD.
Compared to CVD processes the benefit of this technology is the possibility to obtain thinner coatings that are also more
resistant against thermal stresses. Additionally, current multi-source PVD systems allow a fine tuning of the composition
to achieve the required properties. Moreover, multilayer coatings can be created in which each layer is customized to
the requirements, for example as a combination of diffusion barrier and oxidation resistant layer. Regarding high
temperature application, a next step could be the deposition of a thermal barrier coating on the oxidation protection
coating which then will act as a bond coat as well. For this purpose, cooling holes are required which can be integrated
in additive manufactured TiAl parts. In contrast to thermal spraying, PVD technology will allow to deposit a coating
without blocking these holes.

Materials and Methods

y-TiAl was used as a substrate material. Small disks were manufactured with a diameter of 15 mm and a thickness of
1 mm. The specimens were vibratory polished to a roughness of less than Ra=0.1 um and cleaned ultrasonically with
ethanol before the coating process. Vibratory finishing was chosen since it is a commonly used process in industry which
allows polishing several parts with complex geometries at the same time. The coatings were produced with a multi-
source PVD system. In standard configuration the system is equipped with four magnetron sputter sources. One of these
sources can be changed into an Arc-PVD source. Two types of Al-Si coatings were produced with a target composition
of roughly 12 at.-% Si deposited by magnetron sputtering. The Al was deposited by Arc-PVD as well as by magnetron
sputtering. During sputtering no BIAS voltage was used. Two Arc-PVD processes were carried out, one without BIAS
voltage and the second one with a BIAS voltage of -100 V. A subsequent heat-treatment in vacuum was performed for
coatings produced without BIAS voltage to obtain the required phases. The coatings were evaluated using XRD, high
temperature XRD (HT-XRD), SEM with EDS, serial sectioning in a FIB-SEM and TEM. In order to assess the oxidation
behavior, isothermal oxidation tests were carried out in atmosphere at 850 °C for 300 h.

Results and Discussion

With magnetron sputtering, a crystalline coating is obtained even at a process temperature of 200 °C. The coating
consists of an Al matrix with Si grains. The HT-XRD analysis shows that after a heat-treatment of 10 h at 550 °C the
formation of the TiAls-phase is complete, initiated by diffusion of Ti from the substrate into the coating. After heat-
treatment the coating mainly consists of TiAls (Fig. 1a). Additionally, a Si rich area is detected in form of a thin layer at
the interface which is attributed most likely to TisSis. The function of the Ti-Si layer at the interface is yet to be
investigated. Presumably, it can act as a kind of diffusion barrier for Al. This can help to suppress the diffusion of Al from
the coating into the bulk material and thus the loss of oxidation protection. After isothermal oxidation the coating-
substrate interface is no longer clearly visible and different layers are formed (Fig. 2b). On top, a thin and dense oxide
scale consisting of alumina is grown, beneath a TisSiz matrix with TiAl. formed. The TisSis layer at the substrate-coating
interface expanded and shows TiAl, in-between as well. In the former bulk, the Ti content decreased and so an
enrichment of Al in the phases occurred as well. Altogether, these layers that are caused by inter-diffusion are thicker
than the initial Al-Si coating and the heat-treated formed zone. Thus, the coating can obviously withstand further
oxidation. Even if cracks occur inside the oxide scale, an oxidation protection is ensured due to the oxidation resistance
of the present phases.
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Coatings produced with Arc-PVD without BIAS voltage consist of an Al matrix with Si grains as well. However, due to the
higher temperature during the Arc-PVD process the Si grains are bigger than the ones obtained by magnetron
sputtering. After heat-treatment and subsequent oxidation, the microstructure and composition of the coating is
comparable to the magnetron sputtered coatings. Using a BIAS voltage of -100 V during the Arc-PVD process leads to a
diffusion zone in the coating exhibiting a pure Al top layer. The diffusion zone is comparable with the one obtained by
magnetron sputtering and heat-treatment. Diffusion occurred since the Arc-PVD produces a high density of ions which
leads to a high energy input. In oxidation tests, these coatings performed similar to the magnetron coatings. By using
Arc-PVD with BIAS voltage, a subsequent heat treatment is avoided. Therefore, Arc-PVD is a promising approach to
create thin Al-Si based oxidation protection coatings. Furthermore, the deposition rate is higher than magnetron
sputtering. Thus, shorter process times can be realized.

In summary, this work showed that the PVD route is very promising in order to produce Al-Si based oxidation protection
coatings for titanium aluminide components. The Al-12Si (in at.-%) coatings provide excellent oxidation behavior and
are promising candidates for an application as a bond coating for thermal barrier coating system.

Fig. 3: a) Coating after heat treatment (550 °C, 20 h) with enlarged area; b) Coating after isothermal oxidation in
atmosphere (850 °C, 300 h) with former coating-substrate interface (dashed line)
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Introduction

In the past few decades NiAl-based alloys have been of interest due to the high melting point, good oxidation resistance
and low density. However, NiAl has undesirable mechanical properties such as poor ductility and fracture toughness at
room temperature. Additionally, the creep resistance and the strength at high temperature are insufficient. To
overcome these problems, composite strengthening by Cr and Mo fiber reinforcement is applied.

The NiAl-(Cr, Mo) metal matrix composites exhibit high creep resistance. [1] However, as these alloys are intended for
high-temperature applications in turbines, where the materials are in contact with combustion gases, oxidative
corrosion processes are presumable. Study of oxidation of NiAl-(Cr, Mo) composites is of interest since unlike the stable
a-Al203 which is produced during oxidation of pure NiAl, Cr.0s and Mo oxides are unstable and volatile at high
temperature. So far, the oxidation behavior of these metal matrix composites have been studied only by a few groups.
(2, 3]

Materials and Methods

In this work, advanced computational thermodynamics in the materials systems NiAl-Cr—O, NiAl-Mo—0 and, NiAl—(Cr,
Mo)-0 are used together with oxidation experiments. The equimolar ratio of Ni: Al is the main focus.

In order to establish the thermodynamics of the relevant oxides and their equilibria with the metallic composites the
literature is evaluated for corresponding data, isothermal sections, isopleths, oxygen activity diagrams etc. Based on
these data, a thermodynamic database for the system NiAl—(Cr, Mo)-0 is assessed. This new dataset combines data for
pure elements and their corresponding binaries and ternaries. The database can be used to predict suitable operational
ranges (temperature and oxygen activity) for the metal matrix compounds in turbine applications.

The solution phases are modeled with sublattice model expressed in the compound energy formalism, while both
metallic liquid and oxide melts are described with the ionic two-sublattice model. Spinels within this system like Cr3Qa,
NiCr204 and NiAl204 are described using a four-sublattice model. Moreover, metastable oxides like y-Al.03 (with spinel
structure), 6-Al,03 and 6-Al;03, are included.

Experiments are performed to determine missing data for the relevant oxides. In order to investigate the oxidation
behavior of NiAl-Cr and NiAl-Mo interfaces, samples of arc-melted NiAl with embedded Cr and Mo are produced. Under
defined oxygen partial pressure the specimens are oxidized in a thermobalance at different temperatures.
Subsequently, the composition and the microstructure of the oxides formed at the surface are studied. Besides, by using
electron backscatter diffraction (EBSD) the interface of NiAl and the Cr phase is investigated. In addition, the oxidation
products are investigated also by X-ray diffraction (XRD) and scanning electron microscopy (SEM) equipped with energy
dispersive X-ray (EDX).

The provided database from this work is used in Thermo-Calc software to anticipate the phase diagrams, isopleths,
isothermal sections, heterogeneous phase reactions and thermodynamic functions.

Results and Discussion

When a NiAlI-Cr junction is exposed to high oxygen activities at high temperatures then an oxide scale forms on top of
the metals. The oxide consists of a continuous solid solution of Al203 and Cr.03 with corundum structure. The transport
properties of the mixed oxide change strongly with composition.

At high Cr-contents the diffusion of the metals as well as the diffusion of oxygen is quite fast while at high Al-contents
the diffusion of all species are much slower. This behaviour causes a relatively thick oxide layer to form over chromium,
which consists of almost pure Cr20s. This is shown with the yellow colour in figure 1. Over the NiAl matrix at a sufficient
distance from the junction, only a thin oxide scale is formed consisting of almost pure Al.0s which is shown with the
blue colour.

At the vicinity of the interface of NiAl and Cr, due to the faster diffusion in the high Cr-content region, Cr diffuses over
the Al203 and causes formation of an oxide layer in which the composition changes from almost pure Al2Os (blue) in
contact with the metal, to almost pure Cr203 (yellow) in contact with the gas. The Cr content in the oxide scale also
decreases as we go further away from the junction towards the NiAl.
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Fig. 1: EBSD image of NiAl-Cr interface with oxide layers at  Fig. 2: NiAl-Mo oxidized at 800°C in 0.13 bar Oz in Ar
the surface after oxidation at 1300°C in 0.13 bar Ozin Ar for  for 50 hours
50 hours.

Oxidation of NiAl-Mo composite is also investigated in this work. NiAl-Mo samples show a huge weight loss during
oxidation at 800°C, which is due to formation of volatile Mo oxides species. At this temperature, the Mo fibers are
severely attacked and evaporated under oxidizing conditions with high oxygen activities. The evaporation of the Mo
oxides led to formation of a hole in the specimen as shown in figure 2.
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Introduction

Iron aluminides are considered as a potential material to substitute e.g. stainless steels in high temperature and aqueous
environments due to their low material costs, low density, good wear resistance and favourable corrosion behaviour
[1-4]. The adverse ductility at room temperature of iron aluminides is still a major drawback, which has prevented the
commercial use [4]. Grain refinement during casting route may be a possible procedure to remove the mentioned
detriment. In the present work the influence of several potential additives on the high temperature oxidation behaviour
was investigated. The major focus is to understand and describe the oxidation mechanisms influenced by additives and
microstructural changes.

The oxidation experiments were performed by discontinuous thermogravimetric analysis (TGA) in air at 700 °C for 504
h. All examined iron aluminides show a beneficial oxidation resistance compared to a common martensitic steel.
Furthermore, the addition of TiB2 as well as ZrB: lead to an increased mass gain in respect to the base alloy Fe-25Al-
1.5Ta (at. %), which may be caused by a more pronounced selective oxidation of phases.

Materials and Methods

The casted iron aluminides examined in this investigation were provided by ACCESS e.V., Aachen, Germany as cylindrical
rods with a diameter of approximately 15 mm. Different additives (e.g. TiB2 or ZrB2) were added to the chosen base
material Fe-25Al-1.5Ta to investigate their influence on the high temperature oxidation behaviour. Additionally, the
martensitic stainless steel X10CrWMoVNb9-2 (1.4901) was selected as a reference material.

To characterise the iron aluminide material and oxidised samples, various methods were performed including light
optical microscopy (LOM), X-ray diffraction (XRD), scanning electron microscopy (SEM) and energy dispersive X-ray
spectrometry (EDS).

Specimens with dimension (9 mm x 9 mm x 3 mm) were cut from rods, ground to 1200 grit and ultrasonically cleaned
in ethanol. Subsequently, the surface area was determined by stereomicroscopy. Discontinuous high temperature
oxidation experiments were performed in air in a chamber furnace at 700 °C for approximately 504 h. The TGA samples,
which were placed inside an alumina crucible to collect potential spallation, were extracted at various times and cooled
for 30 min in air to room temperature. Weighing was performed by a semi-micro balance with a precision of 10° g.

Results and Discussion

The high temperature oxidation behaviour was investigated by TGA to compare the mass change of different alloys.
Those data revealed an increased mass gain by the addition of TiB2 and even more severe by the addition of ZrB>
compared to the base alloy Fe-25Al-1.5Ta. However, the mass gain of all examined iron aluminides were less
pronounced compared to X10CrWMoVNb9-2.

X-ray diffractograms and EDS analysis of SEM top view and cross section images indicate the formation of Fez03, Al203
and Ta20s after the performed oxidation experiments, which were also observed during oxidation of Fe-25Al-2Ta [5].
Iron rich oxides grew mainly at grain boundaries where Fe>Ta Laves-Phases were present while the formation of an Al-
rich scale was found on the FeAl DOs substrate (Fig. 1 a)). Its equiaxed morphology [6] and the detected XRD spectra
suggest the development of a hexagonal a-Al20s structure. Its formation is assumed to relate to a proposed template
effect based on the presence of Fe20s during the initial oxidation stage [6]. To clarify, if metastable alumina were formed
besides a proposed stable corundum structure [7], further TEM investigations are underway.

TiB2 additions led to a more pronounced agglomeration of Fe.Ta Laves-Phases inside grains. SEM top view and cross
section images confirmed the growth of iron rich oxides on top of those Laves-Phases (Fig.1 b)). Furthermore, a mixed
oxide was formed underneath Fe-rich oxides, which possibly promoted cracking of oxides and resulted in a facilitated
ingress of oxygen. When zirconium diborides were added, zirconium rich oxides were additionally formed (Fig.1 c)). The
development of deeper oxide protrusions could be promoted due to the high oxygen affinity of zirconium. Aluminium
rich oxides were formed in between oxidised phases and FeAl matrix, which could be related to the preferred transport
of oxygen along interfaces [8] and selective oxidation of Al. These phenomena may explain the increased mass gain
compared to Fe-25Al-1.5Ta.
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Fig. 1: SEM-BSE top view images after discontinuous oxidation in air at 700 °C for 504 h of a) Fe-25AIl-1.5Ta b) Fe-
25AI-1.5Ta+TiBz and c) Fe-25Al-1.5Ta+ZrB>
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Introduction

Iron aluminides, i.e. alloys based on the intermetallic phases FesAl and FeAl, have currently again become of interest for
a variety of applications [1]. Based on novel alloy concepts for iron aluminides, alloys with improved strength and
acceptable ductility have been developed. Besides better oxidation and wear resistance and lower density, it is their
lower price which makes them an attractive alternative to 9-12 wt.% Cr steels or to Ni- and Co-based superalloys. Though
their corrosion behavior is in general considered as good, it may vary considerably within different aggressive
environments. E.g. for aqueous corrosion, specifically under acidic conditions, the corrosion resistance is only mediocre,
comparable to that of castiron. To improve the wet corrosion resistance, formation of a thin oxide scale by pre-oxidation
has been investigated. However, results were conflicting, as some reports found an improved corrosion resistance [2]
while others saw no beneficial effect [3, 4]. Within a systematic investigation of the wet corrosion behavior of Fe—Al
alloys also the effect of pre-oxidation has been investigated [5]. As it was found to substantially increase the aqueous
corrosion resistance, a detailed investigation of the protective oxide scale has been performed.

Materials and Methods

Fe-25Al (in at.%) has been produced by induction melting. By X-ray diffraction (XRD) it was confirmed that the alloy is
D0s-ordered, i.e. FesAl. Slices of the alloy were cut by electrical discharge machining, ground to P4000 and degreased
before oxidizing in air at 1000 °C for 188 h. Aqueous corrosion was performed in sulphuric acid (H2S04; 0.0126 M). To
test the stability against the electrolyte, the sample was immersed for 308 h before the open circuit potential (OCP) and
potentiodynamic polarization curves were determined [5].

The oxide scale before and after aqueous corrosion testing was initially characterized by grazing incident XRD and
scanning electron microscopy (SEM) [5]. To investigate possible alterations of the scale after aqueous corrosion testing
in detail, a cross section of the scale was observed by transmission electron microscopy (TEM). The bulk sample was
pre-coated with Pt to protect the sample surface, and an electron-transparent lamella was prepared by site-specific
focused ion beam (FIB) lift-out by dual-beam SEM. Cs corrected TEM and scanning TEM (STEM) investigations were
carried out at 300 keV using a high-resolution CMOS camera for conventional TEM imaging, and a high angle annular
dark field detector (HAADF) for STEM imaging. STEM elemental maps were recorded by energy dispersive spectroscopy
(EDS).

Results and Discussion

After pre-oxidation, a dense and well adherent oxide scale formed. While the main constituent of the scale was a-Al.03
(alumina), traces of spinel-type FeAl.0s (hercynite) were also detected by GI-XRD [5]. Comparison of the
potentiodynamic polarization curves of Fe-25Al without prior oxidation treatment showed that pre-oxidation
substantially improved the aqueous corrosion behavior. The oxide scale is still protective after prior immersion and
indication was found that re-passivation occurred in case of failure at small defects [5].

By selected area diffraction (SAD) in the TEM, the phases that form the matrix (FesAl) and the oxide scale (a-Al.Os,
FeAl>04) were confirmed. The overall thickness of the scale is about 2 um. It consists of two distinct layers of about
equal thickness. The upper layer is formed by euhedral, randomly oriented alumina and hercynite grains. The alumina
grains have a size of about 200 nm while the hercynite grains are somewhat smaller. The lower layer is formed by
elongated alumina grains. These grains have preferentially grown along the c direction, forming pillars vertical to the
Fe—Al matrix. EDS revealed that the alumina grains at the top of each layer contain a traceable amount of Fe, as has
been shown for Fe-28Al oxidized at 1000 °C [6]. A few pits have formed during corrosion testing. However, they are
only observed at hercynite grains.

An outer layer containing a mixture of iron oxides or spinel and Al203 and an inner layer of pure Al.Os are frequently
observed as scales on oxidized iron aluminides [7, 8]. In the initial stages of oxidation of Fe—Al, an iron oxide and Al>Os
are growing concurrently. Later on hercynite forms and together with Al2Os it forms a layer which blocks the outward
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Fig. 1: a) bright-field TEM micrograph of alumina scale cross-section, with superimposed EDS Fe Ka map; dotted line
marks the pillar-grain transition zone. Small red square in central right part is enlarged in b), unravelling pure matrix-
alumina contact without exsolutions or intermediate phases.

sputtered Pt

diffusion of Fe?* [9]. Finally, underneath this layer a continuous Al,Os layer forms, which is dense and protective. The
actual kinetics of the scale formation depends on the Al content of the alloy, temperature, partial Oz pressure etc., and
on metastable modifications of Al.Os (y, 6...), which form in the initial stages of oxidation [10]. In the present case only
a-Al203 is observed, i.e. temperature and time were sufficient that the metastable modifications transformed
completely to stable alumina.

While in the initial stages of scale formation there may be a thin (5 nm) intermediate layer of metastable Al.Os between
the Fe—Al matrix and alumina [8], such a layer is not observed in the present case. The columnar alumina apparently
grows into the FesAl matrix, thereby developing low-indexed Wulff facets, which additionally improve adhesion
between oxide and matrix. When the sample is cooled down after oxidation, compressive stresses develop within the
scale [11]. These stresses, which compress the grain boundaries of the alumina pillars, may be essential for the excellent
wet corrosion behavior. As the corrosion is expected to progress mainly along the grain boundaries, the change of
microstructure and chemical segregation between a randomly-oriented top layer and the underlying columnar layer
can additionally protect the matrix by a combination of reduced permeability via grain boundaries, and improved
corrosion resistance of high-purity underlying alumina pillars.
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High temperature supercritical CO> compatibility of intermetallics and cermets

Bruce A. Pint
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In both open and closed supercritical CO2 (sCOz2) cycles, there is interest in exploring the maximum temperatures
possible for materials, particularly above 750°C. As an initial assessment of potential candidate materials, several Fe-
and Ni-based aluminides were exposed at 750°C/300 bar in high purity CO2. Specimens of FesAl and NizAl performed
poorly after 500 h, while better results were obtained for FeAl and NiAl specimens. To explore the highest temperature
concepts, screening experiments are being conducted at 1200°C in 1 and 20 bar CO2 (subcritical). Cermets have been
suggested as possible candidates. However, it is not surprising that Mo and W specimens performed poorly under these
conditions, exhibiting high mass losses after only 20-40 h. Even FeCrAl compositions were heavily attacked after <100
h and no metallic specimens have been exposed for longer than 100 h. The only candidates being evaluated at 1200°C
beyond 100 h are SiC and MoSi.. Similar testing will be conducted at 1000°C for comparison. Research sponsored by
the US Department of Energy, Office of Fossil Energy.
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Precision casting is arguably the most cost effective processing route for gamma TiAl as far as components of complex
shapes are concerned. To ensure service performance the castings normally should have nearly fully lamellar
microstructure with uniform, fine colonies. Boron addition into TiAl alloys was found to be very effective in achieving
this goal by forming spherical or short bar boride particles that limit grain growth, but the strategy fails when the boride
is present in the shape of long, curved ribbons. Our detailed experimental investigations showed that the formation of
ribbon shaped boride is strongly dependent on the cooling rate during solidification. Composition of the alloy, including
contents of B, Al, and Nb, also plays a role. Examples will be given of borides formed in cast 4522XD and TNM alloys and
some differences in the formation mechanism of the borides can be attributed to the different levels of Nb content in
the two alloys. We then established a model that accounts for the mechanisms of the formation of ribbon boride and
the influences of the various factors mentioned above. In this talk, the main results of the work will be presented.
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Introduction

Innovation of structural materials is urgently being required for contribution to worldwide issues on energy and
environment, and high performance jet engine development with higher thrust-to-weight ratio is one of them, since
more than 42,000 new airplanes are to be produced by 2037 [1]. Titanium aluminides based on y-TiAl are one of the
materials to be further developed. Currently a cast TiAl alloy of Ti-48AI-2Nb-2Cr (at.%) and a wrought TiAl alloy Ti-43.5Al-
4Nb-1Mo-0.1B (TNM) are being applied commercially to low pressure turbine (LPT) blades for jet engines, although the
possibility of the wrought alloy development using 3-Ti phase was originally proposed by our group [2]. From this kind
of circumstance, in Japan a five-year National project of “Structural Materials for Innovation (SM*)” in Cross-ministerial
Strategic Innovation Promotion Program (SIP) was started in 2014 [3], and challenging R&D activities on innovative
structural TiAl alloys aiming at LPT and high-pressure compressor (HPC) blades for jet engines have been placed in this
project, where Tokyo Tech is committed to as a technical leader and takes responsibility for the alloy design in
collaboration with Hokkaido Univ. and industries (Kobe Steel, Ltd. and IHI Co.). Hokkaido University studied the oxidation
behavior of the alloys proposed. Kobe Steel is in charge of casting and recycling process technologies, and IHl is in charge
of the blade fabrication and forming process technologies for the proposed alloys. In this presentation, since we have
successfully developed novel wrought alloys, our design principle/approach as well as the importance of 3 phase for
improvement of mechanical properties are introduced.

Design Principle
Figure 1 shows a microstructure design principle for wrought TiAl alloys with superior mechanical properties. Addition
of B-Ti stabilizing transition elements M to Ti-Al binary system has already been known to form a three-phase coexisting
region of B-Ti/a-Ti (o2-TisAl)/y-TiAl phases, and the region shifts toward the binary edge with decreasing temperature
in any ternary systems. Note that the change in o. to o2 phase is not a “second-order” transformation but a “first-order”
transformation through either a ternary transition
peritectoid reaction (B+a—02+y) or ternary
eutectoid reaction (a—p+a2+y), depending on M.
Such a movement of the three-phase coexisting
region creates a unique transformation pathway of
B+o—o—02+y—P+y, which makes it possible to
develop wrought alloys. In order to design superior
wrought alloys with high toughness, we extend the
ternary knowledge to Ti-Al-Mi-M2 quaternary
(multi-component) systems, to identify the
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general, an equivalency concept is commonly MM, +M,
used for multi-component alloy design, and in
case of the quaternary system, M1 equivalency of
Mz, km1/m2=Xm1/Xm2, can be estimated from each
ternary system where X is the critical concen-
tration of M element beyond which 3 phase
appears at given temperatures. Then, you can convert the multi-component systems to a ternary system of Ti-Al-M1°9.
However, the equivalency does not work for TiAl alloy systems even though the two elements are in the same group of
the periodic table. The combined additions considerably stabilize the 3 phase, especially in case that the concentration
ratio of the two M elements (M1/M>) is nearly equal to unity, indicating that the negative interaction between the two
elements has to be taken into account in calculation. Note that the similar behavior is observe in any combinations of
eligible M elements. Therefore, in order to design the wrought alloys in multi-component systems with the unique
transformation pathway, following the three factors in order are important in calculation of the phase diagrams: (1)

Fig. 1 Flow of the design principle for novel wrought TiAl alloys
based on calculated phase diagrams in Ti-Al-M1-M2 quaternary
systems using our thermodynamic database.
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aluminum concentration dependence, (2) temperature dependence, (3) M1 and Mz concentration ratio dependence,
since all these factors strongly influence the high and low temperature 3 phase regions. Figure 2 shows an example for
a vertical section in the quaternary system. The experimental diagram is in good agreement with the one calculated
using our thermodynamic DB (Figs. 2 (a) and (b)) in the position of the unique phase transformation pathway (the
dotted line), but obviously not with the one calculated using the existing DB [4] (Fig. 2 (c)). The high temperature 3
phase existing above the a single

phase region is effective for hot

forging process, and the volume of 177

20 % at forging temperatures makes -
it possible to hot forged the sample

. x 1573
by one stroke with a true =
compressive strain of more than 1.2 % 1473 :
at strain rate of 10/s, fast enough to ?g 1373 B
prevent heat transfer from a small E mller - /4/
piece of sample such as HPC blade = o:fta .
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[ phase after the forging can be 1073 ! Lig |
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ph?;e transformlatlon alocr;dg't.the Fig. 2 Vertical sections in Ti-Al-M1-M2 quaternary system at a fixed Al
pathway. n addition,

concentration: (a) experimentally determined, (b) calculated based on our

thermodynamically stable B phase DB, (c) calculated based on existing DB [4]

existing below the o single phase

region can be used to control the

microstructure. In general, the existence of the 3 phase is blindly believed to be detrimental for mechanical properties.
However, this is not always true. The ductility and fatigue crack growth resistance at room temperature as well as creep
life to 1% strain at 1073 K can be improved by using the 3 phase and even better than those of the existing alloys [5,6].
The detailed properties and the mechanism for the improvement will be discussed. This study was carried under the
research project of SIP in JST (Japan Science and Technology Agency).
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Introduction

Although metal matrix composites for the high temperature structural material have been investigated extensively>?,
applications of MMC have been limited. Among many combinations between the ceramic fibers and matrix materials,
combination of SiC fiber and TiAl based intermetallic compounds has been expected to be one of the best combination
since both SiC fiber and TiAl show the heat resistance and low density. Lack of the affordability of TiAl sheet has been
inhibited the development of the TiAl base composites. Among several approaches?%, SiC fiber reinforced TiAl has been
successfully fabricated in 1997° by present authors group. However, investigation has not been hardly found to follow
the results of our SiC/TiAl composites. In this study, the fabrication conditions of SiC fiber and TiAl sheet using the hot
press in a vacuum have been investigated®. The purpose of this research is to understand the relationships between
process conditions and mechanical properties of SiC/TiAl composites. Furthermore the reaction layers between fiber
and TiAl matrix have been analysed in detail. Results would lead to establish the most appropriate fabrication condition
of composite.

Materials and Methods

TiAl ingots were remelted by the plasma arc melting (PAM) facility. Then they received HIP process at 1323K for
homogenizing treatment in order to eliminate casting defects. Ingots were compressed up to 80% deformation at 1473K,
in a vacuum atmosphere to get fine microstructure which shows a superplastic deformation capability above 1473K.
The sheets of y-TiAl specimens whose thickness were 0.2mm were cut by the diamond multi wire saw machine. Using
a specially designed jig, five TiAl sheets (20x20x0.2mm?3) and properly chopped SiC fibers were laminated in layer by
layer as shown in Fig.1. Unidirectional compression on the preform were carried out by means of the hot press facility
at various temperatures in a vacuum. After the preform was set in the chamber, temperature was raised with heating
rate 15K/min, and kept for 40min. Preform was hot pressed under the condition of 7.0-8.0MPa for 10min. SiC/TiAl
specimens were cut from composites perpendicular to the fiber direction by the diamond wheel saw, and then polished
by diamond powder. Cross section of the specimens were observed by SEM-EDS operated at 15keV. Micro- indentation
apparatus has been utilized to evaluate the pull out strength of matrixTiAl and a SiC fiber. Mechanical properties of
unidirectional composite specimens (7.5x20.4x0.9mm?3) have been examined by three point bending tests at room
temperature.

Results and Discussion

Determination of an adequate hot press condition for SiC/TiAl composite is the most important purpose of this study.
The volume fraction of fiber in matrix is examined from the cross-section of SEM photographs. Based on the SEM
observations, composites of 1473, 1498 and 1523K are well deformed and show relatively good interfaces. Matrix TiAl
has deformed significantly around the fibers and the initial TiAl sheets have bonded together perfectly as like a bulk TiAl
specimen. The thickness of reaction layers between SiC fiber and TiAl matrix has been strongly affected on the hot press
temperatures. Optimum conditions of consolidation have been determined as following: pressure is 8.0 MPa,
temperature is 1498K.

Mechanical properties of SiC/TiAl have been evaluated by means of the three points bending test using strain gauge
attached on the bottom side of the specimen. Specimen (8.0 MPa, 1498K) whose fiber volume fraction was 8.0% shows
bending strength of 290MPa and strain of 0.15%, respectively. Based on the three points bending data, elastic modulus
for fiber direction would be calculated. Elastic constant of fiber direction is 193GPa. Youngs modulus of fiber is 400-
415GPa and its matrix TiAl is 164GPa respectively, therefore, ideal elastic constants would be 182-184GPa according to
apply the law of mixture. It is demonstrated that this SiC/TiAl composite material shows excellent elastic properties.

In order to examine the pull out strength of SiC fiber quantitatively, micro-indentation on a single fiber were carried
out. Figure 2 shows an observation of SiC fiber pull out after micro-indentation, arrow in Fig.2 is indicating the scar of
the diamond. Load cell placed under the specimen has monitored the received force during indentation. At the top, the
force reached to 8.8N. The area of interface was 1.4 x 10?2 m? (specimen thickness 0.10mm, SiC fiber diameter
0.133mm). Estimated pull out strength was 202MPa, that is reasonable values since tensile strength of TiAl matrix was
505MPa and the maximum shear stress would be the half of tensile strength. Reaction layers and the interface between
SiC fiber and TiAl have been analyzed by SEM-EDS and XRD. At least two or more reaction layers have been formed.
These reaction layers can be explained based on the Si-Ti-C ternary equilibrium phase diagram at 1373K”.
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Summary

SiC fiber reinforced TiAl composites have been successfully fabricated using hot press method. Optimum temperature
and pressure have been determined. SiC/TiAl composite having relatively low fiber volume fraction shows nearly an
ideal elastic property applying the law of mixture. Effects of interface layers on the mechanical properties of composites
have been discussed.

O NO e o )o o) o

Fig. 1 Schematic drawing of SiC/TiAl arrangement Fig. 2 Observation of SiC fiber pull out after indentation
and preform by diamond pyramid
References

[1] W.W.Macy, M.A.Shea, R.Perez, R.E.Newcomer and D.L.Morris , Aerospace Eng. 1990,17-21

[2] T.M.F.Ronald ,Advanced Materials & Processes,1989, 29-37

[3] C.G.Rhode,Intermetallic Matrix Composites Il, MRS Symposium Proc. Eds. D.B.Miracle, D.L.Anton and J.A.Graves,
1992, 273, pp.17-29

[4] S.Djanarthany, J.C.Viala and J. Bouix, Materials Science and Engineering, 2001,300(A), 211-217

[5] H.Nakatan, M.Imuta, Y.Shimada, Y.Mizuhara and K.Hashimoto, Materia, 1998, 37,4, 277-279.

[6] K.Hashimoto, T.Ando, H.Kato and R.Kono, PRICM9 Eds.by T.Furuhara, M.Nishida and S.Miura, The Japan Institute
of Metals and Materials, 2016, 239-242

[71 J.J. Wakelkamp, F. J. J. van Loo, and R. Metselaar ,"Phase Relations in the Ti—Si—C System,”” J. Euro. Ceram. Soc.,
1991, 8,3,135-139

77



ORAL ABSTRACTS e SESSION e TITANIUM ALUMINIDES |

O-TA-03
Influence of C on the relaxation process and the diffusion of Ti in
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Introduction

In the last decades there has been a growing interest in developing new intermetallic families, which would be able to
improve the specific performances of superalloys at high temperature, and the Ti-Al-Nb-Mo family, called TNM, was
developed to fulfill the required performances. In particular, the creep resistance should be improved and consequently
the study of the diffusion mechanisms and the associated relaxation processes becomes very useful to get a deep
understanding of the physics involved during creep. Previous works on several y-TiAl alloys show a relaxation process
associated to the diffusion of Ti in the a2 phase [1,2], as well as an internal friction at high temperature, which is
associated to the creep behavior [3]. At present, new generation of y-TiAl, called TNM", is being developed to improve
the creep resistance by microalloying with C and Si through the formation of different precipitates [3]. However, C atoms
in solid solution could have a secondary effect on creep resistance by slowing down the diffusion of Ti in the constitutive
phases. The aim of the present work is to study the relaxation process associated to the Ti diffusion in o2 phase in several
alloys with different amounts of Cin solid solution, in order to evaluate its potential influence on such relaxation process.

Materials and Methods

Several y-TiAl alloys were investigated, the TNM alloy, and two alloys based on the TNM concept. The second alloy is an
experimental C-rich alloy whose chemical composition is Ti-43Al-4Nb-1.5Mo0-0.1B-0.5C. And the third alloy was named
TNM* and is refined with nominal additions of 0.3 at% C and 0.3 at% Si, with chemical composition Ti-43.3Al-4.02Nb-
0.96M0-0.12B-0.34C-0.31Si. These alloys were processed by plasma arc melting, subsequent casting and a further hot
isostatic pressing at 12002C and 200 MPa for 4 h. Internal friction measurements were performed in a mechanical
spectrometer working in torsion and in sub-resonant mode, between 3002C and 9509C, at different frequencies from 2
Hz to 0.01 Hz.

Results and Discussion

In Figure 1, the internal friction spectra measured at different frequencies as a function of temperature are plotted for
the C-rich alloy. A relaxation peak appears in between 900 K and 1150 K, depending on frequency, superimposed to a
high temperature background of the internal friction. From previous results [1,2] we know that this peak is associated
to the diffusion of Ti in the a2 phase and we will denote as P(a2). From these results, the Arrhenius diagram
corresponding to this relaxation peak can be obtained, and is plotted in Figure 2, allowing to measure the activation
energy of Eact = 3.4 eV, which is much higher than the one measured for the same relaxation peak in the TNM alloy in
which C is not present. Similar studies and analysis have been performed in all alloys and in different microstructural
conditions. The details of the experimental results are given in reference [4] and will be published soon [5]. From these
results it becomes evident that the presence of Cin solid solution in the phase .2, increases the activation energy of the
relaxation peak P(a2) and consequently the C atoms increase the activation energy for the diffusion of Ti in this phase,
slowing down the diffusion processes. The analysis of this phenomenon, in alloys with different amount of C, allows us
to quantify the influence of C on the diffusion of Ti in a2 phase. An atomistic model is proposed to give account of the
interaction between C in solid solution and Ti atoms during the short distance diffusion process involved in the internal
friction experiments.

Conclusion

The influence of C in solid solution on the short distance diffusion of Ti in the a2 phase has been evidenced in several y-
TiAl intermetallics. The analysis of the internal friction spectra has allowed quantifying such influence, in which the C
atoms slow down the short distance diffusion of Ti in a2. An atomistic model is proposed to explain the potential
involved mechanism responsible for this phenomenon.
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1100 K is denoted P(a.2).
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Introduction

Lightweight y-based TiAl alloys were recently successfully introduced into civil aero engines as a structural blade
material to partially replace the twice as heavy nickel-based superalloys [1]. For nickel-based blades, repair processes
including welding and brazing are well established in order to reuse the blades and extend their life cycle, as well as to
reduce material use and costs. Those processes are particularly suitable for repairing damaged or worn blade parts, but
have not been commercially applied for y-based TiAl blades. In the current work two commercially used y-TiAl alloys
[2] Ti-48Al-2Nb-2Cr and Ti-43.5AI-4Nb-1Mo0-0.2B (all compositions in at.%) were investigated with regard to repair
processes. In particular, diffusion bonding has been investigated as a possible repair process for damaged or worn y-
based TiAl parts. The microstructure developed during the bonding process and the corresponding mechanical
properties have been determined. By optimising the parameters of diffusion, it was possible to reach tensile strength
and ductility in diffusion bonded samples that were comparable to the base material.

Materials and Methods

The Ti-48Al-2Nb-2Cr alloy (4822) was produced by casting followed by hot isostatic pressing, while the Ti-43.5Al-4Nb-
1Mo-0.2B alloy (TNM) was produced by casting followed by hot isostatic pressing and forging. All diffusion bonding
experiments were performed in a modified MTS 810 servohydraulic testing machine. Diffusion bonding was performed
under vacuum at four different temperatures below the y-solvus temperature using three different compressive stress
levels that were below the yield stress. Additionally, in-situ high-energy diffraction experiments were performed at the
Helmholtz-Zentrum Geesthacht run High-Energy Materials Science beam line P07 at the Deutsches Elektronen-
Synchrotron Hamburg [3]. A modified quenching and deformation dilatometer, DIL 805A/D from TA instruments,
combined with a PerkinElmer 1621 flat panel detector were used to simulate the diffusion bonding process in-situ. A
photon energy of 100 keV (A = 0.1240 A) with a beam size of 0.1 x 0.5 mm? was used to scan over the bonding zone in a
stepwise manner. Diffraction patterns were analyzed using Fit2D software [4] and MAUD [5]. Scanning electron
microscope investigations (SEM) were performed using a Zeiss Gemini using back-scattered electron contrast (BSE).

Results and Discussion

Diffusion bonding was not successful at temperatures below 1000 °C for either alloy. At higher temperatures above
1000 °C, in both alloys sound joints could be produced. The TNM alloy showed changes in the substrate microstructure
(e.g. lamellar coarsening) after bonding at higher temperatures. In contrast, there seem to be no significant
microstructural changes in the substrate of the cast 4822 alloy, except for some grain growth at and across the joint.
The number and size of these grains increased with increasing bonding temperature. To investigate the influence of the
process parameters on the mechanical properties, two sets of bonding parameters were chosen and tensile test
specimens were produced from bonded cylinders. The tensile tests were carried out at room temperature, 650 °C and
750 °C. The Young’s modulus of the bonded specimens was equal to the reference material at each testing temperature.
For the TNM alloy, the samples bonded at lower stresses showed higher yield stresses. Nevertheless all bonded
specimens reached similar fracture stresses as the specimens from the reference material. The bonded 4822 samples
showed a wider distribution of properties. The samples bonded at higher temperatures exhibiting higher plastic strains.
Furthermore, it was found that TNM samples tended to break in the diffusion joint zone during room and high
temperature tensile tests. While 4822 specimens tested at room temperature, tend to brake within the substrate
material and samples tested at high temperatures failed in the joint zone.

We were able to show that diffusion bonding is possible for both the TNM and 4822 alloys without significantly changing
the microstructure. Additionally the bonded specimens showed mechanical properties that were comparable to the
non-bonded reference specimens.
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Introduction

In recent years, the demand for innovative high-temperature lightweight structural materials has become increasingly
important, especially in relation to current issues of energy and environmental politics, since the rapidly expanding
global economic network and the increasing mobility are an emerging problem with regard to energy consumption and
environmental degradation. The air traffic alone holds a share of about 3.5% of the human-induced climate change and
is expected to grow steadily over the next years. In this context, new programs are launched worldwide on a political
and scientific / technical level to reduce aviation as well as automobile emissions. In particular, the regulations of the
European Union prescribe strict stipulations regarding the permitted emissions from aero- and combustion engines.
Apart from reducing harmful greenhouse gases (CO2, NOx), the focus lies also on a noticeable decline of noise. Thus,
future generations of aircraft and automotive engines must be designed in such a way that they meet the
abovementioned requirements, together with reduced fuel consumption and maintenance costs. Aside from new and
improved design concepts, the use of innovative high-temperature lightweight structural materials, such as
intermetallic y-TiAl based alloys, plays a key role [1].

Due to their attractive properties, such as a low density (3.9 - 4.2 g-cm3, depending on composition and constitution),
high specific yield strength and stiffness (Fig. 1), creep resistance up to about 800°C in addition to good oxidation and
burn resistance, intermetallic titanium aluminides based on the y-TiAl phase meet the demands as structural high-
temperature lightweight materials in the aircraft and automotive industry, as turbine blades of aero-engines,
turbocharger turbine wheels of automotive diesel engines and high-performance valves for the application in racing
cars, where they have been envisaged to replace heavier Ni- and Ti-based alloys particularly in the temperature range
of 600°C to 800°C [2,3].
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Fig. 1: a) 0.2% specific yield strength and b) specific Young’s modulus as a function of temperature of selected structural
materials in comparison with intermetallic y-TiAl based alloys. The area in red represents data obtained for TNM alloys
with different microstructures [2,3].

Since binary titanium aluminides do not meet the required properties for application, y-TiAl based alloys are modified
with transition metal alloying elements, such as Nb, Mo, Cr, or W. The resultant benefits are the improvement of the
mechanical properties, the oxidation resistance and the possible adjustment of phase fractions and phase
transformation mechanisms that enable, for instance, the application of particular processing routes, such as casting,
hot forging and additive manufacturing (AM), or the adjustment of tailored microstructures by means of smart heat
treatments [4,5].
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Alloy Design Strategy for Advanced Titanium Aluminides

A representative of such an advanced intermetallic y-TiAl based alloy is the so-called TNM alloy with a nominal chemical
composition of Ti-43.5Al-4Nb-1Mo-0.1B (at.%), which was developed by the working group on “Phase Transformations
and High-Temperature Materials” at the Department of Materials Science, Montanuniversitdt Leoben, using state-of-
the-art experimental methods and theoretical approaches in cooperation with European as well as international
universities, research facilities and industries. The name TNM corresponds to an acronym according to the alloying
elements (T stands for TiAl, N for Nb and M for Mo) [3,6]. In particular, the alloy design has a beneficial effect on the
solidification pathway (L > L+ B - B = ...) and hot deformation behavior and, subsequently, on microstructure and
material properties due to an enhanced microstructural homogeneity, a weak casting texture, minor segregations, and
a refined microstructure [7]. Finally, post-forging multi-step heat treatments ensure an improved chemical and
microstructural homogeneity, along with increased room temperature (RT) ductility and creep strength at elevated
temperatures [2].

The aim of this presentation is to summarize the particular development achievements of the novel intermetallic B-
solidifying y-TiAl based TNM alloy from fundamental research to application. For the alloy design a profound knowledge
of the thermodynamics and kinetics of occurring phase transformations depending on chemical composition is an
essential prerequisite. Thus, thermodynamic calculations, such as those obtained by the CALPHAD (CALculation of
PHAse Diagrams) method, have been applied to predict phase diagrams of the multi-component alloying system
together with first-principles calculations to study the preferential site occupation of the selected alloying elements. As
the commercial TiAl database developed by Saunders [8] was unreliable in predicting phase fractions as a function of
temperature because of the high proportion of B-stabilizing elements, the existing database was modified with the aid
of concomitant experimental studies, such as in situ diffraction techniques employing synchrotron radiation and
neutrons. The relationship between microstructure and engineering properties for high-temperature application is also
the topic of discussion, where the microstructural features were analyzed by means of high-resolution characterization
techniques, such as transmission electron microscopy (TEM) and atom probe tomography (APT), leading to the
determination of a two-step heat treatment for the adjustment of the final microstructure with balanced mechanical
properties. A short summary and outlook follows at the end of the presentation, wherein the alloy design is shown for
a creep-improved so-called TNM* alloy, which exhibits small additions of C and Si to further enhance the high-
temperature capability [9].
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TCTI2 — an updated thermodynamic database for multicomponent Ti- and TiAl-based alloys
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Introduction

CALPHAD (CALculation of PHAse Diagrams) has played an important role in alloy design and process optimization for
decades. The quality of CALPHAD simulations by large depends on the accuracy of the database being used. This work
updates a thermodynamic database (TCTI2) within a 27-element framework (Ag-Al-B-C-Co-Cr-Fe-H-Hf-Mn-Mo-N-Nb-Ni-
O-Pd-Pt-Re-Ru-Si-Sn-Ta-Ti-V-W-Y-Zr). It consists of 269 assessed binary systems and 95 assessed Ti-containing ternary
systems. Calculations with TCTI2 help to understand phase equilibria, phase transformation and microstructure
evolution in titanium alloys and thus to accelerate the material design. TCTI2, together with its compatible mobility
database MOBTI3, can be also used for simulating diffusion-controlled phase transformation and precipitation kinetics.
This database is expected to efficiently support further development of Ti- and TiAl-based alloys with a reduction of
costly trial and error experiments.

Database overview

The TCTI2 database has been developed in a systematic way in order to cope with the complexity in the phase relations
and phase transformations in titanium alloys. Based on an extensive crystallographic investigation of all solid phases,
the phases having the same crystal structure are generally modelled as one phase, unless they are tactically treated as
two groups according to the major constituents in certain cases. Appropriate thermodynamic models are selected and
used for different types of phases. The common solution phases (liquid, Bcc_A2 (BTi) and Hcp_A3 (aTi and a’)) are
modelled as substitutional solutions [1]. Most intermetallic compounds and their solutions, such as a» phase
(AlTis_D019), y phase (AITi_L1lo) and wo-TisAlsNb phase (B82_omega) are described with sublattice models [1]. The
ordered B2 phase is modeled with the so-called partition model [2,3] in conjunction with its disordered counterpart,
Bcc_A2.

All necessary volume data (including molar volume and thermal expansion) have been assessed with the implemented
model [4,5] for most solution phases and intermetallic phases in TCTI2. This enables one to calculate volume fraction of
phases, density and thermal expansivity, as well as lattice parameters for cubic structures using Thermo-Calc.

Applications

Typical calculated examples for various properties in titanium alloys are presented in this work with the emphasis on
validation against experimental observations in multi-component commercial alloys.

A central point for thermomechanical treatment of conventional Ti-alloys is the B-transus temperature which is of
critical importance to alloy design. A comparison between observed and calculated B-transus temperatures is made for
a wide variety of typical commercial Ti-alloys and is shown in Fig. 1. The dash lines indicate an uncertainty of +20 °C.
Thermophysical properties, such as density, enthalpy (Hr-H29s), thermal expansion, etc., are normally required as input
for process (casting, welding) simulations. A major achievement of TCTI2 is that such data can be readily calculated for
different alloys from room temperature into the liquid state, which is of vital importance for process simulation but
difficult to measure or otherwise estimate. Fig. 2 shows the calculated density of liquid TiAINb compared with
experimental data [6,7].
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Introduction

Intermetallic y-TiAl based alloys represent engineering materials for light-weight and high-temperature applications up
to 750°C due to their low density, good oxidation and creep resistance combined with high specific mechanical
properties. The different y-TiAl alloys can be classified as falling into the following categories: i) “conventional” alloys
(the alloys solidifying through the peritectic reaction(s)); ii) high niobium-containing alloys; iii) B-solidifying alloys; iv)
high-alloyed “beta-gamma” alloys solidifying through the B phase and containing a considerable amount of the B phase;
v) massively transformed alloys. From the most general point of view, y-TiAl alloys can be subdivided into two groups:
the alloys solidifying solely through the B phase and the alloys solidifying through peritectic reaction(s). It has been well
documented that y-TiAl alloys solidifying completely through the B phase have some advantages as compared to
peritectically solidifying ones [1-3]. These include: i) better chemical homogeneity (owing to a lower level of dendritic
segregation), ii) reduced casting texture, and iii) a refined casting microstructure resulted from solid-state phase
transformations (in the case of appropriate alloying). Although a number of excellent research works devoted to B-
solidifying y-TiAl alloys have been performed [2-5], further improvements in mechanical properties via
alloy/microstructure designing and improvements in hot working and post-working heat treatment are desirable. The
present work was aimed to study the microstructure and mechanical properties of some B-solidifying y-TiAl alloys
subjected to hot forging at lower temperatures and post-forging heat treatment with emphasis on attaining refined
microstructures with a mean grain/colony size less than 30 um. Taking into account a limited hot workability of B-
solidifying y-TiAl alloys, hot forging was performed first at higher temperatures and then at lower temperatures using
enhancement of the hot workability attained due to microstructure refinement after hot forging at higher temperatures.
Another approach applied in the present work was associated with using small deformation values at lower hot working
temperatures.

Materials and Methods

Three y-TiAl alloys (A1-A3) are considered in the present work: 1) Ti-45Al-5Nb-1Mo0-0.2B (for the sake of simplicity
hereafter Ti-45), 2) Ti-43.7Al-4.2Nb-0.5M0-0.2B-0.2C (Ti-43.7), 3) Ti-44AI-5Nb-0.2B (Ti-44) (in at. %). The alloys were
produced by vacuum arc remelting and subjected to hot forging and post-forging heat treatment. Cylindrical workpieces
of the Ti-45 and Ti-43.7 alloys were forged in the a+B(B2)+y phase field and then at lower temperatures, in the
a2+B(B2)+y phase field, followed by post-forging heat treatment. The summed strains imparted during forging of the
cast Ti-45 and Ti-43.7 alloys were e=1.2 and 4, respectively. The forging procedures are described in more details in refs.
[6,7]. Cylindrical workpiece of the Ti-44Al alloy was subjected to forging in the az2+y phase field to a small strain value
(e=0.2), followed by near the same heat treatment as in the case of the Ti-45 and Ti-43.7 alloys. The post-forging heat
treatment included annealing in the a+B(B2)+y (for the Ti-45 and Ti-43.7 alloys) or a+y (for the Ti-44 alloy) phase field
and ageing at 900°C (2 h). Mechanical tests were performed for the produced conditions of the alloys. All samples were
prepared by electrospark cutting followed by fine grinding of work surfaces. The microstructure examination was carried
out for the cross sections of the forged workpieces using scanning electron microscopy (SEM) in backscattering electron
(BSE) mode.

Results and Discussion

Different microstructures ranging from near fully lamellar to duplex were obtained in the alloys under study. Table 1
represents microstructure characteristics and mechanical properties obtained for the alloys. The produced
microstructures differed in the grain/colony size, the volume fraction of lamellar constituent, the fraction of the B(B2)
phase and the interlamellar spacing. The Ti-45 and Ti-43.7 alloys in the cast and heat treated conditions had a similar
near fully lamellar structure. Comparing the room temperature tensile properties of these alloys in the cast and heat
treated conditions, one can conclude that the carbon addition reduced the room temperature ductility. Hot forging at
lower temperatures, in the a2+B(B2)+y (for the Ti-45 and Ti-43.7Al alloys) or az+y (for the Ti-44 alloy) phase field led to
microstructure refinement due to dynamic recrystallization/globularization processes during hot forging. The hot forged
conditions of the Ti-45 and Ti-43.7Al alloys showed excellent superplastic properties at 900-1000°C [6,7] and
superplastic elongations were significantly higher in the case of the Ti-43.7Al alloy that is associated with a higher strain
value imparted during hot forging (e=4 vs. ex1.2). Subsequent heat treatment in the a+B(B2)+y (for the Ti-45 and Ti-
43.7Al alloys) or a+y (for the Ti-44 alloy) phase field led to formation of duplex structures with a mean grain/colony size
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of d=6-15 um. The duplex structures provided higher strength and ductility both at room and elevated temperatures.
As was shown for the Ti-45 alloy, the refined duplex structure reduced significantly the long-term strength (creep
resistance) at 700°C as compared with the near fully lamellar condition. At the same time, the Ti-44Al alloy with the
duplex structure containing predominantly the lamellar constituent demonstrated the creep resistance similar to that
of the Ti-45 alloy with near fully lamellar microstructure.

The experiments performed for the Ti-44 alloy showed that hot forging can be used with respect to as-cast B-solidifying
alloys at lower temperatures (in the a2+B(B2)+y or oz+y phase field) if small strain values and isothermal conditions are
applied. It was revealed that the strain value e=0.2 led to occurrence of recrystallization/globularization processes
during forging and post-forging heat treatment that gave quite reasonable mechanical properties if comparing with
those of the cast B-solidifying y-TiAl alloys.

Table 1: Microstructure characteristics and mechanical properties obtained for some B-solidifying y-TiAl alloys after hot
forging and heat treatment

Tensile properties Long-term strength
Alloy Processing / Microstructure 20°C 700°C at 700°C (100 h.)
UTS, MPa 5, % UTS, MPa 6, %
Cast + HT / NFL d=50 um, ., 09 672 31 450
Ti-45 [6] Vp82)=1.7%
HF (e=1.2) + HT / DP, d=8 um,
Vic~20%, Ve2=1.3% 860 3.1 790 6.5 >350
Cast + HT / NFL, d=62 um, 600 03 i . i
Ti-43.7 Vp(82)<0.5%
’ HF (ex4) + HT / DP, d=6 um,
1. .
Vic=20%, Vp2<0.5% 930 oo 39 #350
Ti-44 HF (ex0.2) + HT / DP, d=15 um, 4, 125 706 49 350

Vic=65%, Vpi2) — n.a.

HT - heat treatment, HF — hot forging, NFL or DP — near fully lamellar or duplex structure, Vic — the volume fraction of
lamellar constituent, Vgs2) - the volume fraction of the B(B2) phase.
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Introduction

Lightweight materials as titanium alloys can be used to replace heavier nickel base superalloys in aero engines. This
replacement is already introduced in the low-pressure turbine of different aircraft engines. Titanium aluminides
maintain good mechanical and oxidation protection properties up to around 750°C [1-3]. However, to increase their
temperature application range further improvements are necessary. These alloys show limited oxidation resistance due
to their fast-growing mixed oxide scale formation and susceptibility to oxygen-induced surface embrittlement at higher
temperatures [4-6]. For nickel-based alloys the highest improvements in the oxidation resistance are usually obtained
by MCrAIlY or by Pt-modified aluminide coatings [7]. These coatings form alumina and reduce internal oxidation of alloys.
Motivated by the positive results of Pt-modified aluminide coatings onto nickel-based alloys similar coatings are
developed for a TNM-B1 alloy via electroplating and subsequent power pack cementation. Such coatings and their
efficacy to protect TiAl alloys at a testing temperature of 900°C in air is presented. Based on such results an optimal
coating composition is proposed.

Materials and Methods

Pt-based aluminide coatings were deposited on a TiAl alloy by combining electrochemical deposition of Pt and
subsequent Al pack cementation. Third generation TiAl alloy TNM-B1 (Ti-43.5Al-4Nb-1Mo-0.1B [at.%]) consists of y-TiAl,
o2-TisAl and B/Bo-Ti(Al). Pt thickness in the electroplated layer varied between 5 and 1 pm. Pt coated samples were
diffusion heat-treated in a high vacuum furnace for 2 h at 1000°C. After Pt diffusion some of the samples were
aluminized by pack cementation. Such samples were introduced in NH4Cl, Al, Cr and Al203 (2wt.%-24.5wt.%-24.5wt.%-
rest) powder mixture and diffusion treated at 900°C for 2h in Ar. This corresponds to a high activity powder pack
composition resulting in the TiAlz phase and an Al-rich titanium modified platinum aluminide. The oxidation resistance
of the coatings was tested at 900°C for 140 h. The weight of the samples was measured before and after introducing
the samples in the box furnace to determine the efficiency of the coating procedure.

The surface of the samples was investigated using Glow Discharge Optical Emission Spectroscopy (GD-OES) and X-ray
diffraction measurements. A cross section of the sample was analyzed by scanning electron microscope. Oxidized
samples were galvanically copper-plated before metallographic preparation and polished down to 1 um diamond
suspension.

Results and Discussion

Oxidation of bare TNM-B1 and Pt diffused coatings of different thickness (without aluminisation) show the formation of
mixed TiO2/Al20s scales in conjunction with the high weight gain shown in figure 1. In the case of bare TNM-B1 spallation
of the scale occurred after cooling of the sample as shown in figure 1. Aluminizing of the TNM-B1 substrate as well as
aluminizing of the previously Pt diffusion treated TNM-B1 strongly improved the oxidation resistance of the samples. In
such cases, pure Al203 scales are formed instead of a mixed oxide scale. Both coatings indicate slow growing Al.Os. The
differences in the scale growth and changes in the microstructure are currently under investigation and will be
discussed.
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Fig. 1: Weight change of tested samples after 140 h of exposure at 900°C
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Introduction

y-TiAl alloys form a non-protective mixed oxide scale of TiO2 / Al203 on the surface at temperatures above 800°C. A
surface modification with fluorine can change the oxidation mechanism into the growth of a dense protective alumina
scale. A thermodynamic model was developed explaining this Fluorine effect [1]. Beam line ion implantation was used
to verify the conditions predicted by the thermodynamic model [2] and to study the long-term behavior of the oxidation
protection. However, a cost-effective method of surface doping with fluorine in an industrial scale was still missing. In
the present work industrial gas phase fluorination was applied to achieve the conditions of the F-effect for y-TiAl alloys.
The results obtained with ion implantation serve as a benchmark to identify the optimized parameters for gas phase
fluorination. In the second part of the work, the long-term performance of gas fluorinated alloy was studied under
isothermal and cycling conditions.

Materials and Methods

Commercial alloy GE 4822 with elemental composition Ti-48Al-2Nb-2Cr (at.%) was chosen. The alloy was casted by
Feinguss Blank GmbH, Riedlingen, in coupons with size of 10 x 10 x 2 mm?>. Half of the samples were polished on both
sides down to 4000 grit SiC followed by ultrasonic cleaning. The other half of the samples obtained a surface treatment
by blasting with Korund particles. These samples are referred to have an “as received” surface. All samples were exposed
in the industrial fluorination equipment of Fluor Technik System GmbH (FTS) using a gas atmosphere of (N2-10%F:). The
parameter set defining the fluorination process are temperature, time of exposure and 2 gas pressures. The gas
fluorination was performed using at least 30 parameter sets to meet the suitable F-concentration and F-dose. The non-
destructive PIGE (Proton Induced Gamma-ray Emission) was used to determine the F-depth profiles. The PIGE-
measurements were carried out at the 2.5 MV Van de Graaff-accelerator of the Goethe-University Frankfurt. The depth
profiling was performed by using the nuclear reaction 19F(p, ay)160 at resonance energies of 340 keV and 484 keV,
resp. A Nal(Tl) scintillation counter detected the high energetic y-rays (5-7 MeV). The screening process worked as
follows: Only those samples showing F-profiles suitable for the F-effect were oxidized isothermally (100..500
h/900°C/lab air). Finally metallographic cross-sections were prepared after oxidation to study the oxide structure by
using SEM/EDX. As result of the screening process an optimized parameter set was obtained. After gas fluorination by
using this parameter set further samples were oxidized isothermally and cyclically for 1000 h/900°C. Thermogravimetric
analysis (TGA) was carried out (600h/900°C/ synthetic air) to reveal the kinetics of oxide scale growth.

Results and Discussion

The F-treatment by beam line ion implantation showed the best results so far for the F-effect between the implantation
parameters of 1x 10 and 2 x 10Y Fcm/ 20 keV. The maximum F-content was found between 20 — 40 at.% [2].
The results show a strong dependence of the obtained F-depth profiles with respect to the parameter set of gas
fluorination. These values meet the optimal part of the corridor recommended by F-implantation studies as mentioned
above. Optimal fluorine enrichment on the surface is characterized by a maximum F-concentration of 30-45 at.% and
an integral F-dose of (2..4) x 10 F cm2. After isothermal oxidation (1000 h/900°C) the surface is covered with a 2-3 pm
thin protective alumina scale (fig. 1). Cyclic oxidation was performed at 900°C with a number of 480 cycles (1 cycle: 60
min hot, 50 min cold). A thin (2-3 um) protective adherent alumina scale was found on the surface.

The mass gain measured with TGA (600 h/900°C/ synthetic air) reveals a distinct alumina kinetics for the oxide growth.
As result the gas fluorination process offers a cost-effective method for industrial fluorination of y-TiAl-alloys.
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