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welcome noTe

Dear Colleagues and Friends,

It is meanwhile a pleasant tradi琀椀on to welcome you at our Intermetallics 2019 conference, as it is already the fourth 
mee琀椀ng in this successfully established series of conferences.

Following our tradi琀椀onal scheme the conference focusses on materials based on intermetallic phases (intermetallics) 
to be envisaged for structural as well as func琀椀onal applica琀椀ons. With a bene昀椀cial combina琀椀on of high strength, low 
density and good corrosion resistance, they are speci昀椀cally suited for applica琀椀ons at high temperatures and in severe 
environments. As some intermetallic phases show unique physical proper琀椀es, they are also of interest for various func-

琀椀onal applica琀椀ons. In addi琀椀on, their possible appearance, thermodynamic stability, and role as strengthening phases 
in High Entropy Alloys (HEAs) or Composi琀椀onally Complex Alloys (CCAs) are recent scien琀椀昀椀c issues, which are also in 
the focus of this conference.

The choice of local organisers and members of the interna琀椀onal advisory board remains virtually unchanged compared 
to previous conferences, thus providing not only representa琀椀on of all relevant topics but also a good balance between 
research and applica琀椀on. Feedback from the previous mee琀椀ngs showed that par琀椀cipants were very much sa琀椀s昀椀ed with 
the conference, with the excep琀椀on of parallel sessions in the a昀琀ernoon, which necessitated some hard decisions which 
talks they should a琀琀end. Therefore, for Intermetallics 2019 the programme has been adjusted to 昀椀t into single sessions. 
As before a high-pro昀椀le poster session is rounding o昀昀 the conference. Following the previous successful educa琀椀onal 
seminars, a ‘School on corrosion and oxida琀椀on behaviour of intermetallic phases’ including possibili琀椀es and strategies 
for protec琀椀on by appropriate coa琀椀ngs, which is speci昀椀cally devoted to young researchers up to the PhD level, precedes 
the conference.

The conference again takes place at the Educa琀椀onal Center Kloster Banz near Bamberg, Germany. The cloister is situ-
ated in a remote place above the valley of the river Main. As a well-known educa琀椀onal centre, it is an ideal place for 
conferences with its good infrastructure and relaxing atmosphere. In addi琀椀on, being situated in the central part of 
Germany, it is easily accessible from Nuremberg, Munich and Frankfurt airports.

We are looking forward to welcoming you at Kloster Banz,

Your Intermetallics 2019 Conference Team
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organisaTion and imPrinT

venue
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.....................................................................................................................................................
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.....................................................................................................................................................
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.....................................................................................................................................................
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.....................................................................................................................................................
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.....................................................................................................................................................
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07745 Jena, Germany
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.....................................................................................................................................................
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Editorial Deadline  01 September 2019
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general informaTion

Registra琀椀on fees
University/ins琀椀tute 600 EUR
Industry 750 EUR
Student 300 EUR
Accompanying person* 150 EUR
Workshop: School on corrosion and oxida琀椀on behaviour of intermetallic phases** included

...........................................................................................................................................................................

Social programme***
Get together, 30 September included
Bus tour to Coburg with conference dinner, 02 October included

* Get together and conference dinner is included.
**  Number of par琀椀cipants limited and only for students and young researchers.
***  Registra琀椀on for the social programme is required. 

...........................................................................................................................................................................

GTC

General terms and condi琀椀ons
Please 昀椀nd our General Terms and Condi琀椀ons at www.intermetallics-conference.de.

...........................................................................................................................................................................

Opening hours Check-In 
Monday  08:00 a.m.–07:00 p.m.
Tuesday 08:30 a.m.–05:00 p.m.
Wednesday 09:00 a.m.–12:30 p.m.
Thursday 09:00 a.m.–05:00 p.m.
Friday 09:00 a.m.–12:00 p.m.

...........................................................................................................................................................................

@

 internet

Wireless-Lan is available for free. You do not need to enter a password/code.
...........................................................................................................................................................................

Cer琀椀昀椀cate of a琀琀endance 
Cer琀椀昀椀cates of a琀琀endance will 昀椀rst be made available on the last day of the conference at the check-in desk.

...........................................................................................................................................................................

Poster prizes
The three best posters will be awarded with 300 EUR each.

...........................................................................................................................................................................

Poster session 

Posters will be rated on Tuesday, 01 October, 07:30 p.m. Authors are requested to be present at their 
posters during the poster session. Drinks and finger food will be served during the poster session.

Pinboards will be numbered. The pinboards are only to be used with the designated pins. You will 昀椀nd your 
poster number in the programme book on page 24. Please note that all posters should be hanging on Tuesday, 
01 October, by 04:00 p.m. and be removed at the latest by Friday, 04 October, 09:00 a.m. Posters that have not 
been removed by that 琀椀me will be considered as waste.

...........................................................................................................................................................................

 catering

Foods and drinks during the breaks will be provided.
The restaurant “Klosterschänke” is directly located on the premises of Kloster Banz and is open daily from 
10:00 a.m.–10:00 p.m. (subject to change). 

For your informa琀椀on: the closest city with alterna琀椀ve restaurants is Bad Sta昀昀elstein, which is 5.5 km away (ap-

proximately 1 hour by foot, 7 minutes by car).
...........................................................................................................................................................................

Smoking
Smoking is prohibited inside the en琀椀re conference area.

...........................................................................................................................................................................

Taxi
Taxi Dütsch • Phone +49 9573 52 06/+49 9571 52 06
Price from Bad Sta昀昀elstein to Kloster Banz about 10 EUR
Price from Lichtenfels to Kloster Banz about 13 EUR

(Prices are subject to change.)
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GENERAL HINTS FOR AUTHORS AND PRESENTERS

Submi琀�ng your presenta琀椀on/technical informa琀椀on
Your presenta琀椀on should be prepared as PDF- or PowerPoint (O昀케ce 2016) with 4:3 aspect ra琀椀o. For video- and audio-

昀椀les, please use standard formats (AVI, WMV, MPG) and bring these as separate 昀椀les to the speakers’ ready room. When 
using videos, please remember to include the required Codec. The use of personal notebooks is possible upon agree-

ment. Please provide an adapter for HDMI if necessary.

In the lecture hall, you will 昀椀nd a lectern with a laptop and presenter with laserpointer. A technical assistant will support 
you.

Should you wish to use non-digital equipment, please contact us in advance.
...........................................................................................................................................................................

Time allotment

Please prepare your presenta琀椀on for the allo琀琀ed amount of 琀椀me. Chairs and moderators may interrupt should you 
overrun your 琀椀me limit. 

Allo琀琀ed 琀椀me is assigned as follows (speaking + discussion 琀椀me):
1. Invited talk  25 + 5 minutes discussion
2. All other single-session talks 12 + 3 minutes discussion

 

SOCIAL AND CULTURAL PROGRAMME

Get together* • Monday, 30 September
Come together for drinks and snacks. Enjoy the evening and allow yourself interes琀椀ng conversa琀椀ons with colleagues, 
old friends and new acquaintances. 

06:30 p.m. Get together
08:00 p.m.  Conference opening
08:15 p.m.  Metals and alloys in commercial aircra昀琀
 Sharvan Kumar (Providence, RI/US)  
...........................................................................................................................................................................

Bus tour to Coburg with guided tours and conference dinner* • Wednesday, 02 October
Enjoy the trip to Coburg with a guided tour through the “Veste” as well as the city of Coburg. A昀琀erwards take the chance 
to get in touch with colleagues and friends and have an enjoyable evening at the restaurant “Bayrish Pub”. The confer-
ence dinner includes the awarding of the poster prizes. At around 10:00 p.m. the bus returns from Coburg to Kloster 
Banz.

Start 01:30 p.m. at Kloster Banz (car park)
Ac琀椀vi琀椀es 02:30 p.m.–06:00 p.m. guided tours “Veste” and “City tour” Coburg
 06:00 p.m.–10:00 p.m. dinner and award ceremony at restaurant “Bayrish Pub”
 10:00 p.m. departure to Kloster Banz
End aprox. 10:30 p.m.
Fee included in the conference fee 
 (dinner & 2 drinks at the restaurant)

* A registra琀椀on is necessary. 
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SCIENTIFIC PROGRAMME • MONDAY, 30 SEPTEMBER

09:00 a.m.–03:30 p.m. School on corrosion and oxida琀椀on behaviour of intermetallic phases
seminar room 6

09:00 a.m. Fundamentals and experimental determina琀椀on of intermetallics’ oxida琀椀on
 Shigenari Hayashi (Sapporo/JP)

This lecture will focus on oxida琀椀on and the underlying thermodynamic and kine琀椀c funda-

mentals. Di昀昀erent intermetallic systems such as TiAl are employed to demonstrate the funda-

mentals and speci昀椀cs for intermetallics. Addi琀椀onally common experimental approaches will 
be discussed such as Thermogravimetric Analysis.

...........................................................................................................................................................................

10:30 a.m.–11:00 a.m. Co昀昀ee break
...........................................................................................................................................................................

11:00 a.m. High temperature corrosion of intermetallics
 Mathias C. Galetz (Frankfurt am Main/DE)

Many aggressive environments in which besides oxygen other elements a琀琀ack the materials 
such as sulphur or carbon can commonly be found at high temperatures. Such mul琀椀oxidant 
atmospheres are discussed in this talk with respect to the resistance of intermetallics under 
hot corrosion, metal dus琀椀ng.

...........................................................................................................................................................................

12:30 p.m.–02:00 p.m. Lunch
...........................................................................................................................................................................

02:00 p.m. Intermetallic coa琀椀ngs and coa琀椀ngs for intermetallics
 Mathias C. Galetz (Frankfurt am Main/DE)

Almost all high temperature coa琀椀ng systems rely on intermetallic phases that provide the 
reservoir of stable oxide formers e.g. all turbine blades in modern aircra昀琀s rely on interme-

tallics or intermetallic-rich coa琀椀ngs. The applica琀椀on of di昀昀usion coa琀椀ngs is very common 
and allows the transforma琀椀on of the surface into an aluminide or silicide phase, which o昀昀ers 
a much higher oxida琀椀on and corrosion protec琀椀on than the substrate itself. In this talk the 
common intermetallic coa琀椀ngs on classical material systems as well as coa琀椀ngs systems or 
intermetallics will be discussed.

...........................................................................................................................................................................

06:30 p.m.–08:00 p.m. Get together (see page 7)
Foyer

08:00 p.m. Conference opening
Seminar room 1 Mar琀椀n Heilmaier (Karlsruhe/DE)

08:15 p.m. Opening talk
O–IT–01 Metals and alloys in commercial aircra昀琀
 Sharvan Kumar (Providence, RI/US)
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SCIENTIFIC PROGRAMME • TUESDAY, 01 OCTOBER

09:00 a.m.–10:15 a.m. Silicides I
Seminar room 1
Chair Sharvan Kumar (Providence, RI/US)

09:00 a.m. Invited talk: Room-temperature deforma琀椀on behavior of D8l-type transi琀椀on-metal 
O–IT–02 silicides inves琀椀gated by micropillar compression
 Kyosuke Kishida (Kyoto/JP)

09:30 a.m. Laser-based addi琀椀ve manufacturing of Mo-Si-B alloys
O–SI–01 David Fichtner (Berlin/DE)

09:45 a.m. Proper琀椀es of density reduced Mo-XV-Si-B alloys
O–SI–02 Julia Becker (Magdeburg/DE)

10:00 a.m. Oxida琀椀on barrier coa琀椀ngs with ac琀椀ve 昀椀llers for Mo-Si-B high-temperature-alloys 
O–SI–03 Caren Gatzen (Jülich/DE)
...........................................................................................................................................................................

10:15 a.m.–10:45 a.m. Co昀昀ee break
...........................................................................................................................................................................

10:45 a.m.–12:30 p.m. High entropy alloys
Seminar room 1
Chair Manja Krüger (Jülich/DE)

10:45 a.m. Invited talk: Intermetallic phases, strengthening and correla琀椀on to theore琀椀cal predic琀椀ons 
O–IT–03 in rapidly solidi昀椀ed composi琀椀onally complex alloys
 Emma White (Ames, IA/USA)

11:15 a.m. Precipita琀椀on hardening of Cantor alloy containing 琀椀tanium
O–HE–01 Uwe Gaitzsch (Dresden/DE)

11:30 a.m. Development of B2/L21 precipita琀椀on strengthened CCAs in the AlCrFeNiTi system for high
O–HE–02 temperature structural applica琀椀ons
 Silas Wol昀昀-Goodrich (Düsseldorf/DE)

11:45 a.m. Structure-property rela琀椀onships in B2 ordered lightweight Al-Cr-Nb-Ti-V-Zr refractory 
O–HE–03 high entropy alloys
 Nikita Y. Yurchenko (Belgorod/RU)

12:00 p.m. Microstructure and proper琀椀es of intermetallic strengthened CoCrFeNi2.1Nbx 

O–HE–04 high entropy alloys
 Upender Sunkari (Hyderabad/IN)

12:15 p.m. High entropy alloys – materials for the future or elaborate hoax?
O–HE–05 Claudio G. Schön (São Paulo/BR)
...........................................................................................................................................................................

12:30 p.m.–02:00 p.m. Lunch
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SCIENTIFIC PROGRAMME • TUESDAY, 01 OCTOBER

02:00 p.m.–03:30 p.m. Shape memory/func琀椀onal intermetallics
Seminar room 1 
Chair Hiroyuki Y. Yasuda (Osaka/JP)

02:00 p.m. Size e昀昀ect on the stress-induced martensi琀椀c transforma琀椀on in Cu-based shape memory
O–SM–01 alloys
 Jose Fernando Gómez-Cortés (Leioa/ES)

02:15 p.m. Lath-like martensite in Cu-Zn-Al alloys with low Al concentra琀椀on
O–SM–02 Tobias Kaaden (Jena/DE)

02:30 p.m. Martensite stabilisa琀椀on e昀昀ect in Ni-rich NiTi shape memory alloy
O–SM–03 Natalia Resnina (Saint Petersburg/RU)

02:45 p.m. Mechanical proper琀椀es evalua琀椀on for thermoelectric half-Heusler ZrNiSn comparing with 
O–SM–04 Heusler ZrNi2sn

 Yoshisato Kimura (Yokohama/JP)

03:00 p.m. New interconnectors for high temperature thermoelectric silicides based devices
O–SM–05 Florian Brix (Nancy/FR)

03:15 p.m. High temperature stable metallisa琀椀ons for SAW devices
O–SM–06 Marie琀琀a Seifert (Dresden/DE)
...........................................................................................................................................................................

03:30 p.m.–03:50 p.m. Co昀昀ee break
...........................................................................................................................................................................

03:50 p.m.–05:05 p.m. Phases and phase stability I
Seminar room 1
Chair Klaus W. Richter (Vienna/AT)

03:50 p.m. A systema琀椀c inves琀椀ga琀椀on on refractory-metal based phase diagrams with and without 
O–PS–01 the Laves phase
 Seiji Miura (Sapporo/JP)

04:05 p.m. Phase rela琀椀ons between fcc-Co, L12 Tico3, and the two coexis琀椀ng Laves phases C36 and 
O–PS–02 C15 TiCo2

 Frank Stein (Düsseldorf/DE)

04:20 p.m. Plas琀椀city of topologically close packed phases – from nanomechanics to HR-TEM
O–PS–03 Stefanie Sandlöbes (Aachen/DE)

04:35 p.m. Non-centrosymmetry – assignment of the absolute structure by X-ray di昀昀rac琀椀on and EBSD 

O–PS–04 Ulrich Burkhardt (Dresden/DE)

04:50 p.m. In昀氀uence of plas琀椀c deforma琀椀on in the disorder-order transi琀椀on of 18-carat red gold alloys
O–PS–05 Marina Garcia Gonzalez (Villigen/CH)
...........................................................................................................................................................................

05:05 p.m.–05:25 p.m. Co昀昀ee break
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SCIENTIFIC PROGRAMME • TUESDAY, 01 OCTOBER

05:25 p.m.–07:10 p.m. Corrosion
Seminar room 1
Chair Mathias C. Galetz (Frankfurt am Main/DE)

05:25 p.m. E昀昀ect of Nb and V addi琀椀ons on oxida琀椀on behavior of α2-Ti-30at%Al alloys
O–CO–01 Shigenari Hayashi (Sapporo/JP)

05:40 p.m. Al-Si based oxida琀椀on protec琀椀on coa琀椀ngs for γ-TiAl produced by magnetron spu琀琀ering and 
O–CO–02 Arc-PVD
 Peter-Philipp Bauer (Cologne/DE)

05:55 p.m. Oxida琀椀on of direc琀椀onally solidi昀椀ed NiAl–(Cr, Mo) alloys
O–CO–03 Golnar Geramifard (Eggenstein-Leopoldshafen/DE)

06:10 p.m. Mechanis琀椀c inves琀椀ga琀椀on of the high temperature oxida琀椀on behaviour of Fe-25Al-1.5Ta 
O–CO–04 with various addi琀椀ves in air at 700 °C
 René Daniel Pütz (Aachen/DE)

06:25 p.m. Pre-oxida琀椀on of iron aluminides
O–CO–05 Janez Zavasnik (Ljubljana/SI)

06:40 p.m. Invited talk: High temperature supercri琀椀cal CO2 compa琀椀bility of intermetallics and cermets
O–IT–10 Bruce A. Pint (Oak Ridge, TN/US)
...........................................................................................................................................................................

07:30 p.m. Poster session

Max-Planck-Institut
für Eisenforschung

17th DISCUSSION MEETING 

 on Thermodynamics of Alloys

TOFA 2
0
2
0
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SCIENTIFIC PROGRAMME • WEDNESDAY, 02 OCTOBER

09:00 a.m.–10:30 a.m. Titanium aluminides I
Seminar room 1
Chair Svea Mayer (Leoben/AT)

09:00 a.m. Invited talk: In昀氀uence of cooling rate and composi琀椀on on the forma琀椀on of ribbon shaped 
O–IT–04 borides in cast TiAl alloys
 Rui Yang (Shenyang/CN)

09:30 a.m. Design approaches and achievements of novel TiAl alloys for jet engine applica琀椀ons under 
O–TA–01 SIP programme in Japan
 Masao Takeyama (Tokyo/JP)

09:45 a.m. Mechanical proper琀椀es of SiC 昀椀ber reinforced TiAl composite
O–TA–02 Keizo Hashimoto (Utsunomiya/JP)

10:00 a.m. In昀氀uence of C on the relaxa琀椀on process and the di昀昀usion of Ti in new genera琀椀on of γ-TiAl 
O–TA–03 intermetallics
 Jose M. San Juan (Bilbao/ES)

10:15 a.m. Solid phase joining of γ-TiAl parts using di昀昀usion bonding
O–TA–04 Marcus Willi Rackel (Geesthacht/DE)
...........................................................................................................................................................................

10:30 a.m.–11:00 a.m. Co昀昀ee break
...........................................................................................................................................................................

11:00 a.m.–12:30 p.m. Titanium aluminides II
Seminar room 1
Chair Masao Takeyama (Tokyo/JP)

11:00 a.m. Invited talk: Advanced intermetallic 琀椀tanium aluminides – from fundamentals to 
O–IT–05 applica琀椀on
 Svea Mayer (Leoben/AT)

11:30 a.m. TCTI2 – an updated thermodynamic database for mul琀椀component Ti- and TiAl-based alloys
O–TA–05 Yang Yang (Solna/SE)

11:45 a.m. E昀昀ect of hot forging at lower temperatures on microstructure and mechanical proper琀椀es 
O–TA–06 of β-solidifying γ-TiAl alloys
 Valery Imayev (Ufa/RU)

12:00 p.m. Oxida琀椀on of Pt-Al coa琀椀ngs on TNM-B1 at 900 °C
O–TA–07 Xabier Montero (Franfurt am Main/DE)

12:15 p.m. Oxida琀椀on protec琀椀on of gamma-TiAl by the F-e昀昀ect – ready for industrial applica琀椀on
O–TA–08 Hans-Eberhard Zschau (Wurzen/DE)
...........................................................................................................................................................................

12:30 p.m.–01:30 p.m. Lunch
...........................................................................................................................................................................

01:30 p.m. Excursion to Coburg and conference dinner (see page 7)
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SCIENTIFIC PROGRAMME • WEDNESDAY, 02 OCTOBER

09:00 a.m.–10:30 a.m. Phases and phase stability II
Seminar room 1 
Chair Frank Stein (Düsseldorf/DE)

09:00 a.m. Invited talk: Phase diagram study on the Ti-Al-M-O quaternary systems using so昀琀 X-ray 
O–IT–06 emission spectroscopy

Hirotoyo Nakashima (Tokyo/JP)

09:30 a.m. Demixing in D022-like Al–Mo–Ti alloys
O–PS–06 Andreas Leineweber (Freiberg/DE)

09:45 a.m. Impact of Mo and disorder on di昀昀usionless transforma琀椀ons in TiAl intermetallic alloys
O–PS–07 David Holec (Leoben/AT)

10:00 a.m. Phase equilibria and structural inves琀椀ga琀椀ons in the ternary system Al-Cu-Zn
O–PS–08 Klaus W. Richter (Vienna/AT)

10:15 a.m. Massive transforma琀椀on in ternary Cu alloys
O–PS–09 Stephanie Lippmann (Jena/DE)
...........................................................................................................................................................................

10:30 a.m.–11:00 a.m. Co昀昀ee break
...........................................................................................................................................................................

11:00 a.m.–12:30 p.m. 
Seminar room 1 
Chair 

11:00 a.m. 
O–IT–07 

11:30 a.m. 
O–TA–09 

11:45 a.m. 
O–TA–10 

12:00 p.m. 
O–TA–11 

12:15 p.m. 
O–TA–12 
 

Titanium aluminides III

Rui Yang (Shenyang/CN)

Invited talk: Addi琀椀ve manufacturing of Ti-48Al-2Cr-2Nb alloys
Hiroyuki Yasuda (Osaka/JP)

Production and properties of gas atomized TiAl powders
Karin Ratschbacher (Nuremberg/DE)

Processing TiAl via a new produc琀椀on route – addi琀椀ve manufactured (SEBM) and 
hot isosta琀椀c pressed near net shape capsule
Julia Bieske (Erlangen/DE)

Characterisa琀椀on of an electron beam melted TNM 琀椀tanium aluminide alloy
Reinhold Wartbichler (Leoben/AT)

Ingot produc琀椀on, powder atomisa琀椀on and spark plasma sintering of tungsten containing 
TiAl alloys
Alain Couret (Toulouse/FR)

...........................................................................................................................................................................

12:30 p.m.–02:00 p.m. Lunch
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SCIENTIFIC PROGRAMME • THURSDAY, 03 OCTOBER 

02:00 p.m.–03:30 p.m. Nickel aluminides and nickel base alloys
Seminar room 1 
Chair Mar琀椀n Heilmaier (Karlsruhe/DE)

02:00 p.m. Atomis琀椀cs of self-di昀昀usion in a triple-defect A-B binary system – Monte Carlo simula琀椀on
O–NA–01 Rafal Kozubski (Krakow/PL)

02:15 p.m. Ni tracer grain boundary di昀昀usion in a Ni-base alloy containing a graded microstructure
O–NA–02 Sergiy Divinski (Münster/DE)

02:30 p.m. The synthesis and proper琀椀es of aligned plate intermetallic nanostructures
O–NA–03 Philip Nash (Chicago, IL/USA)

02:45 p.m. In-situ inves琀椀ga琀椀ons of Mo-rich NiAl-(Cr, Mo) composites by synchrotron radia琀椀on 
O–NA–04 di昀昀rac琀椀on during direc琀椀onal solidi昀椀ca琀椀on

Camelia Gombola (Karlsruhe/DE)

03:00 p.m. E昀昀ect of thermomechanical treatment on microstructure and mechanical proper琀椀es of a 
O–NA–05 novel heavily alloyed nickel base superalloy

Valery Imayev (Ufa/RU)

03:15 p.m. Inves琀椀ga琀椀on of the reac琀椀vity in oxidising atmosphere at high temperature of laser 
O–NA–06 beam melted Inconel 625
 Nicolas Ramena琀琀e (Nancy/FR)
...........................................................................................................................................................................

03:30 p.m.–03:50 p.m. Co昀昀ee break
...........................................................................................................................................................................

03:50 p.m.–05:05 p.m. Iron aluminides
Seminar room 1 
Chair Claudio G. Schön (São Paulo/BR)

03:50 p.m. Quantum-mechanical study of Fe-Al-based intermetallic compounds
O–IA–01 Mar琀椀n Friak (Brno/CZ)

04:05 p.m. Inves琀椀ga琀椀on of the machinability and cas琀椀ng behavior of Fe25Al1.5Ta
O–IA–02 Heiner Michels (Aachen/DE)

04:20 p.m. Microstructure and mechanical proper琀椀es of Fe-25Al-1,5Ta without and with di昀昀erent 
O–IA–03 borides and carbides as grain re昀椀ners

Eva Kollmannsberger (Landshut/DE)

04:35 p.m. First wave combinatorial screening of generic intermetallic strengthened steels
O–IA–04 Nele van Steenberge (Zelzate/BE)

04:50 p.m. Forma琀椀on of αc intermetallic par琀椀cles in Fe- and Mn-containing Al–Si cas琀椀ng alloys during
O–IA–05 solidi昀椀ca琀椀on with di昀昀erent cooling rates
 Hanka Becker (Freiberg/DE)
...........................................................................................................................................................................

05:05 p.m.–05:25 p.m. Co昀昀ee break

15th International Conference on Creep and Fracture of Engineering Materials and Structures

© Foto 441251533 | manfredxy | www.shutterstock.com | Monastery Banz, Bad Staff elstein, Germany

2020
14 ‒18 JUNE

Kloster Banz
G e r m a n y

www.creep2020.de
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SCIENTIFIC PROGRAMME • THURSDAY, 03 OCTOBER 

05:25 p.m.–06:40 p.m. High temperature alloys
Seminar room 1 
Chair Mar琀椀n Palm (Düsseldorf/DE)

05:25 p.m. Intermetallic A15 precipita琀椀on hardening in chromium – alloying strategy
O–HT–01 Mathias C. Galetz (Frankfurt am Main/DE)

05:40 p.m. Deforma琀椀on behavior of Nb2co7 as a promising candidate for a 
O–HT–02 crystal-structure-dependent mille-feuille structured material

Toshiaki Horiuchi (Sapporo/JP)

05:55 p.m. Iden琀椀昀椀ca琀椀on of Laves phases in a Zr or Hf containing γ-γʹ Co-base superalloy
O–HT–03 Florian Pyczak (Geesthacht/DE)

06:10 p.m. Phase equilibrium among γ-Ni/TCP/GCP oP6 phases in Ni-based alloys at elevated 
O–HT–04 temperatures

Ryota Nagashima (Tokyo/JP)

06:25 p.m. Stabilising the cubic modi昀椀ca琀椀on of 琀椀tanium trialuminide in the structure of Ti-Al3Ti 

O–HT–05 composites
Daria Lazurenko (Novosibirsk/RU)

15th International Conference on Creep and Fracture of Engineering Materials and Structures

© Foto 441251533 | manfredxy | www.shutterstock.com | Monastery Banz, Bad Staff elstein, Germany

2020
14 ‒18 JUNE

Kloster Banz
G e r m a n y

www.creep2020.de
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SCIENTIFIC PROGRAMME • FRIDAY, 04 OCTOBER 

09:00 a.m.–10:30 a.m. Addi琀椀ve manufacturing of intermetallics
Seminar room 1 
Chair Alain Couret (Toulouse/FR)

09:00 a.m. Invited talk: Prospects and challenges of electron beam based addi琀椀ve manufacturing of
O–IT–08 intermetallics

Carolin Körner (Erlangen/DE)

09:30 a.m. Proper琀椀es and microstructure of nano-structured NiAl-Cr(Mo) in-situ composites processed 
O–AM–01 by addi琀椀ve manufacturing

Andreas Förner (Erlangen/DE)

09:45 a.m. Addi琀椀ve manufacturing of mul琀椀-phase V-Si-B alloys
O–AM–02 Jane琀琀 Schmelzer (Magdeburg/DE)

10:00 a.m. Study on the mechanical twinning of α2 phase in a high Nb-containing TiAl alloy a昀琀er high
O–AM–03 temperature deforma琀椀on

Lin Song (Hamburg/DE)

10:15 a.m. In situ study of beta phase ordering in TiAl alloys by neutron and synchrotron di昀昀rac琀椀on
O–AM–04 Victoria Kononikhina (Geesthacht/DE)
...........................................................................................................................................................................

10:30 a.m.–11:00 a.m. Co昀昀ee break
...........................................................................................................................................................................

11:00 a.m.–12:30 p.m. Silicides II
Seminar room 1 
Chair Kyosuke Kishida (Kyoto/JP)

11:00 a.m. Invited talk: Proper琀椀es of advanced Mo-Si-B alloys
O–IT–09 Manja Krüger (Jülich/DE)

11:30 a.m. Plas琀椀c deformability in V-rich V-Si-B alloys
O–SI–05 Georg Hasemann (Jülich/DE)

11:45 a.m. Microstructure op琀椀misa琀椀on of direc琀椀onally solidi昀椀ed MoSi2/Mo5si3 eutec琀椀c composites
O–SI–06 Kosei Takeda (Kyoto/JP)

12:00 p.m. Characterisa琀椀on of the oxida琀椀on and creep behaviour of novel Mo-Si-Ti alloys
O–SI–07 Susanne Obert (Karlsruhe/DE)
...........................................................................................................................................................................

12:15 p.m.–01:30 p.m. Lunch bags
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POSTER SESSION • TUESDAY, 01 OCTOBER

P–01 New mechanism of so昀琀ening in 琀椀tanium aluminide – experiment and theory
Ni琀椀sh Bibhanshu (Bangalore/IN)

P–02 Analysis of local deforma琀椀on behavior in TiAl based alloys under tensile loading by digital image correla琀椀on
Yotaro Okada (Tokyo/JP)

P–03 Ini琀椀al structures e昀昀ect on O-phase morphology and proper琀椀es of orthorhombic 琀椀tanium alloys
Anatoly Volkov (Verkhnaya Salda/RU)

P–04 Compara琀椀ve study on the oxida琀椀on behavior of two commercial TiAl alloys at 600–900 °C in air
Lukas Mengis (Frankfurt am Main/DE)

P–05 On the creep deforma琀椀on and proper琀椀es of the IRIS TiAl alloy at 850 °C
Alain Couret (Toulouse/FR)

P–06 Phase equilibria inves琀椀ga琀椀ons in the ternary Ti–Al–Nb system at elevated temperatures
Benedikt Distl (Düsseldorf/DE)

P–07 Phase composi琀椀on and microstructure of TiAlZr alloys
Fabian Kathöfer (Co琀琀bus/DE)

P–08 Experimental evalua琀椀on of the isothermal sec琀椀on of the Ti–Al–Zr ternary system at 1273 K
Zahra Kahrobaee (Düsseldorf/DE)

P–09 Phase equilibrium and mechanical proper琀椀es of bcc-V/MAX two-phase alloys
Hiroto Kudo (Sapporo/JP)

P–10 Structural related intermetallic phases in the Nb-Cu-Sn system
Jonas Lachmann (Freiberg/DE)

P–11 Alloying impact on phase stability in ZrAl3
David Holec (Leoben/AT)

P–12 Early stage phenomena of kink forma琀椀on in the Mg-Zn-Y LPSO phase inves琀椀gated by micropillar compression
Kouhei Ohkage (Kyoto/JP)

P–13 Simula琀椀on of cyclic func琀椀onal and mechanical behavior of porous NiTi samples obtained by selec琀椀ve laser 
mel琀椀ng
Elizaveta Iaparova (Saint Petersburg/RU)

P–14 Internal fric琀椀on measurements on a Ni-Ti-Hf high temperature shape memory alloy
Mikel Pérez-Cerrato (Bilbao/ES)

P–15 Strain varia琀椀on during isothermal martensi琀椀c transforma琀椀on in Ti49ni 51 shape memory alloy
Aleksei Ivanov (Saint Petersburg/RU)

P–16 Strain varia琀椀on induced by the martensi琀椀c transforma琀椀on during isothermal holding of 
Ti40.7 Hf9.5ni44.8cu5 shape memory alloy
Elena Demidova (Saint Petersburg/RU)

P–17 Isothermal nature of magne琀椀c-昀椀eld-induced martensi琀椀c transforma琀椀on in NiCoMnIn metamagne琀椀c shape 
memory alloy
Yoshiki Yano (Kyoto/JP)

P–18 Forma琀椀on of intermetallics during solid-liquid inter-di昀昀usion bonding of Pd/Ni assembly using In interlayer
Tung-Han Chuang (Taipei/TW)
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POSTER SESSION • TUESDAY, 01 OCTOBER

P–19 E昀昀ect of bcc and sigma phase par琀椀cles on grain growth and strengthening in a CoCrFeNiMn high entropy 

alloy
Margarita Klimova (Belgorod/RU)

P–20 Plas琀椀c deforma琀椀on behavior of single crystalline Cr-Co-Ni equiatomic medium entropy alloy
Kazuki Ehara (Kyoto/JP)

P–21 Thermodynamic stability of a nanocrystalline highly concentrated solid solu琀椀on alloy
Matheus A. Tunes (Leoben/AT)

P–22 On grain re昀椀nement of Fe-25Al-1.5Ta (at. %) alloy
Emir Subašić (Aachen/DE)

P–23 Cas琀椀ng of iron aluminides – an inves琀椀ga琀椀on in industrial scale
Bruna N. Ramirez (São Paulo/BR)

P–24 Pro-FeAl – process development for economic, e昀케cient turbine components made out of FeAl
Michael Ghosh (Aachen/DE)

P–25 Development of Fe-Al-Nb(–B) alloys for high-temperature applica琀椀ons
Angelika Gedsun (Düsseldorf/DE)

P–26 Precipita琀椀on behavior of Nb2co7 from Nb-supersaturated Co-solid solu琀椀on in Co-rich Co-Nb binary alloys
Konatsu Yamada (Sapporo/JP)

P–27 Structural and phase transforma琀椀ons occurring during fabrica琀椀on of Ni-Al-Cr-based alloy reinforced by AlN 
and Cr2n

Maxim S. Gusakov (Korolev/RU)

P–28 Alloying e昀昀ects in vanadium solid solu琀椀ons
Christopher Müller (Magdeburg/DE)

P–29 Plas琀椀c deforma琀椀on behavior of single crystals of Fe-Cr sigma phase at room temperature
Masaomi Okutani (Kyoto/JP)

P–30 The reac琀椀on of refractory carbides (borides) with iridium
Victor V. Lozanov (Novosibirsk/RU)

P–31 In-situ observa琀椀on of phase and microstructure evolu琀椀on during direc琀椀onal solidi昀椀ca琀椀on of novel 
intermetallic structural materials

Camelia Gombola (Karlsruhe/DE)
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O–IT–01 

Metals and alloys in commercial aircraft 
Sharvan Kumar 

School of Engineering, Brown University, Providence, RI 02912, USA, Sharvan_Kumar@brown.edu 

Abstract 
Modern-day, self-propelled, heavier-than-air flight traces its roots back to 1903 when the Wright brothers remained in 
air for 12 seconds in Kittyhawk, NC. Just 30 years later, Boeing introduced the 247, a 10-passenger, all-metal twin-engine 
aircraft with a retractable landing gear; soon thereafter, the era of jet engines was ushered in that dramatically changed 
air-travel. Sixty years later, Boeing rolled out the 777, the biggest twin-engine jet ever to fly at that time and the first 
aircraft to be produced using computer-aided design and engineering! In the first decade of the 21st century, the full 
double-decker A380 that could carry more than 550 passengers took to the skies. This dramatic advance in passenger 
flight is filled with inventions, innovative designs, materials and technology advancements, accidents and lessons 
learned. Driven by performance and safety, societal needs, economy, government regulations and more, alloy and 
components design, process development, property assessment and life prediction have all been central to these 
advances. Here, I will follow this fascinating thread with a focus on alloy development for aircraft fuselage and aircraft 
engine over time.
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O–IT–02 
Room-temperature deformation behavior of D8l-type transition-metal silicides investigated by 

micropillar compression 
Kyosuke Kishida1 and Haruyuki Inui2 

1Department of Materials Science and Engineering, Kyoto University, Kyoto, 606-8501, Japan, 
kishida.kyosuke.6w@kyoto-u.ac.jp 

2Department of Materials Science and Engineering, Kyoto University, Kyoto, 606-8501, Japan, 
inui.haruyuki.3z@kyoto-u.ac.jp 

Introduction 
Alloys containing transition-metal silicides with a general formula of TM5Si3 (TM = transition-metal) have been 

considered as promising materials for ultra-high temperature applications. These include those containing Mo5SiB2 and 

α-Nb5Si3 with the D8l-type crystal structures have been investigated extensively in the form of Mo-Mo5SiB2, Mo-Mo3Si-

Mo5SiB2, Nb/α-Nb5Si3 alloys. But, low fracture toughness and ductility at ambient temperatures are still the main 

drawbacks for these alloys containing TM5Si3. The study of plastic deformation behavior of Mo5SiB2 and α-Nb5Si3 with 
the D8l structures is therefore of great interest. For Mo5SiB2, the plastic flow has been reported to be extremely difficult 

to occur unless otherwise the deformation temperature is raised above 1500°C even in single crystals when tested in 

compression at a strain rate of the order of 10-4 s-1 [1]. Because of the difficulty of plastic flow, slip systems reported so 

far for Mo5SiB2 are somewhat controversial. The slip system identified for the single crystal after compression along the 

[021] direction at 1500 °C was {100}[001], although the evidence for this is not sufficiently trustable due to the difficulty

in slip plane identification arising from severe oxide formation on the specimen surface and climb motion of dislocations 

at high temperatures [1]. Recently, we have applied the micropillar compression method to various brittle intermetallic

compounds and have confirmed that plastic flow can be observed for some of them even at room temperature if the

specimen size is reduced from bulk to micron meter size [2-4]. In the present study, we investigated the plastic

deformation behavior of single crystals of Mo5SiB2 and α-Nb5Si3 with the D8l structure in compression as a function of

crystal orientation at room temperature and specimen size, in order to clarify the operative slip systems and to evaluate 

their CRSS values.

Materials and Methods
Single crystals of Mo5SiB2 and Nb5Si3 were grown with an optical floating-zone furnace under Ar gas flow. The actual 
composition of the Mo5SiB2 single crystals were determined to be slightly rich in Si and B (Mo - 13.8 at.%Si - 25.7 at.%B). 

The as-grown single crystal of Nb5Si3 was confirmed to be crystallized into its high-temperature modification (β-Nb5Si3) 

with the D8m structure. The as grown single crystal of β-Nb5Si3 was then heat treated at 1500 °C for 96 hours to obtain a 
polycrystalline ingot of α-Nb5Si3. Micropillar single-crystal specimens with a square cross-section having an edge length 

L ranging from 0.5 to 7.5 μm and an aspect ratio of approximately 1:2~1:3 (1:4~1:5 only for the [001] orientation) were 
machined from the Mo5SiB2 single crystal and α-Nb5Si3 polycrystal by focused ion milling (FIB) technique. Four different 

loading axis orientations, [021], [010], [001] and [1̄10], were selected. Compression tests were conducted on a nano-
indenter equipped with a flat punch indenter tip at room temperature under the displacement-rate-controlled mode 

at a nominal strain rate of : 1x10-4 s-1 . Slip planes were determined by slip trace analysis made on two orthogonal 

surfaces of the deformed micropillar specimen by scanning electron microscopy (SEM). Dislocation structures in the 

deformed micropillars were investigated by transmission electron microscopy (TEM) and atomic-resolution scanning 

transmission electron microscopy (STEM). In addition, generalized stacking fault energy (GSFE) for various slip planes 

were calculated by the first-principles calculations. 

Results and Discussion 
For Mo5SiB2, plastic flow was observed at room temperature in a wide range of crystal orientation in the micropillar 

form, and three different slip systems, (001)<100>, {110}<11̄0> and {01̄1}<111>, were identified to be operative at room 
temperature [3]. The values of critical resolved shear stress (CRSS) for the three identified slip systems were extremely 

high all exceeding 2 GPa. The CRSS value for each slip system increases with decreasing specimen size, following the 

inverse power-law relationship with an exponent of about 0.2, which is much smaller than those reported for FCC and 

BCC metals. The <100> dislocation on (001) and the <11̄0> dislocation on {110} were confirmed to dissociate into two 
collinear partials on their slip plane by both experiment and theoretical calculation. For α-Nb5Si3, plastic deformation by 

two different slip systems of (001)<100> and {01̄1}<111> was confirmed, while that by {110}<11̄0> was not. The 
similarity and differences in plastic deformation behavior between isostructural Mo5SiB2 and α-Nb5Si3 will be discussed 

based on the results of the first-principle calculations of GSFE for various slip planes. 
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Fig. 1: Deformation markings observed on two 
orthogonal surfaces of Mo5SiB2 single crystalline 
micropillars with (a) [021], (b) [010], (c) [001] and (d) 
[1̄10] orientations. 

Fig. 2: (a) The calculated GSFE curves and (b) their 
derivatives for (001)<100> and  {110}<11̄0> slip for 
Mo5SiB2. 
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O–SI–01 

Laser-based additive manufacturing of Mo-Si-B alloys 
David Fichtner1, Sven Schmigalla2, Janett Schmelzer3, Christoph Heinze1 and Manja Krüger4  

1Siemens AG, Siemensdamm 50, 13629 Berlin, Germany, fichtner.david@siemens.com, 
christoph.heinze@siemens.com 

2Institut für Korrosions- und Schadensanalyse, Schwiesaustr. 11, 39124 Magdeburg, Germany, schmigalla@corrlab.de 
3Otto-von-Guericke Universität Magdeburg, Große Steinernetischstraße 6, 39104 Magdeburg, 

janett.schmelzer@ovgu.de 
4Forschungszentrum Jülich GmbH, Institute of Energy and Climate Research (IEK-2), Leo-Brand-Str. 1, 52425 Jülich, 

Germany, m.krueger@fz-juelich.de 

Introduction 
The maximum operation temperature of nickel-based superalloys in modern gas turbines limits the reachable efficiency. 
Therefore, it is important to find a new suitable material class. The search for this material class is quite difficult, due to 
high technical and economical demands [1]. Compared with other potential alloys, Mo-Si-B-alloys are well examined 
and show a very high potential [2,3].   
The high melting temperature and the strong embrittlement of refractory metals, even by small concentrations of 
interstitial elements (e.g. oxygen and nitrogen), makes the manufacturing of this material group very difficult. Laser-
based additive manufacturing is a very promising manufacturing technology, because it processes the material under 
inert atmosphere and generate a near net-shape object with a fine microstructure. Hereby, a fine microstructure is very 
important to improve oxidation resistance [4].  

Materials and Methods 
Samples of Mo-Si-B-alloys were manufactured on a laser powder bed fusion (L-PBF) machine with a special substrate 
preheating system. The preheating system can achieve temperatures up to 1200 °C in the substrate. The used powder 
was generated by gas atomization from a crucible. The chemical composition of Mo-16.5Si-7.5B (at.%) was near-eutectic 
[5]. Powder from the same supplier was already successfully used for DED in the past [6].  
After several optimization steps, crack free L-PBF samples were manufactured and different samples were built to 
determine the mechanical properties and the oxidation behavior of the material.  

Results and Discussion 
Fig. 1 shows that low preheating temperatures lead to an excessive network of cracks in the generated samples. The 
reason for this is the high brittleness of intermetallic materials at low temperatures (e.g. room temperature). The laser-
based additive manufacturing of other intermetallic materials was already successfully achieved for some materials (e.g. 
iron aluminides) in the past [7]. The key for this is using an adequate preheating temperature for the substrate. In 
general, the preheating temperature should be higher than the DBTT. In this way, it can be insured that the high residual 
stresses, which results from the high cooling speed of the process can be compensated by deformation on a microscopic 
scale. 
In dependence of the microstructure, Mo-Si-B alloys can have a DBTT of up to around 1100 °C [8].   
First tests with a preheating of 1200 °C doesn´t lead to a crack free sample and higher temperatures could not be 
achieved with this L-PBF machine. Therefore, the process parameters were optimized and modified parameters were 
used to decrease the number of cracks in the sample. 
One important parameter, which strongly influences the DBTT of refractory metals is the concentration of dissolved 
interstitial elements. Both oxygen and nitrogen have a very strong tendency to embrittle molybdenum even in low 
concentrations. In welding applications, both elements can lead to brittle failure along the grain boundaries [9].  
During the L-PBF the process chamber is constantly flooded with argon gas, but the powder in the powder tank is quite 
separated from the constant argon flow. Additionally, it is very complicated to remove the air molecules from the gaps 
between the powder particles. Different methods were tested and finally crack free samples with a height of 10 mm 
and a side length of 7 mm were successfully manufactured (Fig. 2). 
Several different samples were manufactured to determine the mechanical and oxidation properties of the L-PBF 
sample. 
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Fig. 1: L-PBF with a preheating temperature of 200 °C Fig. 2: L-PBF with a preheating temperature of 1200 °C  
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Introduction 
Improving the thermodynamic efficiency of turbines for power plants and aircraft engines is an increasingly important 
research subject. A slight increase of the gas inlet temperature would already lead to a significant efficiency gain. So, it 
is necessary to develop new high temperature materials beyond the capability of state-of-the-art Ni-based superalloys 
since Ni-based alloys are limited in their maximum operating temperatures [1]. Promising candidates for the focused 
applications are Mo-Si-B alloys, offering a balanced proportion of continuously distributed Moss phase and intermetallic 
phases, which is important to obtain both, good high temperature and acceptable room temperature properties [2]. 
Hence, the Moss phase is an authoritative component of the alloying system. But there is still room for optimization, 
especially concerning balanced strength and ductility, and most of all the density of this phase, without deteriorating 
the high temperature properties (creep). A comparison with other suitable lightweight alloying elements, like Ti or Zr, 
shows that V is a very promising candidate to fulfill these requirements [3]. Hence, V was chosen as an additional alloy 
component to the most suitable alloy composition Mo-9Si-8B. The present work demonstrates that V effectively reduces 
the density by about 17 % (for Mo-40V-9Si-8B), while having competitive creep properties without decreasing the 
fracture toughness as compared to the reference alloy Mo-9Si-8B [4]. 

Materials and Methods 
First investigations were carried out on mechanically alloyed and heat treated Mo-9Si-8B powders having varying 
amounts of V (10, 20, 30 and 40 at.%). Furthermore, the Mo-40V-9Si-8B alloy was chosen for processing by powder 
metallurgy via field-assisted-sintering (FAST) and ingot metallurgy using an arc-melter (AM). All microstructures were 
characterized using a SEM microscope equipped with EDS. For phase identification X-ray diffraction analysis (XRD) was 
performed. Additional Rietveld refinement helped to derive the preferred V sites in the lattices of the present phases. 
Three point-bending with notched samples was conducted for fracture toughness determination at room temperature. 
Compressive creep tests at 1093 °C were performed to prove the creep strength of this new type of alloys. Furthermore, 
the oxidation behavior was assessed by cyclic oxidation tests between 800 °C and 1100 °C. Additionally an effect of 
minor additions of Fe on the oxidation and creep resistance was proven. 

Results and Discussion 
The microstructural characterization of different alloy compositions (Mo-XV-9Si-8B; X=10, 20, 30, 40 at.%) showed that 
V is soluble in all three phases within the (Mo,V)ss-(Mo,V)3Si-(Mo,V)5SiB2 triangle. The results of Rietveld refinement 
represented in Fig. 1 indicate that especially in the D8I structure of (Mo,V)5SiB2 phase, V seems to have a site preference 
for occupying the higher symmetry 4c Wyckoff position. This effect will be analyzed more detailed in regard to the 
bonding mechanism using density functional theory (DFT). The fractions of the corresponding phases are not 
significantly affected by V alloying. Regarding the bulk materials a huge advantage was achieved concerning the density 
reduction which was around 17 % (for both processing routes, comparing the Mo-40V-9Si-8B alloys to similarly 
processed Mo-9Si-8B alloys). The FAST Mo-40V-9Si-8B alloy represents a very fine grained microstructure with a 
continuous Moss matrix, whereas the molten equivalent exhibits an intermetallic matrix with a coarser grain size. The 
fine-grained alloy has a fracture toughness of 13.3 MPa√m, which is a very competitive value compared to other Mo-Si-
B alloys. In contrast, the absolute creep strength of the V-substituted FAST alloy is lower compared to reference alloys, 
but density-related results show that also this alloy offers good potential (Fig. 2). Grain growth heat treatment may help 
to enhance the creep resistance. The molten Mo-40V-9Si-8B alloy therefore profits from its intermetallic matrix and its 
homogeneous microstructure. Even compared to Mo-9Si-8B (AM) it shows better specific creep properties due to its 
lower density and the slightly increased amount of intermetallic phases (53 %) as compared to 47 % in the reference 
alloy. 
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Fig. 1: Projection of the D8I structure of 
(MoV)5SiB2 on the (100) plane. 

Fig. 2: Double-logarithmic plot of creep rate versus normalized 
applied stress at 1093 °C. 

 
Last but not least the oxidation resistance is an essential property for high temperature applications, which is 
investigated by cyclic oxidation tests under atmospheric conditions. The high affinity of V for oxygen and the 
corresponding oxide formation is responsible for a decrease of oxidation resistance at elevated temperatures (up to 
1100 °C). Since Kumar et al. [5] and Sossaman et al. [6] noticed a positive effect of minor Fe additions on the oxidation 
resistance of Mo-Si-B alloys, 3 % Fe was additionally added to the present Mo-40V-9Si-8B alloys. A non-doped and a Fe-
doped Mo-9Si-8B alloy served as reference material to analyze the role and the contributions of the individual elements 
on the oxidation response of the alloys systematically. However, the investigations show that Fe additions only work 
effectively at approximately 800 °C for the reference alloy and not in combination with V. With increasing temperatures, 
a significant decrease of the layer viscosity is observed, which means increased diffusion rates and, therefore, reduced 
oxidation resistance.  
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Introduction 
Molybdenum-based alloys are promising candidate materials for high temperature applications, but at temperatures 
above 700 °C in air volatile MoO3 is formed.[1] The alloying of Mo with Si and B can increase the oxidation resistance, 
due to the formation of SiO2/B2O3 glass phases on the surface, which react as an oxidation barrier. The oxidation 
resistance is determined by the Si/B ratio. Furthermore, the coexistence of Mo, Mo3Si (T1) and Mo5SiB2 (T2) phases 
leads to excellent high temperature strength and creep properties.[1] Nevertheless, at temperatures between 500-
900 °C the so-called Mo-pesting still occurs. One approach to prevent the material from oxidation and thus degradation 
is the application of protective ceramic coatings.[2] In this study, the oxidation behavior of Mo-Si-B-alloys with and 
without protective coatings was examined. In order to improve the coating performance fillers were added to adjust 
the high temperature properties of the coating material. It was found that the use of tailored ceramic coatings can 
drastically increase the oxidation resistance. 

Materials and Methods 
Coated and uncoated samples of the Mo-Si-B alloys were studied as well as free-standing coatings. The PDC technique 
(polymer derived ceramic) was used to obtain dense, ceramic coatings. Therefore, the Mo-Si-B alloys were dip coated 
with a silazane-polymer slurry (PHPS, perhydropolysilazane), afterwards the samples were pyrolyzed for 1h under Ar or 
N2 atmosphere (see Figure 1). The coatings were tailored to further increase the oxidation performance by the use of 
several fillers, for example Si, B, Ti3SiC2, Mo5SiB2, SiB6. The oxidation behavior of the coated samples as well as the 
uncoated alloys was tested at 800 °C and 1100 °C in air. The mass change was examined and the samples were analyzed 
by means of SEM and XRD. 
 

Fig. 1: Schematic illustration of the coating process.  

Results and Discussion 
The oxidation tests of coated and uncoated Mo-Si-B samples show that even thin PHPS layers (~100 nm) are sufficient 
to suppress pesting of Mo. In order to further increase the lifetime of the sample, fillers (Si, B, Mo5SiB2, SiB6, Ti3SiC2) 
were added to the coatings. The fillers help to reduce the coating shrinkage during pyrolysis and to adjust the coefficient 
of thermal expansion in order to reduce thermal stress between coating and substrate. Furthermore, active fillers can 
act as oxygen scavenger and, in interaction with the coating material, influence the oxidation properties.  
It was found that the fillers and/or the ratio of fillers to one another has drastic influence on the coating performance. 
Especially well-known glass formers, such as boron, drastically influence the coating properties. Different coating 
microstructures were found after oxidation tests. In case no boron was added, a rough and porous coating surface was 
observed (Figure 2, left). When boron was added a dense glassy layer was observed on the coating surface, it was found 
that this layer helps to reduce further oxidation of the sample (Figure 2, right).   
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Fig. 2: SEM-Images of coating surfaces after 1000 h oxidation in air at 800 °C (left: PHPS coating with 45% Si filler; right: 
PHPS coating with 15% B filler).  
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Introduction 
Compositionally complex alloys (CCAs) are being developed in a paradigm shift from traditional alloy compositions, 
where a single base element has additional minor alloying additions to achieve desired properties. In CCAs multiple 
elements (usually >4) are combined in similar or equal ratios, leading to alloys with unique properties as shown in Fig. 
1a. These alloys have several defining features including configurational entropy, lattice distortion, sluggish diffusion 
and a ‘cocktail’ or mixing effect. [1] While solid solution formation is generally promoted in CCAs, intermetallic (IM) 
phases are formed under certain compositions and heat treatment conditions. Analogously to steels and superalloys, 
IM phase precipitation is an effective strengthening mechanism for CCAs through precipitation hardening. As the broad 
range of CCAs are being newly developed, precipitate morphology, phases and structures have not yet been fully 
explored and the microstructures need further optimization to achieve the full potential of these materials for advanced 
applications. 

Materials and Methods 
Utilizing calculations of energetics for various ordered/disordered states, thermodynamic linear-response, valence 
electron concentrations and energies of formation, the stable solid solutions and IM phases were predicted for various 
compositions of CCAs, as seen in Fig. 1c. For experimental validation of the models, samples of each composition were 
prepared using arc melting, drop casting, injection molding, melt spinning, high pressure gas atomization and additive 
manufacturing. Starting elemental materials were of at least 99.95wt% purity and were pre-alloyed to minimize 
reactivity, volatility and reduce melting points. Melt spinning was performed by pressurized ejection of a molten stream 
onto a rotating copper wheel with continuous ribbon production as shown in Fig. 1e. High pressure gas atomization was 
performed in a high purity Ar atmosphere with high purity Ar atomization gas in a customized system using ceramics 
and gas dies to achieve the desired particle size. Additive manufacturing of the atomized powders was performed using 
an Optomec laser engineered net-shaping (LENS) system through directed energy deposition (DED). Samples were heat 
treated to examine solid solution stability, IM formation and IM strengthening as seen in Fig. 1b. Characterization of the 
samples was performed using inductively coupled mass spectrometry (ICP-MS) for composition and LECO combustion 
analysis for impurities, X-ray diffraction (XRD) and differential scanning calorimetry (DSC) for phase information and 
scanning electron microscopy (SEM) for microstructural information as included in Fig. 1b and d.  

Results and Discussion 
The correlation between the modeling efforts and the experimental results show this approach to be effective in 
predicting CCA IM phases and their stability. The IM phase formation through compositional control and subsequent 
heat treatments show a path towards optimizing strength and other properties within these alloy families, while 
leveraging novel processing such as AM, for important advances in manufacturing and energy applications. 
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Fig. 1: a) Fracture toughness vs. yield strength for various 
materials families, b) Al-Cr-Co-Fe-Ni alloy solutionized and heat 
treated microstructures, c) Energy of formation for various Al 
concentrations of phases within Al-Cr-Co-Fe-Ni alloy, d) DSC 
traces of melt spun ribbon and ingot Al-Cu-Cr-Co-Fe-Ni samples, 
e) Cr-Co-Mn-Fe-Ni alloy melt spun continuous ribbon. 

e) 
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Introduction 
High entropy alloys (HEAs) are a material class gaining large research interest, recently. In contrast to conventional 
alloys, HEAs consist of a (near-) equimolar mixture of at least 4 elements. Remarkably, this complex composition results 
in a simple microstructure consisting of solid solution phases [1]. Outstanding properties result from this extraordinary 
microstructure, as for example high strength [2], superior mechanical properties at high [3] as well as low temperatures 
[4] and excellent wear resistance [5]. One of the most studied HEAs is the Cantor alloy CoCrFeMnNi. It consists of a 
single phase fcc microstructure and is therefore a highly suitable HEA for basic research, such as deformation behaviour, 
mechanical properties and phase stability [4,6,7]. Precipitation hardening is the dominating strengthening mechanism 
in superalloys [8] and shall be adapted to Co19Cr19Fe19Mn19Ni19Ti5 in this research. The required heat treatment to 
generate precipitations mostly consists of a solution annealing at temperatures above the solvus temperature to 
dissolve all alloying elements followed by a precipitation heat treatment at medium temperatures to create small 
precipitations.  

Materials and Methods 
Commercially available titanium powder (purity higher than 99%) and an atomised equimolar CoCrFeMnNi high entropy 
alloy powder (see [23] for more production details) were used as starting materials. A Co19Cr19Fe19Mn19Ni19Ti5 (at.%) 
HEA is prepared by wet mixing. The alloy was melted to allow mixing of the components. Cuboid samples were cut (3 x 
5 x 10 mm³) by a precision saw. These cuboids were solution annealed (1250°C, 1h, air) and subsequently quenched in 
water. The precipitation heat treatment was conducted at 750°C for 2 h, 10 h or 20 h under vacuum. The chemical 
composition was determined by Zeiss EVO 50 scanning electron microscope (SEM) equipped with EDX. TEM Zeiss Libra 
200 MC Cs STEM was used for further analysing of microstructure and chemical composition. The TEM-samples were 
prepared by using focused ion beam technique (“Helios Nanolab 660“ by FEI). 

Results and Discussion 
The composition in the homogenized state was as intended. During homogenization an oxide layer formed which was 
not investigated further. However, it did not affect the composition in the inner part of the sample, where the further 
research was conducted. After precipitation treatment nanoscale second phase particles were detected via TEM, s. fig. 
1. It could be proven that the composition of the matrix phase is identical for all samples. Due to the small size of the 
precipitations also information of the surrounding matrix phases affects the EDX- analysis. Therefore, the exact 
composition of the precipitations could not be determined and depending on the thickness of the analysed spot the 
resulting composition of the precipitations vary. The sample spot of the analysed precipitations after a heat treatment 
of 20 h was very thin, i.e. why the resulting element levels are more accurate than the ones after the 10 h heat 
treatment. The precipitations probably consist of mainly nickel, titanium and cobalt (see Table 1). The crystal structure 
of the precipitations could not be analysed, but according to its composition the phase is probably similar to Ni3Ti 
precipitations known from superalloys [9,10]. 
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Fig. 1: TEM images of the precipitation hardened alloy after 10 h (left) and 20 h (right) of aging at 750°C. 
 
Table 1: Composition of Ti-HEA for various conditions determined by EDX (at.-%) during TEM-analysis 

state Co Cr Fe Mn Ni Ti phase 
Homogenised and 
quenched sample 20.6 21.1 22.6 16.7 16.9 2.0 matrix 

Precipitation heat 
treatment 10 h 

21.2 21.6 21.7 17.5 15.8 2.3 matrix 

20.4 11.0 12.8 9.3 33.6 12.9 precipitation 

Precipitation heat 
treatment 20 h 

21.3 20.4 21.4 17.7 16.9 2.2 matrix 

17.8 0.8 2.8 1.4 56.3 20.9 precipitation 

 
The hardness evolution of the samples resembles the typical trend for precipitation hardening. The homogenized 
(=solution treated) sample starts at 160 HV 5. After 2h at 750°C it increases strongly to 250 HV 5 indicating the formation 
of precipitations. After 10 h of annealing the hardness increases further to 260 HV 5 indicating the precipitation of more 
and / or larger precipitates. After 20 h of annealing the hardness decreases to 235 HV 5. This decrease is typically 
attributed to coarsening of the precipitates causing their distance to each other to grow, an effect known as overaging 
in precipitation hardened alloys [11]. 
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Introduction 
The need to make energy generation and conversion more sustainable and to reduce the emission of harmful gases 
requires the development of novel high temperature stable materials.  Several of the so-called compositionally complex 
alloys (CCAs) have been shown to possess unique property combinations and, in some cases, exceptional mechanical 
properties.  There is much promise in the development of cost-effective CCAs with the necessary properties for use in 
high temperature applications.  In particular, alloys with high degrees of both solid solution strengthening and 
precipitation of creep resistant ordered phases, such as the L21-Heusler phase, can be realised under this alloy 
development strategy. 

Materials and Methods
In the present study we are exploring the AlCrFeNiTi system, mainly for compositions with 30-35 at.% Fe and varying 
concentrations of the other four elements, with particular attention paid to the effect of increasing Al content. The aim 
is to produce alloys with mechanical stability up to 900 C, through achievement of an A2 solid solution matrix with 
coherent intermetallic precipitates of B2-NiAl and/or L21-Ni2TiAl structure, and densities of approximately 6 g/cm3. We 
have begun screening the composition space in this system using both a compositionally graded thin film produced via 
magnetron sputtering and bulk arc melted samples.  The thin film has been probed along a gradient of increasing Al 
content at 5 unique compositions and we have produced more than 20 unique alloy compositions via arc melting.  The 
characterization carried out for each composition includes XRD, DSC, SEM, and micro-hardness measurements.  Several 
particularly promising alloy compositions have been further investigated using high resolution TEM and STEM, and initial 
compression testing results have also been collected.   

Results and Discussion
For both the thin film and the arc melted samples we have observed a wide compositional range of stability for the 
B2/L21 and A2 phases, with a strong trend towards decreasing lattice parameter mismatch between the ordered and 
disordered phases with increasing Al content. The agreement between phase formation in the thin film and the bulk 
specimens is close enough to suggest that the graded thin film approach can be used for further screening of trends in 
this system, and, in general, can be used synergistically with bulk specimen results for a wider range of alloy systems. In 
the case of bulk specimens we have identified three primary morphologies in the areas of composition space explored 
thus far: 

I. Bulk primary A2 regions with B2/L21 ordered phase precipitates (Observed in Fig. 1)
II. Lamellar regions with alternating A2 and B2/L21 phase domains (Observed in Fig. 2)
III. C14 Laves regions

In addition to quantifying the relative amounts and morphologies of the individual phases which form, we have 
conducted composition analysis in the individual phases and have observed high degrees of species intermixing in both 
the disordered A2 solid solution phase and the ordered phases, with off-stoichiometric compositions in the intermetallic 
phases of particular interest.  
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Fig. 1: Alloy exhibiting regions of primary A2 with L21 
precipitates.  

Fig. 2: Alloy exhibiting a lamellar, maze-like arrangement 
of A2 and B2/L21 precipitates.  
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Introduction 
Refractory high-entropy alloys (RHEAs) are under consideration for potential high-temperature applications due to their 
unique properties [1,2]. However, the majority of the developed RHEAs are composed mainly of heavy refractory 
elements (ρ > 10 g/cm3) that can result in uncompetitive specific strength. In this regard, the alloys based on the Al-Cr-
Nb-Ti-V-Zr system with much lower density (~ 5.5 – 6.5 g/cm3) and good high-temperature properties look more 
attractive [3–6]. Nevertheless, despite the extensive research in the field of RHEAs and, as a result, the development of 
a vast number of different compositions, there are no systematic investigations of structure-property relationships that 
can impede the elaboration of practically operative RHEAs. Therefore, in this work, we tried to establish dependencies 
between chemical compositions, structures, and mechanical properties of a number of Al-Cr-Nb-Ti-V-Zr RHEAs. 

Materials and Methods 
The alloys with the nominal compositions of AlNbTiV, AlCrxNbTiV and AlNbTiVZry (x, y = 0.25; 0.5; 1; 1.5) were prepared 
by vacuum arc melting. As-cast ingots were annealed at 1200°C for 24 hours (further – initial state). From the annealed 
ingots samples for microstructure investigations and isothermal compression tests were cut. Microstructure and phase 
composition of the alloys in the initial state were studied using X-ray diffraction (XRD), scanning electron microscopy 
(SEM) and transmission electron microscopy (TEM). The more detailed information on materials and methods is given 
in [4–6]. 

Results and Discussion 
Experimental investigations of microstructure and phase composition showed that the AlNbTiV alloy in the initial state 
possessed a single-phase B2 ordered structure (Fig. 1). Addition of Cr to the AlNbTiV alloy at x ≤ 0.5 did not change the 
phase composition, however, at x = 1 and 1.5, the hexagonal (C14) Laves phase of Cr2Nb-type, enriched with Cr and Nb, 
precipitated. In turn, an addition of Zr to the AlNbTiV alloy at y ≤ 0.25 led to precipitation of the hexagonal Zr5Al3-type 
phase, enriched with Zr and Al. At higher (y ≥ 0.5) Zr content, the simultaneous formation of Zr5Al3-type and C14 Laves 
ZrAlV-type second phases was noted (Fig. 1). The volume fraction of the second phases enlarged with an increase in Cr 
or Zr content. Also, alloying with Cr or Zr resulted in a decrease in the degree of order of the B2 phase.  
 

  
Fig. 1: Schematic representation of the relationships 
between chemical compositions and structures of the Al-
Cr-Nb-Ti-V-Zr alloys 

Fig. 2: Schematic representation of the relationships 
between chemical compositions and mechanical 
properties of the Al-Cr-Nb-Ti-V-Zr alloys 
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Investigation of mechanical properties revealed that Cr or Zr enhanced strength of the AlNbTiV alloy (Fig. 2). At T = 22-
600°C, the strength increased with the increase both Cr or Zr – the alloys with the maximum content of Cr or Zr had the 
highest yield strength. At T = 800°C, Cr kept almost the same dependence between strength and its content, whereas, 
in a case of Zr-containing alloys, the AlNbTiVZr0.25 alloy had the highest yield strength. The conducted analysis showed 
that Cr or Zr could increase strength through solid solution strengthening and the formation of second phase particles, 
and complex dependence of strength on content of alloying element, particularly, at T = 800°C, could be associated with 
the change in the degree of order of the B2 phase. Also, it was found that Cr decreased ductility at T = 22-600°C. At the 
same time, Zr at y ≤ 0.5 and T = 22°C increased ductility (Fig. 2). Particularly, the AlNbTiVZr0.5 alloy could be plastically 
deformed up to 50% without fracture that possibly connected with the deformation-induced disordering of the B2 
matrix phase. However, at T = 600°C, ductility of the Zr-containing alloys decreased. At T = 800°C, the AlNbTiV, 
AlCrxNbTiV, and AlNbTiVZry (x, y = 0.25; 0.5; 1; 1.5) alloys were found to be ductile. It was established that ductility could 
be affected by second phase particles and, possibly, the degree of order of the B2 phase. 
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Introduction 
High entropy alloys (HEAs) were originally conceived as multicomponent single phase alloys having simple crystal 
structures [1]. Recent research in these alloys has been directed at increasing the strength of ductile (FCC) single phase 
alloys by adding one or more complex intermetallic phases for their potential applications as structural materials. The 
addition of Nb in the single phase HEAs has been considered very promising for improving high temperature strength 
properties. However, with the increase in Nb-content, amount of Laves phase in these HEAs [2], potentially resulting in 
a loss of ductility. In order to restore the ductility in the base alloy and also to maximize the benefits of Nb addition, we 
have designed and developed novel complex intermetallic containing CoCrFeNi2.1Nbx (x=0.2, 0.4) HEAs by arc melting. 
In this paper, we present microstructure and mechanical properties of CoCrFeNi2.1Nbx HEAs. 

Materials and Methods 
Button-shaped ingots of CoCrFeNi2.1Nbx (x=0.2, 0.4, hereafter denoted as Nb0.2 and Nb0.4 alloys) HEAs were prepared by 
arc melting under argon atmosphere in a water-cooled copper mold. Annealing treatment on the as-cast HEA samples 
were performed under argon atmosphere at 800°C for 24 hours followed by water quenching. Microstructural 
examinations were carried out using a field emission gun (FEG) scanning electron microscope (SEM) (JEOL, JSM-7800F, 
Japan) equipped with energy dispersive x-ray spectroscopy (EDS) for the compositional analysis. The tensile tests were 
conducted using table-top universal testing machine (UTM, INSTRON 5967) at room temperature with an initial strain 
rate of 10-3 s-1. 

Results and Discussion 
The as-cast microstructures of the Nb0.2 and Nb0.4 HEAs are shown in Fig. 1(a) and 1(d), respectively, reveal that the Laves 
phase fraction increases with increasing Nb in the alloy. Annealing at 800°C resulted in the precipitation of acicular D019 

(ε - phase) precipitates in both HEAs, see Fig. 1(c) and 1(e). However, the fine precipitates were located mainly at the 
dendritic boundaries in the Nb0.2 HEA, while they appeared throughout the FCC matrix in the Nb0.4 HEA. The tensile test 
results on the as- cast and annealed HEAs are compared with base alloy CoCrFeNi2.1 (without Nb addition, denoted as 
Nb0), see Fig. 1(c). The Nb0.2 HEA showed much better strength-ductility combination as compared to the Nb0.4 HEA. The 
results indicated that intermetallic strengthened CoCrFeNi2.1Nbx HEAs can be developed as advanced high strength HEAs 
combining high strength and ductility. 
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Fig. 1: BSE images showing the representative microstructures of CoCrFeNi2.1Nbx (x=0.2, 0.4) HEAs in as- cast and aged 
(800°C/24h) conditions (a,b) Nb0.2 HEA, (d,e) Nb0.4 HEA; (c) Tensile test curves showing 
engineering stress and engineering strain of CoCrFeNi2.1Nbx HEAs in as-cast and aged (800°C/24h) conditions 
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Introduction 
Materials science has something in common with fashion: from time to time some material class enters in evidence, 
with the promise to change the world of technology. This happened with structural intermetallics [1], with quasicrystals 
[2], with bulk metallic glasses [3], with graphene [4], and now, with the high entropy alloys (HEAs). Based on the past 
examples, it is plausible to believe that the HEAs will find some application niche which will have more or less impact in 
our technology, depending on their intrinsic technological value. There is, however, a considerable skepticism following 
the development of HEAs. This is mostly due to the traditional explanation that the remarkable properties observed for 
these alloys are due to the high value of the maximum configurational entropy which characterize these equimolar 
multicomponent alloys. The absolute value of the configurational entropy itself is known not to play a great role in 
determining the thermodynamic equilibrium (only exchanges in entropy are able to do so). The reported unusual 
properties are, however, validated in some cases by careful experiments and this shows that some intrinsic 
technological value exist for the HEAs. The logical conclusion is that these unusual properties are not related with the 
configurational entropy. The present work reviews theoretical calculations by two of the present authors [5,6], while 
adding new experimental results in cases which bring the HEA idea to extremes. The main message of this work is an 
answer to the question posed in the title: neither of them (or both of them, depending on how you see it). 

Materials and Methods 
The theoretical calculations are based on cluster variation method (CVM) simulations in the irregular tetrahedron 
approximation of BCC systems. The calculations are divided in two parts, in one, a set of prototype calculations in 
artificial systems characterized by equal and strong interactions between all binary sub-systems (the so called 
equinteracting systems) is performed, which allows to display the true effect of entropy in thermodynamic equilibrium. 
These calculations are completed with ab initio calculations in systems V – Nb – Ta – Mo – W , V – Nb – (Ta) – Mo – Al 
and V – Nb – (Ta) – W – Al. The stability of the disordered phase is tested by calculating the critical temperature of 
ordering of the first long-range ordered (LRO) state in each case [5,6]. 
 
On the experimental side, one of the authors has elaborated seven BCC alloys called MD (metallic diamond) from a 
mixture of elemental fine powders (99.9+%). The alloys hold from 6 to 9 distinct metallic elements, which were selected 
by several criteria based on Hume-Rothery rules and chromium equivalent formulas. The equiatomic alloys hold Cr, Fe, 
Nb and other refractory metals, as well as Ni and Al in some cases. Compacted pellets were arc melted on a cooled 
copper hearth. Bulk alloys were prepared for Vickers hardness tests. The as-cast alloys were annealed at 550, 950 and 
1300 oC for 1h under argon, and also pack carburized into graphite media at 1150 oC for 2h, followed by normalizing. 
SEM/ BSE analyses were carried out. 

Results and Discussion 
The equinteracting system calculations clearly show that the entropy (the value of the entropy of the disordered phase 
at the critical temperature of LRO, and not the maximum entropy of the alloy) has a minor impact on the stability of the 
disordered phase, and in some cases, this impact is even contrary to the one prescribed by the HEA paradigm. A 
stabilization effect of the disordered phase for multicomponent alloys is observed and it is postulated that this effect is 
a consequence of competing interactions which cannot be resolved by the LRO state on cooling. This effect was dubbed 
“configurational frustration” by the authors. 
 
The results of the ab initio calculations corroborate this viewpoint. All investigated systems show large deviations of the 
ideal behavior in the component activities, which vanish only at very large temperatures. These alloys are also 
characterized by very large short-range order (SRO) parameters close to the critical temperatures for ordering. Finally, 
the stability of the disordered states is large in all systems but the ones containing Mo and Al. Ironically, these systems 
are the only ones in which the maximum configurational entropy correlates with the stability of the disordered phase, 
but this happens at the cost of very large critical temperatures, which are due to a quaternary very stable compound 
which can resolve configurational frustration.    
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On the experimental side, SEM/BSE has revealed the alloys have a main matrix phase, in which some second phases are 
observed precipitated at grain boundaries. The as cast and 950 oC-annealed alloys have shown very high hardness using 
a micro-Vickers indenter with 2 N load, in the range 900 to 1340 HV. Contrary to that, the 1300 oC annealed alloys are 
softer, from 430 to 975 HV. Some carburized alloys have been hardened to extreme values, as seen in Table 1. 
 
Table 1: Vickers hardness values for 950 oC-annealed and carburized alloys. 

 
According to these results, carburized alloy MD-4, 6 and 7 are the hardest metallic alloys ever developed, reaching a 
dense ceramic level like sapphire. Concurrently, fracture toughness measured at radial cracks from macro-Vickers 
indentations has resulted in low values within the range 3.5 to 9 MPa.m1/2. However, the KIc values for MD-4 are more 
promising being in the range 5 – 9 MPa.m1/2. Homogenization and thermomechanical treatments should be performed 
in order to increase these values for further processing. 
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Alloy Composition HV annealed HV carburized 
MD-1 CrFeMoNbNiW 600 - 900 560 - 1240 
MD-2 CoCrFeMoNbNiTiVZr 1100 – 1340 860 - 1120 
MD-3 CoCrFeMnMoNbNiTaV 910 – 1120 720 – 1080 
MD-4 Cr3FeMoNbTaTiV 1135 - 1190 1410 – 2170 
MD-5 CrFe3MoNbTaTiV 1100 – 1500 800 - 1130 
MD-6 AlCrFeMoNbTaTiVW 950 – 990 1005 – 1860 
MD-7 AlCrFeNbTiW 940 – 1020 1280 -1755 
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Introduction 
Stress-induced martensitic transformation in shape memory alloys (SMAs) gives place to the superelastic effect (SE), an 
exotic behavior that involves a high displacement and a strong actuation, which is promising for application in Micro 
Electro-Mechanical Systems (MEMS). Previous works have demonstrated a completely reversible and reproducible 
behavior at the nanoscale in Cu-based SMAs [1,2], even for thousands of cycles and after long-term cycling spanning 
several years [3,4]. From the fundamental and technological point of view, it is important to know whether there is a 
size-effect on the critical stress (σc) necessary to induce the martensitic transformation in this kind of alloys. Recently 
we provided the first explicit assessment of a size effect on the critical stress for superelasticity in SMAs at small scales 
[5], and the present work aims to shed light on this respect studying, by nano-compression tests, pillars with different 
diameters ranging from micro- to nano-metric scale, on several Cu-based single crystals. 

Materials and Methods 
Cu-based single crystals of SMAs, from Cu-Al-Ni and Cu-Al-Be systems, were used to mill a large number of pillars on the 
(001) oriented surface using the focused ion beam technique (FEI Helios 650). The alloys concentrations were selected 
in order to observe the SE at room temperature. The milling conditions were 30 kV for the gallium I-beam and decreasing 
currents for the different milling steps, 80, 40 and 24 pA, followed by finishing steps with 15 and 7.7 pA. This procedure 
was developed to avoid any noticeable influence of potential Ga damage or contamination. Nano-compression tests 
were performed at room temperature in an instrumented nano indenter Hysitron TI-950, using an sphero-conical 2-µm 
radius diamond indenter. Pillars from 2 µm down to 250 nm in diameter were produced and tested. In-situ nano-
compression experiments inside of the scanning electron microscopy chamber (JEOL 7000F) were also performed using 
a Hysitron PI-85 in order to observe and verify the superelastic response. All the raw load-displacement curves were 
treated according to the method described in the reference [5] to obtain the corresponding stress-strain curves 
necessary to study the related size effect. 

Results and Discussion 
As an example, a pillar of 310 nm in diameter is shown in Fig. 1 (a) (b), with its respective stress-strain supereleastic 
response measured during a nano-compression test. All tested pillars exhibited such characteristic superelastic cycle 
where the critical stress (σc) becomes evident, as is indicated in Fig. 1 (b). In Fig. 2 we depict the critical stress (σc) as a 
function of the pillars diameter, including for comparison data measured in different experimental conditions. This 
graph reveals an strong size effect on the critical stress to induce the martensitic transformation when the pillar 
diameter is reduced. As can be seen, this characteristic parameter can be increased more than three times respect to 
the no size-effect regime (> 1µm). The observed size-effect is explained in terms of the homogeneous nucleation of 
the martensite phase, considering that the paucity of defects for heterogeneous nucleation in small volumes leads to a 
situation in which the martensite must be homogeneously nucleated by a direct shear of the austenite lattice, which 
requires a much higher applied stress. From this understanding, we propose an atomic-elastic based model (black line 
in Fig. 2) to describe and quantify the size-effect and the scaling power law for the stress-induced martensitic 
transformation at small scale, which exhibit similar trend in different Cu-based shape memory alloys, and can be 
considered as an universal scaling law for this kind of materials. 
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(a) (b) 

Fig. 1: (a) Cu-Al-Ni pillar with 310 nm in diameter, (b) Stress-strain superelastic response during one stress-induced 
martensitic transformation cycle obtained by nano-compression.  

Fig. 2: Size-effect measured in Cu-Al-Ni SMA, on the critical stress (σc) for superelasticity versus the pillar diameter, 
and the prediction of the proposed model [5]. 
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Introduction 
Cu-Zn-Al alloys may show a shape memory effect which is based on the disordered bcc (β) to martensite (M) 
transformation that can occur in a wide compositional range depending on the ratio of Zn and Al [1]. So far no 
comprehensive martensite microstructure analysis is available for Al concentrations ≤4wt% [2]. Independent of the 
initial concentration, the morphology of the martensite phase in Cu-Zn-Al alloys is always described as plate-like [3]. In 
other alloy systems, the martensite morphology and microstructural length scale are known to strongly depend on i) 
the alloy composition, e.g. in carbon steels the type of martensite changes from lath (≤0.6wt% C) to plate (>1wt% C) 
with a transitional structure for concentrations in between, and ii) the cooling rate, e.g. in carbon steels the type of 
martensite is cooling rate independent, but the microstructure becomes coarser at lower rates [4]. The aim of this work 
is the investigation of the martensite type and morphology in Cu-Zn-Al alloys depending on the Zn and Al concentration, 
respectively, as well as on the cooling rate.  

Materials and Methods 
For increasing the experimental efficiency, diffusion couples that cover a wide range of initial compositions are 
employed. Alloys with the nominal composition of Cu-Zn30-AlX and Cu-Zn50-AlX (X = 0.5, 0.75, 1.5, all concentrations 
in wt.%) were melted in a carbon crucible using Pb-free commercial Cu-Zn30 and Cu-Zn50 master alloys and pure 
aluminum adding borax and sodium carbonate as flux. These alloys were cast into rods with a diameter of 8mm using a 
permanent mold and cut into cylinders with a height of 5mm. Cylinders with identical Al content, but different Zn 
content were diffusion bonded in a sealed capsule under argon atmosphere at 800°C for 6h with 2MPa joining pressure. 
Inside a glove box with controlled atmosphere the oxide layer was removed from the surface using SiC grinding paper 
(4000grit) and the diffusion capsule was assembled. After diffusion welding, the joined cylinder was cut longitudinally 
into 10x8mm2 plates with a thickness of 1mm. The plates were heated to 875°C, held for 10min and subsequently 
quenched in iced brine (-19°C) or quenching oil (23°C). For microstructural analysis, the quenched samples were 
mechanically ground (up to 4000grit SiC paper) and polished (3µm and 1µm polycrystalline diamond solution) with a 
finishing step of vibration polishing (0,05µm polycrystalline diamond solution). Optical microscopy with polarized light 
was used for the identification of martensite based on its birefringent properties. The concentrations profiles were 
measured in line scans using a scanning electron microscope and energy-dispersive X-ray spectroscopy. 

Results and Discussion 
Diffusion welding at 800°C leads to the formation of a one-dimensional Zn concentration gradient from 30wt% to 50wt% 
over a length of 1200µm and the formation of a fcc (α) / bcc (β) interface parallel to the joining interface. The 
composition range suitable for martensitic transformations is in the β phase region in the vicinity of the interface. 
Samples with identical concentration profiles were quenched with two different rates, 2800K/s (in iced brine) and 
250K/s (in oil). 
After quenching in iced brine, the sample with 0.5wt% Aluminum did not exhibit any martensite. In the samples with 
0.75wt% (not shown) and 1.5wt% Al (Fig. 1), martensite forms starting in the β phase region at the α / β interface 
towards higher Zn concentration (up to 34wt% Zn for 1.5wt% Al). The birefringent contrast allows the identification of 
individual packets, blocks and laths that are subdivided by twinning, with all these features being known from carbon 
steels [5]. The martensitic structure is therefore lath-like rather than plate- or needle-like as previously identified in Cu-
Zn-Al alloys and does not change in the investigated Zn concentration range. Within one grain, two distinct lath 
orientations can be present, indicated by different colors under polarized light. After 48h at room temperature, 
additional martensite needles form and grow further into the β-phase, beyond the Zn concentrations where the 
martensitic transformation initially stopped. This martensite grows isothermally only in the surface layer and can be 
removed by grinding and polishing. Isothermal martensite is assumed to form due to surface oxidation that changes the 
local composition and the martensite start temperature.  
The cooling rates during quenching in oil were not high enough to form martensite in the samples with 0.5wt% and 
0.75wt%. For 1.5wt% Al, coarse martensitic needles within the β-phase, which is characteristic for plate-like martensite, 
are observed (Fig. 2). The microstructure is significantly coarser as compared to the one quenched in iced brine. 
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Fig. 1: Lath-like martensitic microstructure under 
polarized light at the α/β interface of a diffusion couple 
with 1.5wt% aluminum after quenching in iced brine 

Fig. 2: Plate-like martensitic microstructure under 
polarized light at the α/β interface of a diffusion couple 
with 1.5wt% aluminum after oil quenching  

 
In summary, the formation of martensite was found in Cu-Zn-Al alloys with Zn concentrations between 34.5wt% and 
36wt% for 0.75wt% Al and between 32.5wt% and 34wt% for 1.5wt% Al after quenching in iced brine. The observed 
microstructural type after quenching in iced brine is always lath-like. Lowering the cooling rate from 2800K/s to 250K/s 
changes the type of martensite from lath-like to plate-like, revealing the dependence of the type of martensite on the 
cooling rate in Cu-Zn-Al; as expected, the morphology of the martensitic structure becomes coarser with decreasing 
cooling rate. 
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Introduction 
Shape memory alloys are widely used as actuators due to their ability for strain recovery on heating of the preliminary 
deformed samples. At the same time, it is very difficult to predict the temperatures for the strain recovery due to the 
martensite stabilization effect occurs. This effect is revealed as an increase in the temperatures of strain recovery that 
depends on the preliminary strain, chemical composition of the alloy and other parameters [1-3]. Thus, to increase an 
area of the shape memory effect application and to predict the working parameters of the actuators, it is necessary to 
control this effect. The martensite stabilization effect is well studied in equiatomic NiTi alloys but there are few papers 
where this effect is observed in the Ni-rich NiTi alloy. At the same time, Ni-rich NiTi alloys may demonstrate different 
mechanical and functional properties after different heat treatment and it may allow to study how the structure of the 
alloy influences the martensite stabilization effect. The aim of the present work was to study the martensite stabilization 
effect in Ni51Ti49 alloy subjected to two different heat treatments – quenching or annealing. 

Materials and Methods 
The Ni51Ti49 wire samples with a diameter of 1.5 mm were quenched from 900 oC into water or quenched from 900 oC 
with subsequent annealling at 450 oC for 2 hour. After quenching the Ni51Ti49 alloy underwent the B2 →B19’ 
transformation whereas, after quenching and annealing the B2 →R→B19’ transformation occurred on cooling. Thus, in 
the quenched sample the B19’ phase appeared from the B2 phase whereas, in the annealed sample the B19’ phase 
formed from the R phase.  The samples after different heat treatments were deformed in the B19’ or R phases up to 
different strains from 1 to 7 %, unloaded and subjected to heating – cooling – heating in the temperature range of the 
martensitic transformation. The maximum given strain was 7 % because the annealed sample failured if the strain 
exceeded 7%. The simultaneous measurement of the resistivity and the strain during the heating-cooling-heating of the 
deformed samples was carried out. The value of the martensite stabilization effect was determined as the difference in 
the start (∆As = As

1-As
2) or finish (∆Af = Af

1-Af
2) temperatures that were measured on the first and second heating. The 

recoverable and plastic strains were measured as the value of the shape memory effect and irreversible strain that was 
found in the sample after heating. 

Results and Discussion 
The results of this study showed that the martensite stabilization effect took place in the annealed Ni51Ti49 alloy after 
the deformation in the B19’ phase or in the R phase and in the quenched sample after deformation in the B19’ phase. 
In all studied sample the full strain recovery was observed during the first heating that pointed out the plastic 
(irreversible) strain was not initiated during the preliminary deformation. It confirmed the conclusion made in [3-4] that 
the plastic strain was not the main reason for the martensite stabilization effect. The comparison of the values of the 
martensite stabilization effect showed that shift in the As temperature after the deformation in the B19’ phase in the 
annealed sample was the same as in the quenched sample and both were larger than the shift in the As temperature 
after the deformation in the R phase (Fig. 1a). It means that the deformation in the B19’ phase leads to a decrease in 
the elastic energy that was stored in the sample during cooling, in the same way despite the heat treatment of the alloy. 
The deformation in the R phase leads to less decrease in elastic energy because the reorientation of the R phase is 
accompanied by a less strain variation than in the B19’ phase. The shift in Af temperature after deformation in the B19’ 
phase and in the R phase in the annealed sample is the same and this is less than after the deformation in the B19’ 
phase in quenched sample (Fig. 1b). Thus, one may conclude that the reverse transformation in the deformed quenched 
sample is realized more “difficult” than in the annealed. As it was assumed in [3], the reason for the martensite 
stabilization effect may be the loss of the interface coherency during the preliminary deformation in the martensite 
state. In the annealed sample the Ni4Ti3 precipitates that formed during annealing created an internal stress which 
influenced on the formation of the martensite crystals on cooling. As the martensite stabilization effect (∆Af) is less in 
the annealed sample than in quenched one, then it may be assumed that the martensite structure that appeared on 
cooing under the stress field created by the Ni4Ti3 precipitates, partially suppressed the upset in the interface coherency 
during the deformation in the martensite state and it decreased the martensite stabilization effect value. 
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Fig. 1: The dependencies of the martensite stabilization effect ∆As (a) and ∆Af (b) on the residual strain that was 
measured in the annealed and quenched samples after preliminary deformation in different states. The lower index 
Q is denoted to quenched sample; A – annealed sample. 
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Introduction 
A half-Heusler type intermetallic compound ZrNiSn is an excellent thermoelectric material which can be used for high 
temperature applications [1,2]. Improvement of not only thermoelectric performance but also durability and reliability 
is required aiming for practical applications, and thereby, the evaluation of mechanical properties is one of important 
subjects for designing and developing high performance thermoelectric materials. Moreover, elastic and plastic 
deformation behavior is important knowledge for thermoelectric module fabrication. The Half-Heusler (HH) C1b type 
ordered structure of ZrNiSn is quite similar to that of Heusler (FH) L21 type ordered structure of ZrNi2Sn. They have the 
same ordered structure frame in common, and a half of Ni-site of FH is vacant in HH. The objective of the present work 
is to understand the mechanical properties of HH ZrNiSn as compared with FH ZrNi2Sn. Mechanical behavior was mainly 
examined in the atomic-scale using micro-Vickers hardness and nanoindentation measurements at room temperature, 
and compression test was conducted at high temperatures. 

Materials and Methods 
Single crystals of ZrNiSn and ZrNi2Sn were fabricated by the unidirectional solidification using the optical floating zone 
melting method (OFZ) under flowing argon gas atmosphere with the positive pressure. Prior to the OFZ, alloy ingots 
were prepared using arc-melting. The crystal orientation was analyzed by the back reflection Laue method to select 
planes, [001], [111], and [121], on which Micro-Vickers hardness measurement and nanoindentation measurement 
were conducted at room temperature. Micro-Vickers hardness was measured using the condition; load of 980.7 mN 
and holding time of 10 s. Nanoindentation measurement was conducted using Berkovich indenter (trigonal pyramid tip) 
under the condition; loading rate of 50 µN/s and maximum load 2000 µN. Additionally, compression tests were carried 
out at 1173 K and 1273 K under the initial strain rate of 10–4 s–1 using specimens of 3 x 3 x 6 mm3 in demension. 

Results and Discussion 
Averaged value of micro-Vickers hardness 847 HV of HH ZrNiSn is higher than 720 HV of FH ZrNi2Sn. Similarly, values of 
nanohardness as well as Young's modulus of HH ZrNiSn tend to be larger than those of FH ZrNi2Sn. Here, HH ZrNiSn 
shows the crystal orientation dependence of nanohardness and Young's modulus that values of [111] are higher than 
those of other orientation. On the other hand, HH ZrNiSn exhibits extremely low plastic deformability in the micro-scale, 
having cracks generated from all the four corners of micro-Vickers indentation. However, in the nano-scale, so-called 
pop-in events [3,4] which are supposed to correspond to the onset of plastic deformation are observed on the load-
displacement (P-h) curves, where displacement is measured as penetration depth. Typical P-h curves measured for HH 
ZrNiSn and FH ZrNi2Sn are shown in Fig. 1, on which a pop-in event is appered as burst displacement (or abrupt jump in 
displacement). It is thought that sufficiently high stress to generate dislocations is achieved in the condition of 
nanoindentation. The relationship between the critical pop-in load Pc and corresponding burst penetration depth ∆h is 
represented in Fig. 2. Linear relationship is observed between Pc and ∆h in HH ZrNiSn, showing wide range distribution 
from 300 to 1800 µN in Pc and from less than 1 to 12 nm in ∆h. moreover, Pc tends to have a certain crystal orientation 
dependency, low values in [111] and high values in [001] and [121]. As compared Pc values of [001] and [121], at the 
same ∆h values, [001] is much higher than that of [121], and plots of [001] are slightly deviated from the linear 
relationship toward small ∆h value. It indicates that number of dislocations generated or/and mobility of dislocations 
should be somehow restricted in [001], since high Pc value means that released elastic energy is also high in pop-in. On 
the other hand, Pc observed in ZrNi2Sn is about the same value regardless of crystal orientation. The possible active slip 
system of ZrNi2Sn is suggested as {110}<110> by the consideration of Schmidt factor while deducing from the slip 
systems reported for FH phases [5]. Contrary to this, the operative slip system of HH ZrNiSn is not reported according 
to the best knowledge of the present authors. Deformed microstructure of ZrNiSn was observed and analyzed using 
transmission electron microscopy (TEM). Specimens were deformed by micro-Vickers indentation with the load of 250 
mN. We have determined that there exist two-types of burgers vector, one is <110> type (same as in FH) and the other 
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is <111> type. Note that a 1/2[110] type dislocation can be dissociated into two 1/4[111] type dislocations, which may 
indicate that possible slip system of HH ZrNiSn could be the same {110}<110>. Plastically deformed region with high 
dislocation density extends wider in ductile FH ZrNi2Sn than in brittle HH ZrNiSn. 
 

  

Fig. 1: Typical P-h curves with the appearance of pop-in 
event, measured for HH ZrNiSn and FH ZrNi2Sn single 
crystals on OR[111]. 

Fig. 2: The relationship between critical pop-in load Pc 
and penetration depth ∆h measured for HH ZrNiSn and 
FH ZrNi2Sn. 
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Introduction 
Thermoelectric silicides have been extensively studied for converting heat into electricity on semi- conductive junctions 
with a yield depending on their thermoelectric figure of merit zT=S²σT/κ where S is the Seebeck coefficient, σ the 
electronic conductivity and κ the thermal conductivity. Among them, disilicides present a relatively low zT but are good 
applicants for high temperature applications (above 700 K) owing their high stability in air to the formation of a 
superficial protective layer made of silica [1]. FeSi2 and Higher Manganese Silicides (formula MnSi1.7) present both a high 
stability in air and a thermoelectric zT (respectively 0.2 [2] and 0.7 [3–5]) suitable for low energy applications. In this 
regard, it is noteworthy that high temperature applications need a good thermal compatibility between constitutive 
materials which includes a close thermal expansion to avoid stresses during cycling, a low interface resistance and a 
high chemical stability during ageing. Except for TiSi2 that has been shown in the literature to be an efficient high 
temperature connector for those materials [6], those aspects remain unexplored to date. This work studies the thermal 
stability of contacts between FeSi2 and MnSi1.7 and a few titanium based silicides TiSi2, TiMnSi2 and TiFeSi2. 

Materials and Methods 
Diffusion couples were manufactured in two steps: the various studied silicides were melted in high frequency furnace 
using pure metals and silicon in a water-cooled copper crucible in Ar atmosphere. Then, ingots were ball milled into 
powders with the use of ZrO2 ceramic balls at 400 rpm during 10 min to obtain a fine powder. The studied interfaces 
were obtained subsequently by uniaxial hot pressing on simply stacked powders in a graphite die heated at 1050 °C for 
4 h and pressed at 60 MPa in Ar atmosphere. 

Results and Discussion 
After sintering, interfaces observed by scanning electron microscope in Fig. 1 show that TiSi2/MnSi1.7 couple undergoes 
phase transformation. TiMnSi2 (space group Pbam [8]) and pure silicon are identified at this interface. The same type of 
diffusion path is observed with the TiSi2/FeSi2 couple. TiFeSi2 (isostructural of TiMnSi2) and pure silicon form at the 
interface. The latter nucleates as small studs instead of a continuous border like in the TiSi2/MnSi1.7 diffusion couple. In 
both systems, the apparition of new phases creates new interfaces which increase the interfacial resistance. As a 
consequence, the thermoelectric properties of the complete device is globally degraded. 
 

  

Fig. 1: SEM post mortem observation of TiSi2/MnSi1.7 

interface 
Fig. 2: SEM post mortem observation of TiMnSi2/MnSi1.7 

interface 

 
In order to avoid this deleterious effect related to the occurrence of multiple interfaces, the intermediate ternary 
compounds TiFeSi2 and TiMnSi2 were then synthetized and studied as potential optimized interconnectors. SEM 
observations evidence i) the existence of equilibria between ternary and binary intermetallic compounds, TiFeSi2/FeSi2 

and TiMnSi2/MnSi1.7 respectively (see Fig. 2) and ii) the existence of a continuous solid solution between both ternary 
compounds (not illustrated here). Moreover, even after a long duration high temperature ageing, the interfaces remain 
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stable. Finally, their electrical resistivity and thermal expansion coefficient were measured. They showed valuable 
properties which confirm the applicability of such ternary intermetallic compounds as interconnectors for high 
temperature silicide thermoelectric devices. Thus, interdiffusion couples enabled to study phase equilibria between 
phases and should lead to the knowledge of stable systems and is therefore a promising way of choosing materials for 
creating durable contacts for high temperature applications. 
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Introduction 
Optimization and process control at high temperatures require sensor systems which operate reliably under these harsh 
conditions. Therefore, material systems composed of a high temperature stable piezoelectric substrate, optimized 
barrier and cover layers as well as a high temperature stable working metallization have to be developed. During the 
last years, various materials or material systems have been investigated regarding their high temperature properties. It 
appeared that refractory metals like W and Mo [1,2] and high temperature stable Al-based alloys like TiAl [3] and RuAl 
show promising results after high temperature treatments. As substrate material the high temperature stable 
Ca3TaGa3Si2O14 (CTGS) is often used since it remains piezoelectric even above 1000 °C. However, it is also known that 
there are strong chemical reactions between this substrate and Al based metallizations on top of it so that the 
application of suited barrier layers is essential. 
This work reports on the improvement of the high temperature stability of RuAl alloys. 

Materials and Methods 
RuAl thin films with a thickness of 110 nm have been prepared by co-sputtering on CTGS substrates. As a protection 
against oxidation a 20 nm thick AlN, Al2O3 or SiO2 layer or a combination of AlN and SiO2 are added on top of the 
substrate and on top of the whole layer stack. For some experiments, additional thin Al layers are also added on top or 
below the RuAl film. To determine the influence of the CTGS substrate on the stability of the films, reference samples 
on thermally oxidized Si substrates were analyzed. 
The samples were heat treated in high vacuum and air at up to 900 °C for 10 h and afterwards characterized regarding 
the phase formation (X-ray diffraction, XRD, in Bragg Brentano geometry and pole figure measurements), chemistry 
(Auger electron spectroscopy, AES, and energy dispersive X-ray diffraction, EDX) and morphology (cross section imaging 
and transmission electron microscopy).  

Results and Discussion 
The annealing experiments reveal a strong dependence of the film performance on the applied barrier and cover layers 
as well as on the substrate material.  
All cover layers realize an oxidation protection of the RuAl film for heat treatments up to 600 °C in air. For these 
conditions, a strong phase formation and hardly any oxidation are observed. The differences of the performance of the 
barrier layers become obvious when the samples are annealed at 800 °C in air. Under this condition, the films with AlN 
barrier and cover layer are oxidized on both substrates. For the other film systems only a minor oxidation of the Al 
occurs and XRD proves the presence of the RuAl phase. After annealing at 900 °C in air also the other cover layers fail, 
however, a small RuAl XRD signal is measured for the films with a combined AlN/SiO2 barrier and cover layer (Fig. 1). A 
reaction between the CTGS substrate and the film is found for all samples with only an AlN or a SiO2 barrier. 
After a heat treatment at 900 °C under high vacuum the influence of the substrate material becomes obvious. All films 
on Si substrates show a strong RuAl phase formation. On CTGS, however, only the films with a combined AlN/SiO2 barrier 
and cover layer remain stable. For all other samples there is a strong reaction with the CTGS substrate (Fig. 2). 
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Fig. 1: Results of the XRD measurements for a RuAl film 
on CTGS with a combined AlN/SiO2 barrier/cover layer 
after the different annealing temperatures. 

Fig. 2: SEM images of cross sections of the RuAl films on 
CTGS with an AlN and a combined AlN/SiO2 barrier/cover 
layer after annealing at 800 °C in air and 900 °C in high 
vacuum. 
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In various refractory-metal based alloys such as Nb-Cr alloys, AB2-type Laves phases appears. It has been pointed out 
that the atomic size ratio of constituent elements, RA/RB, is quite important to understand the stability of Laves phase 
[1-2]. However, the formation enthalpy of these Laves phases are evaluated to be of the order of several kJ/mol, which 
is much smaller than that of typical intermetallic compounds such as Ni3Al and NiAl.  
 
Some refractory-metal based phase diagram show a continuous BCC solid solution with smaller RA/RB, and some show 
BCC-BCC two-phase separations with relatively larger RA/RB. Then, with much larger RA/RB, the Laves-phase appears. 
This strongly suggests the atomic size ratio also governs the stability of BCC phase. To investigate the stability of BCC 
solid solution phase a bonding energy between two refractory elements is required. We performed ab initio calculations 
based on the density functional theory and obtained formation energies dH for various B2 type structures and also C15-
type structures composed of refractory elements, such as NbCr and NbCr2. We have adopted the ultrasoft pseudo 
potential and the PBE-GGA potential for the calculations. Lattice constants have been optimized and the electronic 
energies have been obtained for each B2 phase and C15-phase. The package produced by the abinit project [3] was 
employed for the numerical computations.  
 
It is quite interesting that the formation enthalpy dH of various C15 Laves seemingly increases with decreasing RA/RB 
even in the unstable range with RA/RB lower than 1.06. On the other hand, the formation enthalpy dH of various B2 
phase is quite small and the interaction between refractory elements are small.  
 
By using a simple pair-interaction model and CALPHAD method with A-B interaction energy evaluated by the formation 
enthalpy of B2 compounds, the composition dependence of the formation enthalpy of BCC solid solutions with different 
RA/RB was evaluated to understand the effect of RA/RB on the phase stability of Laves phases with relatively small 
formation enthalpy in binary phase diagrams. As the results, it was concluded that with increasing RA/RB, the BCC phase 
shows a miscibility gap, and low-stability Laves phase appears as a stable phase as indicated schematically in Figure.1. 
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Fig. 1: A semi-schematic drawing of ∆G of BCC phase as a function of B fraction for various atomic size ratio, together 
with a curve for a low stability Laves phase (dotted line). 
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Introduction 
The Co-Ti system is one of the important systems for the development of Co-based superalloys and the only binary Co-
X system forming coherent γ/γ’ microstructures (fcc-Co with fcc L12 TiCo3). Even though binary Co-Ti alloys are not suited 
for applications, this system serves as a basis for development of superalloys, see e.g. [1,2]. Surprisingly, the phase 
relations and invariant reaction temperatures in the Co-rich part of the system are not very well established.  
According to the phase diagram adopted from the assessment of Murray [3] and shown in Fig. 1a), the L12-ordered TiCo3 
phase forms by a peritectic reaction from the fcc-Co solid solution and the liquid phase at a composition of 
approximately 20 at.% Ti, i.e., far away from the stoichiometric composition of this phase. In addition, the phase diagram 
shows a eutectic reaction between TiCo3 and the hexagonal C36 Laves phase h-TiCo2 at approximately 24 at.%. However, 
to the best of our knowledge, the occurrence of a eutectic type of microstructure in this composition range between 
TiCo3 and h-TiCo2 was never reported in the literature. In contrast to Murray’s assessment, a more recent version of the 
phase diagram presented by Davydov et al. [4] (see Fig. 1b)) does not show a eutectic reaction but instead indicates two 
independent peritectic reactions. Following this diagram, TiCo3 can form from fcc-Co solid solution at approximately 20 
at.% Ti (L + fcc-Co <-> TiCo3) but also from the hexagonal C36 Laves phase at approximately 24 at.% Ti (L + C36-TiCo2 <-
> TiCo3).  
Another interesting feature of the binary phase diagram is the occurrence of two polytypes of the Laves phase TiCo2, 
one with the hexagonal C36 and the other one with the cubic C15 structure type. The C36 version is reported to exist at 
off-stoichiometric compositions on the Co-rich side, while cubic C15 Laves phase should be stable on the Ti-rich side 
near the stoichiometric composition. Contradicting information exists about the existence and width of a two-phase 
field between these two Laves phase variants. Until today, there is no real experimental proof of a two-phase field 
between the two polytypes. The only experimental investigation of this two-phase field was performed by van der 
Straten et al. [5], who applied diffusion couples. However, they could not clearly detect such a two-phase field and state 
in their paper “if this gap truly exists then it is apparently too small to be measured.” 
In order to contribute to the clarification of these problems and to obtain an improved version of the Co-rich part of the 
phase diagram, we prepared two diffusion couples to produce extended diffusion zones of the Laves phase with a 
continuous concentration gradient covering the entire stability range of both variants. The composition profiles were 
determined by electron probe microanalysis (EPMA) along the concentration gradient and phases were identified by 
electron backscatter diffraction (EBSD) scanning the same areas. Besides these diffusion couples, we prepared a series 
of alloys that were heat-treated at 800 and 1100 °C to study the two-phase equilibria Co+TiCo3, TiCo3+h-TiCo2, and c-
TiCo2+TiCo. The crystal structures were analyzed by X-ray diffraction (XRD). Finally, the liquidus and all invariant reaction 
temperatures as well as the fcc-Co solvus and Curie temperatures were determined by differential scanning calorimetry 
(DSC). 

Materials and Methods 
Diffusion couples Co/TiCo and TiCo3/TiCo were prepared by contacting two blocks of the single-phase materials, 
wrapping them into Ta foil, and heat-treating them in a pure Ar atmosphere at 1100 °C for 144 h and 168 h, respectively. 
The resulting diffusion profiles were analyzed by EPMA and EBSD. In addition, eleven binary alloys with compositions 
between 4 and 50 at.% Ti were synthesized by levitation melting from the pure elements Co and Ti. Heat treatments 
were performed at 800 °C for 500 h and 1100 °C for 50 h. As-cast and heat-treated samples were analysed by SEM, 
EPMA, DSC and XRD. 
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a)              b)  

 
Fig. 1: a) Co-rich part of the Co-Ti phase diagram adopted from Murray [3] indicating peritectic formation of L12 TiCo3 
and a eutectic reaction L <-> TiCo3 + h-TiCo2, and b) alternative version from Davydov et al. [4] indicating formation of 
L12 TiCo3 from two independent peritectic reactions.  

Results and Discussion 
The investigated diffusion couples were found to exhibit an extended diffusion zone around the contact surface with 
overall thicknesses in the order of 1 mm. The concentration profiles include all phases occurring in this part of the 
system, i.e., fcc-Co, TiCo3, TiCo2, and TiCo. Both the L12 TiCo3 phase as well as the Laves phase form extended diffusion 
zones of 150 to 200 µm in width. Even though EBSD clearly proves a change of the Laves phase structure type from 
hexagonal C36 to cubic C15 at a well-defined composition within the TiCo2 diffusion zone, EPMA does not indicate any 
gap in composition within the experimental limits of accuracy (~0.2 at.%). Regarding the formation of the L12 TiCo3 
phase, our results clearly disprove the ‘classical’ version of Murray (Fig. 1a)), and instead of the ‘double-peritectic’ 
version of Davydov et al. (Fig. 2b)), we suggest a peritectic reaction L + h-TiCo2 <-> TiCo3 and a eutectic L <-> fcc-Co + 
TiCo3. Then, the fact that the composition of this eutectic is above the single-phase TiCo3 field might explain why no 
eutectic microstructures are observed. More details will be presented and discussed in an article-in-preparation [6] and 
at the conference. 
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Introduction 
The μ-phase belongs to the class of topologically close packed (TCP) phases, which form as precipitates in a wide range 
of materials. TCP phases are highly ordered phases both in terms of chemistry and stacking, covering a wide range of 
compositions [1, 2]. These phases are usually considered being hard and brittle to their complex crystal structure [3]. 
The deformation behaviour of such hard and brittle precipitates can have significant effects on the properties of metallic 
alloys. These may be advantageous, where an alloy is purposefully reinforced, but often the presence of hard 
precipitates is detrimental and can lead to stress concentrations, crack initiation and local dealloying of the matrix. In 
the case of topologically close packed phases in nickel-based superalloys all of these effects have been observed, but 
the underlying properties of these phases are largely unknown, impeding any purposeful discrimination between 
different precipitates or modelling of the mechanism by which they affect the surrounding material.  
We have therefore employed nanomechanical testing and (high resolution) transmission electron microscopy (TEM) 
imaging to characterize the plastic deformation in the binary Fe7Mo6 μ-phase as well as to elucidate the phase’s 
anisotropy. The active slip systems and respective critical resolved shear stresses (CRSS) were determined using 
micropillar compression and nanoindentation with statistical electron backscatter diffraction (EBSD)-assisted slip trace 
analysis, and the underlying defect structures confirmed with the TEM.  

Materials and Methods 
The material synthesis and the deformation and characterization methods applied are described in detail in [4, 5].  

Results and Discussion 
Using nanoindentation and micropillar compression we observed an average hardness and indentation modulus of 
11.7+0.9 GPa and 249+8 GPa for the Fe7Mo6 μ-phase. EBSD assisted slip trace analysis around indents showed that slip 
occurs mainly on the basal and prismatic planes. Specifically, we observed that slip takes place predominately on basal 
planes in indentation and at a CRSS of 1.92±0.22 GPa or 1.79±0.31 GPa in micropillar compression assuming 
conventional basal dislocation glide or synchroshear, respectively, Fig. 1 ((a) and (b)). 
When the resolved shear stress on the basal planes was low, slip on prismatic planes was activated. The corresponding 
CRSS for the onset of deformation by dislocation glide on the prismatic planes was measured as 2.11±0.66 GPa by 
micropillar compression.  
Combined analysis of nanoindentation data and TEM characterization of the defect structure underneath corresponding 
indents showed a strong interaction of growth defects with mobile dislocations. Specifically, softening was observed 
where dislocations can move along pre-existing defects and hardening where the slip plane intersects them. 
Further, we used high resolution TEM (HR-TEM) to investigate the post-deformation defect structure of the Fe7Mo6 µ-
phase. To this end we have performed HR-TEM analysis on deformed samples revealing stacking faults which are 
presumably induced by plastic deformation. We have compared these defects to theoretically possible stacking faults 
within the µ-phase building blocks. The experimentally determined stacking fault configurations were found to match 
with those formed by snychroshear on the basal planes in the Laves-phase building blocks, Fig. 1 (c). We therefore 
concluded that plasticity on the basal planes of the Fe7Mo6 µ-phase occurs in the Laves-layers of the stacked unit cell 
by the synchroshear mechanism [6].  
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Fig. 1: (a) Secondary electron micrograph of a deformed Fe7Mo6 µ-phase micropillar, the crystallographic orientation 
and activated slip plane are given below the micrograph as a schematic. (b) TEM micrograph revealing dislocation slip 
bands on the basal plane. (c) HR-TEM micrograph of a stacking fault in deformed Fe7Mo6 µ-phase whose structure is 
identical to that formed by synchroshear in the Laves-phase building blocks. [4, 5] 
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Introduction 
Non-centrosymmetric crystal structures remain both fascinating and challenging because non-centrosymmetry is pre-
condition of various physical properties like skyrmions, unconventional superconductivity, ferro-electricity and others. 
The determination of the absolute structure is often difficult because as twinning often is hard to detect and may lead 
to reduction or vanishing of related physical effects. Well established diffraction methods for determination or 
assignment of the absolute structure are X-ray diffraction and convergent beam electron diffraction (CBED) in TEM. 
Intensity differences of Friedel pairs originate from the anomalous dispersion effect in X-ray diffraction and dynamical 
scattering of electrons in the TEM. Winkelmann et al. demonstrated that electron backscatter diffraction (EBSD) 
patterns of α-quartz crystals allow to assign their chirality by comparison of experimental and dynamically simulated 
EBSD patterns [1]. We have applied both methods - X-ray diffraction and EBSD - on crystals with different absolute 
structure of the non-centrosymmetric phase CoSi. Flack parameter and cross-correlation values are used to assign the 
absolute structure on the same crystals as well as EBSD analyses on multi-domain crystals are presented. 

Materials and Methods 
Based on the results of crystal growth by chemical vapor transport in the system Co/Si [2] crystals of CoSi were grown 
using iodine as transport agent. In a first step CoSi was synthesized by an isothermal reaction of the elements cobalt 
and silicon in the presence of iodine at 700 °C in evacuated fused silica tubes during 120 h. In a second step, CoSi 
crystallized by a chemical transport reaction in a temperature gradient from 700 °C (source) to 800 °C (sink), and 
transport agent concentration of 0.5 mg/cm3. Cross-sections of agglomerated crystals are prepared by metallographic 
methods and, after SiO2 finishing, allowed to obtain high quality EBSD patterns. Subsequently, X-ray diffraction data 
sets were collected using single crystal cubes that were extracted on a focused Xe-ion beam system. 
CoSi phase crystallizes in the cubic FeSi-type (B20) structure type (space group P 213) with both elements on fourfold 
positions 4 a (x, x, x). With respect to a right-handed orthogonal coordinate system, the absolute structure of FeSi with 
coordinates xFe = 0.1358 and xSi = 0.844 is assigned to A-form and the enantiomorphic absolute structure with 
coordinates x’Fe = 1-xFe and x’Si = 1-xSi is labelled with B-form according to [4]. 
We used a best-fit pattern matching approach to find the orientation and the enantiomorph corresponding to each 
experimental Kikuchi pattern. To this end, we optimized the normalized cross-correlation coefficient r between the 
experimental and the simulated Kikuchi pattern of the reference structure as described in [3]. For each experimental 
pattern, we obtain two optimized correlation coefficients r+E and r−E for the fit to the reference structure, and the 
inverted enantiomorph, respectively.  

Results and Discussion 
Crystal structure determination on cube shaped crystals (l ≈ 40 µm) with A- and B-Form each from X-ray diffraction data 
result in RF-values close to 1 % and Flack parameters x ≈ 0 indicating on high quality single crystals and different 
absolute structure without significant mixing of enantiomorph domains. These crystals were cut out by Xe-FIB technique 
from larger millimeter size crystals which were characterized before by EBSD analyses. The comparison of these 
experimental and simulated EBSD pattern clearly revealed always better pattern matching for one of both simulated 
pattern and thus allow reliable assignment of the absolute structure. X-ray diffraction and EBSD pattern analyses 
resulted the same assignment. This proves the consistency and reliability for both evaluation processes.  
Multi domain CoSi crystals formed by domains with different absolute configuration were found, too. Here, the as-
grown surfaces gave excellent Kikuchi pattern. In this case comparably simple experimental set-up is sufficient to assign 
the absolute structure with high spatial resolution. 
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Introduction 
Traditional metal processing methods include a series of thermo-mechanical treatments, characterized by fast cooling 
rates and heterogeneous plastic deformation. As opposed to other colored gold alloys, red gold shows a reduced 
workability resulting in shape distortion and fracture. These alloys develop a fine microstructure of ordered nano-
domains during manufacturing and this is believed to be responsible for the build-up of residual stresses in the material. 
 
Red gold undergoes the same low temperature disorder-order phase transformation as equiatomic AuCu. The addition 
of Ag  lowers the critical temperature for ordering and slow down the ordering kinetics[1]. This solid state phase 
transformation is known to depend on the thermal treatment parameters [2] but also on the history of the 
microstructure [3,4]. While many studies focused on the age-hardening behavior and microstructure development after 
ageing [5–11], very little research has been done to verify  the role of plastic deformation on the early stages of ordering. 
Recrystallization studies on severely deformed AuCu revealed a competition between ordering and recrystallization as 
a function of temperature [12].  It is very well known that in some materials the strain field of a dislocation facilitates 
the nucleation of precipitates [13,14]. Possible mechanisms are stress induced local changes in lattice parameters  
accommodating the precipitate more readily, or locally induced  changes in chemical composition reducing the critical 
ordering temperature [15].  It is however not clear if and how dislocations influence the degree of ordering during ageing 
as some of the reported results are contradictive.  
 
Ex situ experiments performed on naturally aged samples in the deformed and non-deformed condition show a 
correlation between plastic deformation and degree of ordering. Here we report on in situ synchrotron X-ray diffraction 
experiments on pre-deformed and non-deformed samples during cooling and subsequent heating addressing the early 
stages of ordering. The results are complemented by TEM observations.  

Materials and Methods 
The alloys were prepared by continuous casting from fine metal precursors (Au, Ag, Cu) melt in a graphite crucible to 
form 18 carat red gold (Au75CuxAg(1-x) for x ≥ 20 in %wt.). They were rolled in the form of strips, well homogenized and 
recrystallized. For the in situ temperature experiments, four samples are heated to 660°C with a heating rate of 
100°C/min and kept there for 2min to ensure a complete dissolution of the L10 precipitates. Then the samples are 
cooled to room temperature using two colling rates:  -100°C/min and -800°C/min. Two of the samples were then cold 
rolled to a thickness reduction of 25% using a Cooks rolling mill 999 AXWA. Finally, all 4 samples are heated at 10K/min 
until 450°C.  
 
The in situ X-ray diffraction experiments are performed at the High Energy Materials Science Beamline (ID31) at ESRF. 
The X-ray beam had an energy of 79keV and a size of 0.2×0.2mm2. Diffracted X-rays are recorded with a Pilatus 3M 
detector. Exposure times were 0.1s. The 2D X-ray diffraction patterns are reduced to conventional 1D patterns by 
azimuthal integration using available routines at ID31. Single peak fitting with PearsonVII functions are performed using 
our own developed MATLAB routines since full pattern fitting methods cannot be applied.  The difficulty in fitting lies in 
the fact that the lattice parameters of the disordered A1 and the ordered L10 phase are very similar and the large 
coherency strains in the early stages of precipitation growth.  
 
Electron microscope investigations are carried out in thin foils prepared by mechanical polishing and electrolytic 
thinning with the double-jet technique in a Tenupol-5. The electrolyte used for this thinning is a mixture of 50%HCl – 
30% ethanol-10% glycerol at 3⁰C. Observations are made in a FEI 220S TALOS microscope operating at 200kV. Both 
bright-field and dark-field observations are made combined with selected area diffraction patterns. 
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Results  
Our experiments confirm that the degree of ordering in red gold is enhanced when the material was priory subjected 
to plastic deformation. Moreover, higher ordering is present in the surface region of a wire subject to plastic 
deformation as a result of cold rolling. It is shown that the presence of dislocations induces heterogeneous nucleation 
of ordered precipitates and enhances both nucleation and precipitate growth which starts at a lower temperature. 
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Introduction 
TiAl alloys consist of mainly α2 and γ lamellar structure. These alloys are now used for low-pressure turbine blades 
because of their specific high strength-to-mass ratio at high-temperatures. In order to obtain excellent mechanical 
properties from room to high temperatures and good manufacturability by casting and/or forging, the microstructure 
of TiAl alloys must be appropriately optimized. The optimized microstructure is achieved by different heat-treatments 
and different compositions. Nb and V are β-stabilizing elements and used for forging-TiAl alloys. One of the critical issues 
of TiAl alloys is their poor oxidation resistance at temperatures higher than 800°C. The inclusion of alloying elements in 
TiAl is known to affect oxidation performance. Nb and V are known to be beneficial and detrimental, respectively for 
oxidation performance; however, the mechanism that is responsible for the Nb/V-effect on oxidation of TiAl alloys is 
still unknown. In this study, the oxidation behavior of α2-Ti-30Al with and without Nb and/or V addition is investigated 
to elucidate the effect of those elements on oxidation. 

Materials and Methods 
In order to eliminate the effect of microstructure on oxidation performance, single phase α2-Ti-30at%Al alloys 
with/without different Nb and V contents are used in this study. All alloy ingots, 12mmφ x 100mm, were produced by 
Ar-arc melting with constituent pure-metals (>99.9%), and homogenized at 1150°C for 48h. Samples for oxidation test 
were cut from the homogenized ingots with a thickness about 1mm. Sample surface was finished by #4000 SiC paper 
followed by 3μm diamond paste. All samples were washed ultrasonically in acetone prior to the oxidation test. 
Isothermal oxidation test was performed at 800°C for up to 1000h in laboratory air by a horizontal furnace. Several 
samples were also oxidized by means of a thermobalance. 
In situ high-temperature XRD study was also conducted at the synchrotron facility, SPring-8. Evolution of the oxide scale 
and changes of the lattice-spacing of oxides were observed during oxidation including a heating period. Cross-sections 
of oxide scale after oxidation were characterized by EPMA, SEM and STEM. 

Results and Discussion 
Fig. 1 shows the oxidation kinetics of binary and ternary, Fig. 1(a) and quaternary, Fig. 1(b) alloys. Among ternary alloys, 
Nb addition to the binary alloy reduced oxidation mass gain. 1V addition did not change the oxidation kinetics, but the 
3V alloy oxidized faster than the binary alloy. From the oxidation kinetics of the quaternary alloys with both Nb and V, 
Nb addition was found to be ineffective for reducing the detrimental effect of V addition for oxidation performance.  
Fig. 2 shows the cross-sections of oxide scale formed alloys after 1000h of oxidation in air. The thickness of the oxide 
scale formed on Ti-30Al-6Nb and Ti-30Al-5Nb-1V is similar. The oxide scale formed on those alloys consisted of TiO2, 
Al2O3, and TiO2 in this order from the surface. However, the outer TiO2 was thinner, but the inner TiO2 layer was slightly 
thicker for Ti-30Al-5Nb-1V than those for Ti-30Al-6Nb. The oxide scale formed on -5Nb-3V was very thick and consisted 
of a multilayered structure. TiN precipitates and a γ-TiAl layer were developed on -6Nb alloy below the oxide scale, but 
internal precipitates of Al2O3 were formed on the alloys with V addition. Because a protective Al2O3 scale was not formed 
on all alloys and the inner TiO2 layer became thicker with V addition. Oxidation kinetics of TiAl is considered to be 
controlled by mainly the growth of the inner TiO2 layer.  
It is well-known that Nb decreases the growth rate of TiO2. This beneficial effect of Nb is explained to be due to “doping-
effect”. Dissolution of Nb5+ in TiO2 (Ti4+) decreases the concentration of oxygen vacancy, resulting in reducing inward 
oxygen transport. However, V dissolution would also be possible in TiO2 as V5+, which should reduce the growth kinetics 
of TiO2.  
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HT XRD analysis revealed that the lattice spacing of TiO2 formed after 30min of oxidation in air at 800°C increased with 
increasing Nb contents in the alloy. The lattice-spacing of TiO2 was also increased by V addition. The ionic radius of Nb5+ 
and V5+ is 0.78 and 0.68, respectively. Because the ionic radius of Ti4+ is 0.745, dissolution of Nb5+ in TiO2 expands the 
lattice-spacing, while V5+ decreases it. Thus, Nb dissolves into TiO2 as Nb5+, reducing growth kinetics due to the decrease 
in oxygen transport. However, V dissolves into TiO2, not as V5+ but V3+, which has a larger ionic radius, 0.78, than Ti4+. 
Increased oxidation mass gain by V addition in Ti-30Al alloy would be caused by a higher concentration of oxygen 
vacancy due to dissolving V3+ ion.  

Fig. 1: Oxidation kinetics (a)ternary alloys and (b)quaternary alloys 

Fig. 2: Cross-sections after oxidation for 1000h in air at 800°C. (a) Ti30Al-6Nb, (b) Ti30Al-5Nb-1V, and (c) Ti30Al-5Nb-
3V 
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Introduction 
Titanium aluminides are already being used in aero engines as substitute for Ni-based alloys. The main benefit is a much 
lower density than that of Ni-based alloys with a comparable strength. Due to the low oxidation resistance of Titanium 
aluminides at temperatures above 800 °C [1] their application is limited for instance to low pressure turbines that 
experience lower temperatures. In order to increase the service temperature, oxidation protection coatings are a 
potential approach [2]. Al and Si based coatings produced by pack cementation [3, 4] already show promising results. 
In the present work, Al-Si coatings were produced by PVD processes such as magnetron sputtering and Arc-PVD. 
Compared to CVD processes the benefit of this technology is the possibility to obtain thinner coatings that are also more 
resistant against thermal stresses. Additionally, current multi-source PVD systems allow a fine tuning of the composition 
to achieve the required properties. Moreover, multilayer coatings can be created in which each layer is customized to 
the requirements, for example as a combination of diffusion barrier and oxidation resistant layer. Regarding high 
temperature application, a next step could be the deposition of a thermal barrier coating on the oxidation protection 
coating which then will act as a bond coat as well. For this purpose, cooling holes are required which can be integrated 
in additive manufactured TiAl parts. In contrast to thermal spraying, PVD technology will allow to deposit a coating 
without blocking these holes.  

Materials and Methods 
γ-TiAl was used as a substrate material. Small disks were manufactured with a diameter of 15 mm and a thickness of 
1 mm. The specimens were vibratory polished to a roughness of less than Ra=0.1 µm and cleaned ultrasonically with 
ethanol before the coating process. Vibratory finishing was chosen since it is a commonly used process in industry which 
allows polishing several parts with complex geometries at the same time. The coatings were produced with a multi-
source PVD system. In standard configuration the system is equipped with four magnetron sputter sources. One of these 
sources can be changed into an Arc-PVD source. Two types of Al-Si coatings were produced with a target composition 
of roughly 12 at.-% Si deposited by magnetron sputtering. The Al was deposited by Arc-PVD as well as by magnetron 
sputtering. During sputtering no BIAS voltage was used. Two Arc-PVD processes were carried out, one without BIAS 
voltage and the second one with a BIAS voltage of -100 V. A subsequent heat-treatment in vacuum was performed for 
coatings produced without BIAS voltage to obtain the required phases. The coatings were evaluated using XRD, high 
temperature XRD (HT-XRD), SEM with EDS, serial sectioning in a FIB-SEM and TEM. In order to assess the oxidation 
behavior, isothermal oxidation tests were carried out in atmosphere at 850 °C for 300 h.  

Results and Discussion 
With magnetron sputtering, a crystalline coating is obtained even at a process temperature of 200 °C. The coating 
consists of an Al matrix with Si grains. The HT-XRD analysis shows that after a heat-treatment of 10 h at 550 °C the 
formation of the TiAl3-phase is complete, initiated by diffusion of Ti from the substrate into the coating. After heat-
treatment the coating mainly consists of TiAl3 (Fig. 1a). Additionally, a Si rich area is detected in form of a thin layer at 
the interface which is attributed most likely to Ti5Si3. The function of the Ti-Si layer at the interface is yet to be 
investigated. Presumably, it can act as a kind of diffusion barrier for Al. This can help to suppress the diffusion of Al from 
the coating into the bulk material and thus the loss of oxidation protection. After isothermal oxidation the coating-
substrate interface is no longer clearly visible and different layers are formed (Fig. 2b). On top, a thin and dense oxide 
scale consisting of alumina is grown, beneath a Ti5Si3 matrix with TiAl2 formed. The Ti5Si3 layer at the substrate-coating 
interface expanded and shows TiAl2 in-between as well. In the former bulk, the Ti content decreased and so an 
enrichment of Al in the phases occurred as well. Altogether, these layers that are caused by inter-diffusion are thicker 
than the initial Al-Si coating and the heat-treated formed zone. Thus, the coating can obviously withstand further 
oxidation. Even if cracks occur inside the oxide scale, an oxidation protection is ensured due to the oxidation resistance 
of the present phases.  
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Coatings produced with Arc-PVD without BIAS voltage consist of an Al matrix with Si grains as well. However, due to the 
higher temperature during the Arc-PVD process the Si grains are bigger than the ones obtained by magnetron 
sputtering. After heat-treatment and subsequent oxidation, the microstructure and composition of the coating is 
comparable to the magnetron sputtered coatings. Using a BIAS voltage of -100 V during the Arc-PVD process leads to a 
diffusion zone in the coating exhibiting a pure Al top layer. The diffusion zone is comparable with the one obtained by 
magnetron sputtering and heat-treatment. Diffusion occurred since the Arc-PVD produces a high density of ions which 
leads to a high energy input. In oxidation tests, these coatings performed similar to the magnetron coatings. By using 
Arc-PVD with BIAS voltage, a subsequent heat treatment is avoided. Therefore, Arc-PVD is a promising approach to 
create thin Al-Si based oxidation protection coatings. Furthermore, the deposition rate is higher than magnetron 
sputtering. Thus, shorter process times can be realized. 
In summary, this work showed that the PVD route is very promising in order to produce Al-Si based oxidation protection 
coatings for titanium aluminide components. The Al-12Si (in at.-%) coatings provide excellent oxidation behavior and 
are promising candidates for an application as a bond coating for thermal barrier coating system.  

Fig. 3: a) Coating after heat treatment (550 °C, 20 h) with enlarged area; b) Coating after isothermal oxidation in 
atmosphere (850 °C, 300 h) with former coating-substrate interface (dashed line) 
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Introduction 
In the past few decades NiAl-based alloys have been of interest due to the high melting point, good oxidation resistance 
and low density. However, NiAl has undesirable mechanical properties such as poor ductility and fracture toughness at 
room temperature. Additionally, the creep resistance and the strength at high temperature are insufficient. To 
overcome these problems, composite strengthening by Cr and Mo fiber reinforcement is applied. 
The NiAl–(Cr, Mo) metal matrix composites exhibit high creep resistance. [1] However, as these alloys are intended for 
high-temperature applications in turbines, where the materials are in contact with combustion gases, oxidative 
corrosion processes are presumable. Study of oxidation of NiAl–(Cr, Mo) composites is of interest since unlike the stable 
α-Al2O3 which is produced during oxidation of pure NiAl, Cr2O3

 and Mo oxides are unstable and volatile at high 
temperature. So far, the oxidation behavior of these metal matrix composites have been studied only by a few groups. 
[2, 3] 

Materials and Methods  
In this work, advanced computational thermodynamics in the materials systems NiAl–Cr–O, NiAl–Mo–O and, NiAl–(Cr, 
Mo)–O are used together with oxidation experiments. The equimolar ratio of Ni: Al is the main focus. 
In order to establish the thermodynamics of the relevant oxides and their equilibria with the metallic composites the 
literature is evaluated for corresponding data, isothermal sections, isopleths, oxygen activity diagrams etc. Based on 
these data, a thermodynamic database for the system NiAl–(Cr, Mo)–O is assessed. This new dataset combines data for 
pure elements and their corresponding binaries and ternaries. The database can be used to predict suitable operational 
ranges (temperature and oxygen activity) for the metal matrix compounds in turbine applications. 
The solution phases are modeled with sublattice model expressed in the compound energy formalism, while both 
metallic liquid and oxide melts are described with the ionic two-sublattice model. Spinels within this system like Cr3O4, 
NiCr2O4 and NiAl2O4 are described using a four-sublattice model. Moreover, metastable oxides like γ-Al2O3 (with spinel 
structure), δ-Al2O3 and θ-Al2O3, are included. 
Experiments are performed to determine missing data for the relevant oxides. In order to investigate the oxidation 
behavior of NiAl–Cr and NiAl–Mo interfaces, samples of arc-melted NiAl with embedded Cr and Mo are produced. Under 
defined oxygen partial pressure the specimens are oxidized in a thermobalance at different temperatures. 
Subsequently, the composition and the microstructure of the oxides formed at the surface are studied. Besides, by using 
electron backscatter diffraction (EBSD) the interface of NiAl and the Cr phase is investigated. In addition, the oxidation 
products are investigated also by X-ray diffraction (XRD) and scanning electron microscopy (SEM) equipped with energy 
dispersive X-ray (EDX). 
The provided database from this work is used in Thermo-Calc software to anticipate the phase diagrams, isopleths, 
isothermal sections, heterogeneous phase reactions and thermodynamic functions. 

Results and Discussion 
When a NiAl-Cr junction is exposed to high oxygen activities at high temperatures then an oxide scale forms on top of 
the metals. The oxide consists of a continuous solid solution of Al2O3 and Cr2O3 with corundum structure. The transport 
properties of the mixed oxide change strongly with composition. 
At high Cr-contents the diffusion of the metals as well as the diffusion of oxygen is quite fast while at high Al-contents 
the diffusion of all species are much slower. This behaviour causes a relatively thick oxide layer to form over chromium, 
which consists of almost pure Cr2O3. This is shown with the yellow colour in figure 1. Over the NiAl matrix at a sufficient 
distance from the junction, only a thin oxide scale is formed consisting of almost pure Al2O3 which is shown with the 
blue colour. 
At the vicinity of the interface of NiAl and Cr, due to the faster diffusion in the high Cr-content region, Cr diffuses over 
the Al2O3 and causes formation of an oxide layer in which the composition changes from almost pure Al2O3 (blue) in 
contact with the metal, to almost pure Cr2O3 (yellow) in contact with the gas. The Cr content in the oxide scale also 
decreases as we go further away from the junction towards the NiAl. 
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Fig. 1: EBSD image of NiAl-Cr interface with oxide layers at 
the surface after oxidation at 1300°C in 0.13 bar O2 in Ar for 
50 hours. 

Fig. 2: NiAl-Mo oxidized at 800°C in 0.13 bar O2 in Ar 
for 50 hours 

Oxidation of NiAl–Mo composite is also investigated in this work. NiAl–Mo samples show a huge weight loss during 
oxidation at 800°C, which is due to formation of volatile Mo oxides species. At this temperature, the Mo fibers are 
severely attacked and evaporated under oxidizing conditions with high oxygen activities. The evaporation of the Mo 
oxides led to formation of a hole in the specimen as shown in figure 2. 
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Introduction 
Iron aluminides are considered as a potential material to substitute e.g. stainless steels in high temperature and aqueous 
environments due to their low material costs, low density, good wear resistance and favourable corrosion behaviour 
[1-4]. The adverse ductility at room temperature of iron aluminides is still a major drawback, which has prevented the 
commercial use [4]. Grain refinement during casting route may be a possible procedure to remove the mentioned 
detriment. In the present work the influence of several potential additives on the high temperature oxidation behaviour 
was investigated. The major focus is to understand and describe the oxidation mechanisms influenced by additives and 
microstructural changes. 
The oxidation experiments were performed by discontinuous thermogravimetric analysis (TGA) in air at 700 °C for 504 
h. All examined iron aluminides show a beneficial oxidation resistance compared to a common martensitic steel.
Furthermore, the addition of TiB2 as well as ZrB2 lead to an increased mass gain in respect to the base alloy Fe-25Al-
1.5Ta (at. %), which may be caused by a more pronounced selective oxidation of phases.

Materials and Methods 
The casted iron aluminides examined in this investigation were provided by ACCESS e.V., Aachen, Germany as cylindrical 
rods with a diameter of approximately 15 mm. Different additives (e.g. TiB2 or ZrB2) were added to the chosen base 
material Fe-25Al-1.5Ta to investigate their influence on the high temperature oxidation behaviour. Additionally, the 
martensitic stainless steel X10CrWMoVNb9-2 (1.4901) was selected as a reference material. 
To characterise the iron aluminide material and oxidised samples, various methods were performed including light 
optical microscopy (LOM), X-ray diffraction (XRD), scanning electron microscopy (SEM) and energy dispersive X-ray 
spectrometry (EDS). 
Specimens with dimension (9 mm x 9 mm x 3 mm) were cut from rods, ground to 1200 grit and ultrasonically cleaned 
in ethanol. Subsequently, the surface area was determined by stereomicroscopy. Discontinuous high temperature 
oxidation experiments were performed in air in a chamber furnace at 700 °C for approximately 504 h. The TGA samples, 
which were placed inside an alumina crucible to collect potential spallation, were extracted at various times and cooled 
for 30 min in air to room temperature. Weighing was performed by a semi-micro balance with a precision of 10-5 g. 

Results and Discussion 
The high temperature oxidation behaviour was investigated by TGA to compare the mass change of different alloys. 
Those data revealed an increased mass gain by the addition of TiB2 and even more severe by the addition of ZrB2 
compared to the base alloy Fe-25Al-1.5Ta. However, the mass gain of all examined iron aluminides were less 
pronounced compared to X10CrWMoVNb9-2.  
X-ray diffractograms and EDS analysis of SEM top view and cross section images indicate the formation of Fe2O3, Al2O3

and Ta2O5 after the performed oxidation experiments, which were also observed during oxidation of Fe-25Al-2Ta [5].
Iron rich oxides grew mainly at grain boundaries where Fe2Ta Laves-Phases were present while the formation of an Al-
rich scale was found on the FeAl D03 substrate (Fig. 1 a)). Its equiaxed morphology [6] and the detected XRD spectra
suggest the development of a hexagonal α-Al2O3 structure. Its formation is assumed to relate to a proposed template
effect based on the presence of Fe2O3 during the initial oxidation stage [6]. To clarify, if metastable alumina were formed
besides a proposed stable corundum structure [7], further TEM investigations are underway.
TiB2 additions led to a more pronounced agglomeration of Fe2Ta Laves-Phases inside grains. SEM top view and cross
section images confirmed the growth of iron rich oxides on top of those Laves-Phases (Fig.1 b)). Furthermore, a mixed
oxide was formed underneath Fe-rich oxides, which possibly promoted cracking of oxides and resulted in a facilitated
ingress of oxygen. When zirconium diborides were added, zirconium rich oxides were additionally formed (Fig.1 c)). The
development of deeper oxide protrusions could be promoted due to the high oxygen affinity of zirconium. Aluminium
rich oxides were formed in between oxidised phases and FeAl matrix, which could be related to the preferred transport
of oxygen along interfaces [8] and selective oxidation of Al. These phenomena may explain the increased mass gain
compared to Fe-25Al-1.5Ta.
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Fig. 1: SEM-BSE top view images after discontinuous oxidation in air at 700 °C for 504 h of a) Fe-25Al-1.5Ta b) Fe-
25Al-1.5Ta+TiB2 and c) Fe-25Al-1.5Ta+ZrB2 
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Introduction 
Iron aluminides, i.e. alloys based on the intermetallic phases Fe3Al and FeAl, have currently again become of interest for 
a variety of applications [1]. Based on novel alloy concepts for iron aluminides, alloys with improved strength and 
acceptable ductility have been developed. Besides better oxidation and wear resistance and lower density, it is their 
lower price which makes them an attractive alternative to 9-12 wt.% Cr steels or to Ni- and Co-based superalloys. Though 
their corrosion behavior is in general considered as good, it may vary considerably within different aggressive 
environments. E.g. for aqueous corrosion, specifically under acidic conditions, the corrosion resistance is only mediocre, 
comparable to that of cast iron. To improve the wet corrosion resistance, formation of a thin oxide scale by pre-oxidation 
has been investigated. However, results were conflicting, as some reports found an improved corrosion resistance [2] 
while others saw no beneficial effect [3, 4]. Within a systematic investigation of the wet corrosion behavior of Fe–Al 
alloys also the effect of pre-oxidation has been investigated [5]. As it was found to substantially increase the aqueous 
corrosion resistance, a detailed investigation of the protective oxide scale has been performed. 

Materials and Methods 
Fe-25Al (in at.%) has been produced by induction melting. By X-ray diffraction (XRD) it was confirmed that the alloy is 
D03-ordered, i.e. Fe3Al. Slices of the alloy were cut by electrical discharge machining, ground to P4000 and degreased 
before oxidizing in air at 1000 °C for 188 h. Aqueous corrosion was performed in sulphuric acid (H2SO4; 0.0126 M). To 
test the stability against the electrolyte, the sample was immersed for 308 h before the open circuit potential (OCP) and 
potentiodynamic polarization curves were determined [5]. 
The oxide scale before and after aqueous corrosion testing was initially characterized by grazing incident XRD and 
scanning electron microscopy (SEM) [5]. To investigate possible alterations of the scale after aqueous corrosion testing 
in detail, a cross section of the scale was observed by transmission electron microscopy (TEM). The bulk sample was 
pre-coated with Pt to protect the sample surface, and an electron-transparent lamella was prepared by site-specific 
focused ion beam (FIB) lift‐out by dual-beam SEM. Cs corrected TEM and scanning TEM (STEM) investigations were 
carried out at 300 keV using a high-resolution CMOS camera for conventional TEM imaging, and a high angle annular 
dark field detector (HAADF) for STEM imaging. STEM elemental maps were recorded by energy dispersive spectroscopy 
(EDS). 

Results and Discussion 
After pre-oxidation, a dense and well adherent oxide scale formed. While the main constituent of the scale was α-Al2O3 
(alumina), traces of spinel-type FeAl2O4 (hercynite) were also detected by GI-XRD [5]. Comparison of the 
potentiodynamic polarization curves of Fe-25Al without prior oxidation treatment showed that pre-oxidation 
substantially improved the aqueous corrosion behavior. The oxide scale is still protective after prior immersion and 
indication was found that re-passivation occurred in case of failure at small defects [5]. 
By selected area diffraction (SAD) in the TEM, the phases that form the matrix (Fe3Al) and the oxide scale (α-Al2O3, 
FeAl2O4) were confirmed. The overall thickness of the scale is about 2 µm. It consists of two distinct layers of about 
equal thickness. The upper layer is formed by euhedral, randomly oriented alumina and hercynite grains. The alumina 
grains have a size of about 200 nm while the hercynite grains are somewhat smaller. The lower layer is formed by 
elongated alumina grains. These grains have preferentially grown along the c direction, forming pillars vertical to the 
Fe–Al matrix. EDS revealed that the alumina grains at the top of each layer contain a traceable amount of Fe, as has 
been shown for Fe-28Al oxidized at 1000 °C [6].  A few pits have formed during corrosion testing. However, they are 
only observed at hercynite grains. 
An outer layer containing a mixture of iron oxides or spinel and Al2O3 and an inner layer of pure Al2O3 are frequently 
observed as scales on oxidized iron aluminides [7, 8]. In the initial stages of oxidation of Fe–Al, an iron oxide and Al2O3 
are growing concurrently. Later on hercynite forms and together with Al2O3 it forms a layer which blocks the outward  
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Fig. 1: a) bright-field TEM micrograph of alumina scale cross-section, with superimposed EDS Fe Kα map; dotted line 
marks the pillar-grain transition zone. Small red square in central right part is enlarged in b), unravelling pure matrix-
alumina contact without exsolutions or intermediate phases. 

diffusion of Fe2+ [9]. Finally, underneath this layer a continuous Al2O3 layer forms, which is dense and protective. The 
actual kinetics of the scale formation depends on the Al content of the alloy, temperature, partial O2 pressure etc., and 
on metastable modifications of Al2O3 (γ, θ…), which form in the initial stages of oxidation [10]. In the present case only 
α-Al2O3 is observed, i.e. temperature and time were sufficient that the metastable modifications transformed 
completely to stable alumina. 
While in the initial stages of scale formation there may be a thin (5 nm) intermediate layer of metastable Al2O3 between 
the Fe–Al matrix and alumina [8], such a layer is not observed in the present case. The columnar alumina apparently 
grows into the Fe3Al matrix, thereby developing low-indexed Wulff facets, which additionally improve adhesion 
between oxide and matrix. When the sample is cooled down after oxidation, compressive stresses develop within the 
scale [11]. These stresses, which compress the grain boundaries of the alumina pillars, may be essential for the excellent 
wet corrosion behavior. As the corrosion is expected to progress mainly along the grain boundaries, the change of 
microstructure and chemical segregation between a randomly-oriented top layer and the underlying columnar layer 
can additionally protect the matrix by a combination of reduced permeability via grain boundaries, and improved 
corrosion resistance of high-purity underlying alumina pillars. 
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In both open and closed supercritical CO2 (sCO2) cycles, there is interest in exploring the maximum temperatures 
possible for materials, particularly above 750°C.  As an initial assessment of potential candidate materials, several Fe- 
and Ni-based aluminides were exposed at 750°C/300 bar in high purity CO2.  Specimens of Fe3Al and Ni3Al performed 
poorly after 500 h, while better results were obtained for FeAl and NiAl specimens.  To explore the highest temperature 
concepts, screening experiments are being conducted at 1200°C in 1 and 20 bar CO2 (subcritical).  Cermets have been 
suggested as possible candidates.  However, it is not surprising that Mo and W specimens performed poorly under these 
conditions, exhibiting high mass losses after only 20-40 h.  Even FeCrAl compositions were heavily attacked after <100 
h and no metallic specimens have been exposed for longer than 100 h.  The only candidates being evaluated at 1200°C 
beyond 100 h are SiC and MoSi2.  Similar testing will be conducted at 1000°C for comparison.  Research sponsored by 
the US Department of Energy, Office of Fossil Energy. 
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Precision casting is arguably the most cost effective processing route for gamma TiAl as far as components of complex 
shapes are concerned. To ensure service performance the castings normally should have nearly fully lamellar 
microstructure with uniform, fine colonies. Boron addition into TiAl alloys was found to be very effective in achieving 
this goal by forming spherical or short bar boride particles that limit grain growth, but the strategy fails when the boride 
is present in the shape of long, curved ribbons. Our detailed experimental investigations showed that the formation of 
ribbon shaped boride is strongly dependent on the cooling rate during solidification. Composition of the alloy, including 
contents of B, Al, and Nb, also plays a role. Examples will be given of borides formed in cast 4522XD and TNM alloys and 
some differences in the formation mechanism of the borides can be attributed to the different levels of Nb content in 
the two alloys. We then established a model that accounts for the mechanisms of the formation of ribbon boride and 
the influences of the various factors mentioned above. In this talk, the main results of the work will be presented. 
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Introduction 
Innovation of structural materials is urgently being required for contribution to worldwide issues on energy and 
environment, and high performance jet engine development with higher thrust-to-weight ratio is one of them, since 
more than 42,000 new airplanes are to be produced by 2037 [1]. Titanium aluminides based on γ-TiAl are one of the 
materials to be further developed. Currently a cast TiAl alloy of Ti-48Al-2Nb-2Cr (at.%) and a wrought TiAl alloy Ti-43.5Al-
4Nb-1Mo-0.1B (TNM) are being applied commercially to low pressure turbine (LPT) blades for jet engines, although the 
possibility of the wrought alloy development using β-Ti phase was originally proposed by our group [2]. From this kind 
of circumstance, in Japan a five-year National project of “Structural Materials for Innovation (SM4I)” in Cross-ministerial 

Strategic Innovation Promotion Program (SIP) was started in 2014 [3], and challenging R&D activities on innovative 
structural TiAl alloys aiming at LPT and high-pressure compressor (HPC) blades for jet engines have been placed in this 
project, where Tokyo Tech is committed to as a technical leader and takes responsibility for the alloy design in 
collaboration with Hokkaido Univ. and industries (Kobe Steel, Ltd. and IHI Co.). Hokkaido University studied the oxidation 
behavior of the alloys proposed. Kobe Steel is in charge of casting and recycling process technologies, and IHI is in charge 
of the blade fabrication and forming process technologies for the proposed alloys. In this presentation, since we have 
successfully developed novel wrought alloys, our design principle/approach as well as the importance of β phase for 
improvement of  mechanical properties are introduced. 

Design Principle 
Figure 1 shows a microstructure design principle for wrought TiAl alloys with superior mechanical properties. Addition 
of β-Ti stabilizing transition elements M to Ti-Al binary system has already been known to form a three-phase coexisting 
region of β-Ti/α-Ti (α2-Ti3Al)/γ-TiAl phases, and the region shifts toward the binary edge with decreasing temperature 
in any ternary systems. Note that the change in α to α2 phase is not a “second-order” transformation but a “first-order” 
transformation through either a ternary transition 
peritectoid reaction (β+α→α2+γ) or ternary 
eutectoid reaction (α→β+α2+γ), depending on M. 
Such a movement of the three-phase coexisting 
region creates a unique transformation pathway of 
β+α→α→α2+γ→β+γ,  which makes it possible to 
develop wrought alloys. In order to design superior 
wrought alloys with high toughness, we extend the 
ternary knowledge to Ti-Al-M1-M2 quaternary 
(multi-component) systems, to identify the 
composition range of the transformation pathway. 
Thus, what we need first are reliable Ti-Al-M 
ternary phase diagrams and reliable 
thermodynamic database (DB), which can 
reproduce the experimental phase diagrams. In 
general, an equivalency concept is commonly 
used for multi-component alloy design, and in 
case of the quaternary system, M1 equivalency of 
M2, kM1/M2=Xc

M1/Xc
M2, can be estimated from each 

ternary system where Xc
M is the critical concen-

tration of M element beyond which β phase 
appears at given temperatures. Then, you can convert the multi-component systems to a ternary system of Ti-Al-M1

eq. 
However, the equivalency does not work for TiAl alloy systems even though the two elements are in the same group of 
the periodic table. The combined additions considerably stabilize the β phase, especially in case that the concentration 
ratio of the two M elements (M1/M2) is nearly equal to unity, indicating that the negative interaction between the two 
elements has to be taken into account in calculation. Note that the similar behavior is observe in any combinations of 
eligible M elements. Therefore, in order to design the wrought alloys in multi-component systems with the unique 
transformation pathway, following the three factors in order are important in calculation of the phase diagrams: (1) 

Fig. 1 Flow of the design principle for novel wrought TiAl alloys 
based on calculated phase diagrams in Ti-Al-M1-M2 quaternary 
systems using our thermodynamic database. 
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aluminum concentration dependence, (2) temperature dependence, (3) M1 and M2 concentration ratio dependence, 
since all these factors strongly influence the high and low temperature β phase regions. Figure 2 shows an example for 
a vertical section in the quaternary system. The experimental diagram is in good agreement with the one calculated 
using our thermodynamic DB (Figs. 2 (a) and (b)) in the position of  the unique phase transformation pathway (the 
dotted line), but  obviously not with the one calculated using the existing DB [4] (Fig. 2 (c)). The high temperature β 
phase existing above the α single 
phase region is effective for hot 
forging process, and the volume of 
20 % at forging temperatures makes 
it possible to hot forged the sample 
by one stroke with a true 
compressive strain of more than 1.2 
at strain rate of 10/s, fast enough to 
prevent heat transfer from a small 
piece of sample such as HPC blade 
during forging process. The residual 
β phase after the forging can be 
eliminated completely by the β→α 
phase transformation along the 
pathway. In addition, 
thermodynamically stable β phase 
existing below the α single phase 
region can be used to control the 
microstructure. In general, the existence of the β phase is blindly believed to be detrimental for mechanical properties. 
However, this is not always true. The ductility and fatigue crack growth resistance at room temperature as well as creep 
life to 1% strain at 1073 K can be improved by using the β phase and even better than those of the existing alloys [5,6]. 
The detailed properties and the mechanism for the improvement will be discussed. This study was carried under the 
research project of SIP in JST (Japan Science and Technology Agency).  
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Fig. 2 Vertical sections in Ti-Al-M1-M2 quaternary system at a fixed Al 
concentration: (a) experimentally determined, (b) calculated based on our 
DB, (c) calculated based on existing DB [4] 
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Introduction 
Although metal matrix composites for the high temperature structural material have been investigated extensively1,2), 
applications of MMC have been limited.  Among many combinations between the ceramic fibers and matrix materials, 
combination of SiC fiber and TiAl based intermetallic compounds has been expected to be one of the best combination 
since both SiC fiber and TiAl show the heat resistance and low density. Lack of the affordability of TiAl sheet has been 
inhibited the development of the TiAl base composites.  Among several approaches3,4), SiC fiber reinforced TiAl has been 
successfully fabricated in 19975) by present authors group.  However, investigation has not been hardly found to follow 
the results of our SiC/TiAl composites.  In this study, the fabrication conditions of SiC fiber and TiAl sheet using the hot 
press in a vacuum have been investigated6).  The purpose of this research is to understand the relationships between 
process conditions and mechanical properties of SiC/TiAl composites. Furthermore the reaction layers between fiber 
and TiAl matrix have been analysed in detail. Results would lead to establish the most appropriate fabrication condition 
of  composite.  

Materials and Methods 
TiAl ingots were remelted by the plasma arc melting (PAM) facility.  Then they received HIP process  at 1323K for 
homogenizing treatment in order to eliminate casting defects. Ingots were compressed up to 80% deformation at 1473K, 
in a vacuum atmosphere to get fine microstructure which shows  a superplastic deformation capability above 1473K. 
The sheets of γ-TiAl specimens whose thickness were 0.2mm were cut by the diamond multi wire saw machine.  Using 
a specially designed jig, five TiAl sheets (20x20x0.2mm3) and properly chopped SiC fibers were laminated in layer by 
layer as shown in Fig.1.  Unidirectional compression on the preform were carried out by means of the hot press facility 
at various temperatures in a vacuum.  After the preform was set in the chamber, temperature was raised with heating 
rate 15K/min, and kept for 40min.  Preform was hot pressed under the condition of 7.0-8.0MPa for 10min. SiC/TiAl 
specimens were cut from composites perpendicular to the fiber direction by the diamond wheel saw, and then polished 
by diamond powder.  Cross section of the specimens were observed by SEM-EDS operated at 15keV. Micro- indentation 
apparatus has been utilized to evaluate the pull out strength of matrixTiAl and  a SiC fiber. Mechanical properties of 
unidirectional composite specimens (7.5x20.4x0.9mm3) have been examined by three point bending tests at room 
temperature.  

Results and Discussion 
Determination of an adequate hot press condition for SiC/TiAl composite is the most important purpose of this study. 
The volume fraction of fiber in matrix is examined from the cross-section of SEM photographs.  Based on the SEM 
observations, composites of 1473, 1498 and 1523K are well deformed and show relatively good interfaces.  Matrix TiAl 
has deformed significantly around the fibers and the initial TiAl sheets have bonded together perfectly as like a bulk TiAl 
specimen. The thickness of reaction layers between SiC fiber and TiAl matrix has been strongly affected on the hot press 
temperatures.  Optimum conditions of consolidation have been determined as following: pressure is 8.0 MPa, 
temperature is 1498K.  
Mechanical properties of SiC/TiAl have been evaluated by means of the three points bending test using strain gauge 
attached on the bottom side of the specimen.  Specimen (8.0 MPa, 1498K) whose fiber volume fraction was 8.0% shows 
bending strength of 290MPa and strain of 0.15%, respectively. Based on the three points bending data, elastic modulus 
for fiber direction would be calculated. Elastic constant of fiber direction is 193GPa. Youngs modulus of fiber is 400-
415GPa and its matrix TiAl is 164GPa respectively, therefore, ideal elastic constants would be 182-184GPa according to 
apply the law of mixture.  It is demonstrated that this SiC/TiAl composite material shows excellent elastic properties. 
In order to examine the pull out strength of SiC fiber quantitatively, micro-indentation on a single fiber were carried 
out.  Figure 2 shows an observation of SiC fiber pull out after micro-indentation, arrow in Fig.2 is indicating the scar of 
the diamond.  Load cell placed under the specimen has monitored the received force during indentation. At the top, the 
force reached to 8.8N. The area of interface was 1.4 x 10-12 m2 (specimen thickness 0.10mm, SiC fiber diameter 
0.133mm).  Estimated pull out strength was 202MPa, that is reasonable values since tensile strength of TiAl matrix was 
505MPa and the maximum shear stress would be the half of tensile strength. Reaction layers and the interface between 
SiC fiber and TiAl have been analyzed by SEM-EDS and XRD. At least two or more reaction layers have been formed. 
These reaction layers can be explained based on the Si-Ti-C ternary equilibrium phase diagram at 1373K7). 
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Summary 
SiC fiber reinforced TiAl composites have been successfully fabricated using hot press method.  Optimum temperature 
and pressure have been determined.  SiC/TiAl composite having relatively low fiber volume fraction shows nearly an 
ideal elastic property applying the law of mixture.  Effects of interface layers on the mechanical properties of composites 
have been discussed. 

Fig. 1 Schematic drawing of SiC/TiAl arrangement 
and preform 

Fig. 2 Observation of SiC fiber pull out after indentation 
by diamond pyramid 
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Introduction 
In the last decades there has been a growing interest in developing new intermetallic families, which would be able to 
improve the specific performances of superalloys at high temperature, and the Ti-Al-Nb-Mo family, called TNM, was 
developed to fulfill the required performances. In particular, the creep resistance should be improved and consequently 
the study of the diffusion mechanisms and the associated relaxation processes becomes very useful to get a deep 
understanding of the physics involved during creep. Previous works on several γ-TiAl alloys show a relaxation process 
associated to the diffusion of Ti in the α2 phase [1,2], as well as an internal friction at high temperature, which is 
associated to the creep behavior [3]. At present, new generation of γ-TiAl, called TNM+, is being developed to improve 
the creep resistance by microalloying with C and Si through the formation of different precipitates [3]. However, C atoms 
in solid solution could have a secondary effect on creep resistance by slowing down the diffusion of Ti in the constitutive 
phases. The aim of the present work is to study the relaxation process associated to the Ti diffusion in α2 phase in several 
alloys with different amounts of C in solid solution, in order to evaluate its potential influence on such relaxation process. 

Materials and Methods 
Several γ-TiAl alloys were investigated, the TNM alloy, and two alloys based on the TNM concept. The second alloy is an 
experimental C-rich alloy whose chemical composition is Ti-43Al-4Nb-1.5Mo-0.1B-0.5C. And the third alloy was named 
TNM+ and is refined with nominal additions of 0.3 at% C and 0.3 at% Si, with chemical composition Ti-43.3Al-4.02Nb-
0.96Mo-0.12B-0.34C-0.31Si. These alloys were processed by plasma arc melting, subsequent casting and a further hot 
isostatic pressing at 1200ºC and 200 MPa for 4 h. Internal friction measurements were performed in a mechanical 
spectrometer working in torsion and in sub-resonant mode, between 300ºC and 950ºC, at different frequencies from 2 
Hz to 0.01 Hz. 

Results and Discussion 
In Figure 1, the internal friction spectra measured at different frequencies as a function of temperature are plotted for 
the C-rich alloy. A relaxation peak appears in between 900 K and 1150 K, depending on frequency, superimposed to a 
high temperature background of the internal friction. From previous results [1,2] we know that this peak is associated 
to the diffusion of Ti in the α2 phase and we will denote as P(α2). From these results, the Arrhenius diagram 
corresponding to this relaxation peak can be obtained, and is plotted in Figure 2, allowing to measure the activation 
energy of Eact = 3.4 eV, which is much higher than the one measured for the same relaxation peak in the TNM alloy in 
which C is not present. Similar studies and analysis have been performed in all alloys and in different microstructural 
conditions. The details of the experimental results are given in reference [4] and will be published soon [5]. From these 
results it becomes evident that the presence of C in solid solution in the phase α2, increases the activation energy of the 
relaxation peak P(α2) and consequently the C atoms increase the activation energy for the diffusion of Ti in this phase, 
slowing down the diffusion processes. The analysis of this phenomenon, in alloys with different amount of C, allows us 
to quantify the influence of C on the diffusion of Ti in α2 phase. An atomistic model is proposed to give account of the 
interaction between C in solid solution and Ti atoms during the short distance diffusion process involved in the internal 
friction experiments. 

Conclusion 
The influence of C in solid solution on the short distance diffusion of Ti in the α2 phase has been evidenced in several γ-
TiAl intermetallics. The analysis of the internal friction spectra has allowed quantifying such influence, in which the C 
atoms slow down the short distance diffusion of Ti in α2. An atomistic model is proposed to explain the potential 
involved mechanism responsible for this phenomenon.  

mailto:jose.sanjuan@ehu.es
mailto:thomas.klein@ait.ac.at
mailto:svea.mayer@unileoben.ac.at
mailto:helmut.clemens@unileoben.ac.at
mailto:maria.no@ehu.es


ORAL ABSTRACTS • SESSION • TITANIUM ALUMINIDES I 

79 
 

  
Fig. 1: Internal friction spectra and dynamic modulus curves for 
the Ti-43Al-4Nb-1.5Mo-0.1B-0.5C alloy, measured at different 
frequencies. The relaxation peak appearing  between 900 K and 
1100 K is denoted P(α2).  

Fig. 2: Arrhenius diagram corresponding to the 
relaxation peak P(α2) shown in Fig.1. This peak is 
associated to the Ti diffusion in α2 phase.  
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Introduction 
Lightweight 끫毼-based TiAl alloys were recently successfully introduced into civil aero engines as a structural blade 
material to partially replace the twice as heavy nickel-based superalloys [1]. For nickel-based blades, repair processes 
including welding and brazing are well established in order to reuse the blades and extend their life cycle, as well as to 
reduce material use and costs. Those processes are particularly suitable for repairing damaged or worn blade parts, but 
have not been commercially applied for 끫毼-based TiAl blades. In the current work two commercially used 끫毼-TiAl alloys 
[2] Ti-48Al-2Nb-2Cr and Ti-43.5Al-4Nb-1Mo-0.2B (all compositions in at.%) were investigated with regard to repair 
processes. In particular, diffusion bonding has been investigated as a possible repair process for damaged or worn 끫毼-
based TiAl parts. The microstructure developed during the bonding process and the corresponding mechanical 
properties have been determined. By optimising the parameters of diffusion, it was possible to reach tensile strength 
and ductility in diffusion bonded samples that were comparable to the base material. 

Materials and Methods 
The Ti-48Al-2Nb-2Cr alloy (4822) was produced by casting followed by hot isostatic pressing, while the Ti-43.5Al-4Nb-
1Mo-0.2B alloy (TNM) was produced by casting followed by hot isostatic pressing and forging. All diffusion bonding 
experiments were performed in a modified MTS 810 servohydraulic testing machine. Diffusion bonding was performed 
under vacuum at four different temperatures below the 끫毼-solvus temperature using three different compressive stress 
levels that were below the yield stress. Additionally, in-situ high-energy diffraction experiments were performed at the 
Helmholtz-Zentrum Geesthacht run High-Energy Materials Science beam line P07 at the Deutsches Elektronen-
Synchrotron Hamburg [3]. A modified quenching and deformation dilatometer, DIL 805A/D from TA instruments, 
combined with a PerkinElmer 1621 flat panel detector were used to simulate the diffusion bonding process in-situ. A 
photon energy of 100 keV (λ = 0.1240 Å) with a beam size of 0.1 x 0.5 mm² was used to scan over the bonding zone in a 
stepwise manner. Diffraction patterns were analyzed using Fit2D software [4] and MAUD [5]. Scanning electron 
microscope investigations (SEM) were performed using a Zeiss Gemini using back-scattered electron contrast (BSE). 

Results and Discussion 
Diffusion bonding was not successful at temperatures below 1000 °C for either alloy. At higher temperatures above 
1000 °C, in both alloys sound joints could be produced. The TNM alloy showed changes in the substrate microstructure 
(e.g. lamellar coarsening) after bonding at higher temperatures. In contrast, there seem to be no significant 
microstructural changes in the substrate of the cast 4822 alloy, except for some grain growth at and across the joint. 
The number and size of these grains increased with increasing bonding temperature. To investigate the influence of the 
process parameters on the mechanical properties, two sets of bonding parameters were chosen and tensile test 
specimens were produced from bonded cylinders. The tensile tests were carried out at room temperature, 650 °C and 
750 °C. The Young’s modulus of the bonded specimens was equal to the reference material at each testing temperature. 
For the TNM alloy, the samples bonded at lower stresses showed higher yield stresses. Nevertheless all bonded 
specimens reached similar fracture stresses as the specimens from the reference material. The bonded 4822 samples 
showed a wider distribution of properties. The samples bonded at higher temperatures exhibiting higher plastic strains. 
Furthermore, it was found that TNM samples tended to break in the diffusion joint zone during room and high 
temperature tensile tests. While 4822 specimens tested at room temperature, tend to brake within the substrate 
material and samples tested at high temperatures failed in the joint zone.  
We were able to show that diffusion bonding is possible for both the TNM and 4822 alloys without significantly changing 
the microstructure. Additionally the bonded specimens showed mechanical properties that were comparable to the 
non-bonded reference specimens. 
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Fig. 1: SEM images in BSE mode a) diffusion bonding zone of two successfully bonded TNM alloy parts. b) High 
magnification of area within the dashed line box in (a), the bonding zone is located in the middle of the image and 
does not significantly differ from other grain boundaries within the alloy. 
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Introduction 
In recent years, the demand for innovative high-temperature lightweight structural materials has become increasingly 
important, especially in relation to current issues of energy and environmental politics, since the rapidly expanding 
global economic network and the increasing mobility are an emerging problem with regard to energy consumption and 
environmental degradation. The air traffic alone holds a share of about 3.5% of the human-induced climate change and 
is expected to grow steadily over the next years. In this context, new programs are launched worldwide on a political 
and scientific / technical level to reduce aviation as well as automobile emissions. In particular, the regulations of the 
European Union prescribe strict stipulations regarding the permitted emissions from aero- and combustion engines. 
Apart from reducing harmful greenhouse gases (CO2, NOx), the focus lies also on a noticeable decline of noise. Thus, 
future generations of aircraft and automotive engines must be designed in such a way that they meet the 
abovementioned requirements, together with reduced fuel consumption and maintenance costs. Aside from new and 
improved design concepts, the use of innovative high-temperature lightweight structural materials, such as 
intermetallic γ-TiAl based alloys, plays a key role [1]. 
Due to their attractive properties, such as a low density (3.9 - 4.2 g∙cm-3, depending on composition and constitution), 
high specific yield strength and stiffness (Fig. 1), creep resistance up to about 800°C in addition to good oxidation and 
burn resistance, intermetallic titanium aluminides based on the γ-TiAl phase meet the demands as structural high-
temperature lightweight materials in the aircraft and automotive industry, as turbine blades of aero-engines, 
turbocharger turbine wheels of automotive diesel engines and high-performance valves for the application in racing 
cars, where they have been envisaged to replace heavier Ni- and Ti-based alloys particularly in the temperature range 
of 600°C to 800°C [2,3]. 
 

 

Fig. 1: a) 0.2% specific yield strength and b) specific Young’s modulus as a function of temperature of selected structural 
materials in comparison with intermetallic γ-TiAl based alloys. The area in red represents data obtained for TNM alloys 
with different microstructures [2,3]. 

 
Since binary titanium aluminides do not meet the required properties for application, γ-TiAl based alloys are modified 
with transition metal alloying elements, such as Nb, Mo, Cr, or W. The resultant benefits are the improvement of the 
mechanical properties, the oxidation resistance and the possible adjustment of phase fractions and phase 
transformation mechanisms that enable, for instance, the application of particular processing routes, such as casting, 
hot forging and additive manufacturing (AM), or the adjustment of tailored microstructures by means of smart heat 
treatments [4,5]. 
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Alloy Design Strategy for Advanced Titanium Aluminides 
A representative of such an advanced intermetallic γ-TiAl based alloy is the so-called TNM alloy with a nominal chemical 
composition of Ti-43.5Al-4Nb-1Mo-0.1B (at.%), which was developed by the working group on “Phase Transformations 
and High-Temperature Materials” at the Department of Materials Science, Montanuniversität Leoben, using state-of-
the-art experimental methods and theoretical approaches in cooperation with European as well as international 
universities, research facilities and industries. The name TNM corresponds to an acronym according to the alloying 
elements (T stands for TiAl, N for Nb and M for Mo) [3,6]. In particular, the alloy design has a beneficial effect on the 
solidification pathway (L → L + β → β → …) and hot deformation behavior and, subsequently, on microstructure and 
material properties due to an enhanced microstructural homogeneity, a weak casting texture, minor segregations, and 
a refined microstructure [7]. Finally, post-forging multi-step heat treatments ensure an improved chemical and 
microstructural homogeneity, along with increased room temperature (RT) ductility and creep strength at elevated 
temperatures [2]. 
The aim of this presentation is to summarize the particular development achievements of the novel intermetallic β-
solidifying γ-TiAl based TNM alloy from fundamental research to application. For the alloy design a profound knowledge 
of the thermodynamics and kinetics of occurring phase transformations depending on chemical composition is an 
essential prerequisite. Thus, thermodynamic calculations, such as those obtained by the CALPHAD (CALculation of 
PHAse Diagrams) method, have been applied to predict phase diagrams of the multi-component alloying system 
together with first-principles calculations to study the preferential site occupation of the selected alloying elements. As 
the commercial TiAl database developed by Saunders [8] was unreliable in predicting phase fractions as a function of 
temperature because of the high proportion of β-stabilizing elements, the existing database was modified with the aid 
of concomitant experimental studies, such as in situ diffraction techniques employing synchrotron radiation and 
neutrons. The relationship between microstructure and engineering properties for high-temperature application is also 
the topic of discussion, where the microstructural features were analyzed by means of high-resolution characterization 
techniques, such as transmission electron microscopy (TEM) and atom probe tomography (APT), leading to the 
determination of a two-step heat treatment for the adjustment of the final microstructure with balanced mechanical 
properties. A short summary and outlook follows at the end of the presentation, wherein the alloy design is shown for 
a creep-improved so-called TNM+ alloy, which exhibits small additions of C and Si to further enhance the high-
temperature capability [9]. 
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Introduction 
CALPHAD (CALculation of PHAse Diagrams) has played an important role in alloy design and process optimization for 
decades. The quality of CALPHAD simulations by large depends on the accuracy of the database being used. This work 
updates a thermodynamic database (TCTI2) within a 27-element framework (Ag-Al-B-C-Co-Cr-Fe-H-Hf-Mn-Mo-N-Nb-Ni-
O-Pd-Pt-Re-Ru-Si-Sn-Ta-Ti-V-W-Y-Zr). It consists of 269 assessed binary systems and 95 assessed Ti-containing ternary 
systems. Calculations with TCTI2 help to understand phase equilibria, phase transformation and microstructure 
evolution in titanium alloys and thus to accelerate the material design. TCTI2, together with its compatible mobility 
database MOBTI3, can be also used for simulating diffusion-controlled phase transformation and precipitation kinetics. 
This database is expected to efficiently support further development of Ti- and TiAl-based alloys with a reduction of 
costly trial and error experiments. 

Database overview 
The TCTI2 database has been developed in a systematic way in order to cope with the complexity in the phase relations 
and phase transformations in titanium alloys. Based on an extensive crystallographic investigation of all solid phases, 
the phases having the same crystal structure are generally modelled as one phase, unless they are tactically treated as 
two groups according to the major constituents in certain cases. Appropriate thermodynamic models are selected and 
used for different types of phases. The common solution phases (liquid, Bcc_A2 (βTi) and Hcp_A3 (αTi and α’)) are 
modelled as substitutional solutions [1]. Most intermetallic compounds and their solutions, such as α2 phase 
(AlTi3_D019), γ phase (AlTi_L10) and ωo-Ti4Al3Nb phase (B82_omega) are described with sublattice models [1]. The 
ordered B2 phase is modeled with the so-called partition model [2,3] in conjunction with its disordered counterpart, 
Bcc_A2.  
All necessary volume data (including molar volume and thermal expansion) have been assessed with the implemented 
model [4,5] for most solution phases and intermetallic phases in TCTI2. This enables one to calculate volume fraction of 
phases, density and thermal expansivity, as well as lattice parameters for cubic structures using Thermo-Calc. 

Applications 
Typical calculated examples for various properties in titanium alloys are presented in this work with the emphasis on 
validation against experimental observations in multi-component commercial alloys.  
A central point for thermomechanical treatment of conventional Ti-alloys is the β-transus temperature which is of 
critical importance to alloy design. A comparison between observed and calculated β-transus temperatures is made for 
a wide variety of typical commercial Ti-alloys and is shown in Fig. 1. The dash lines indicate an uncertainty of ±20 °C.  
Thermophysical properties, such as density, enthalpy (HT-H298), thermal expansion, etc., are normally required as input 
for process (casting, welding) simulations. A major achievement of TCTI2 is that such data can be readily calculated for 
different alloys from room temperature into the liquid state, which is of vital importance for process simulation but 
difficult to measure or otherwise estimate. Fig. 2 shows the calculated density of liquid TiAlNb compared with 
experimental data [6,7].   
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Fig. 1 Comparison between experimentally observed and predicted β-transus temperatures for Ti-Alloys.   
 

Fig. 2 Density of liquid TiAlNb. 
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Introduction 
Intermetallic γ-TiAl based alloys represent engineering materials for light-weight and high-temperature applications up 
to 750°C due to their low density, good oxidation and creep resistance combined with high specific mechanical 
properties. The different γ-TiAl alloys can be classified as falling into the following categories: i) “conventional” alloys 
(the alloys solidifying through the peritectic reaction(s)); ii) high niobium-containing alloys; iii) β-solidifying alloys; iv) 
high-alloyed “beta-gamma” alloys solidifying through the β phase and containing a considerable amount of the β phase; 
v) massively transformed alloys. From the most general point of view, γ-TiAl alloys can be subdivided into two groups: 
the alloys solidifying solely through the β phase and the alloys solidifying through peritectic reaction(s). It has been well 
documented that γ-TiAl alloys solidifying completely through the β phase have some advantages as compared to 
peritectically solidifying ones [1-3]. These include: i) better chemical homogeneity (owing to a lower level of dendritic 
segregation), ii) reduced casting texture, and iii) a refined casting microstructure resulted from solid-state phase 
transformations (in the case of appropriate alloying). Although a number of excellent research works devoted to β-
solidifying γ-TiAl alloys have been performed [2-5], further improvements in mechanical properties via 
alloy/microstructure designing and improvements in hot working and post-working heat treatment are desirable. The 
present work was aimed to study the microstructure and mechanical properties of some β-solidifying γ-TiAl alloys 
subjected to hot forging at lower temperatures and post-forging heat treatment with emphasis on attaining refined 
microstructures with a mean grain/colony size less than 30 μm. Taking into account a limited hot workability of β-
solidifying γ-TiAl alloys, hot forging was performed first at higher temperatures and then at lower temperatures using 
enhancement of the hot workability attained due to microstructure refinement after hot forging at higher temperatures. 
Another approach applied in the present work was associated with using small deformation values at lower hot working 
temperatures.  

Materials and Methods 
Three γ-TiAl alloys (A1-A3) are considered in the present work: 1) Ti-45Al-5Nb-1Mo-0.2B (for the sake of simplicity 
hereafter Ti-45), 2) Ti-43.7Al-4.2Nb-0.5Mo-0.2B-0.2C (Ti-43.7), 3) Ti-44Al-5Nb-0.2B (Ti-44) (in at. %). The alloys were 
produced by vacuum arc remelting and subjected to hot forging and post-forging heat treatment. Cylindrical workpieces 
of the Ti-45 and Ti-43.7 alloys were forged in the α+β(B2)+γ phase field and then at lower temperatures, in the 
α2+β(B2)+γ phase field, followed by post-forging heat treatment. The summed strains imparted during forging of the 
cast Ti-45 and Ti-43.7 alloys were e≈1.2 and 4, respectively. The forging procedures are described in more details in refs. 
[6,7]. Cylindrical workpiece of the Ti-44Al alloy was subjected to forging in the α2+γ phase field to a small strain value 
(e≈0.2), followed by near the same heat treatment as in the case of the Ti-45 and Ti-43.7 alloys. The post-forging heat 
treatment included annealing in the α+β(B2)+γ (for the Ti-45 and Ti-43.7 alloys) or α+γ (for the Ti-44 alloy) phase field 
and ageing at 900°C (2 h). Mechanical tests were performed for the produced conditions of the alloys. All samples were 
prepared by electrospark cutting followed by fine grinding of work surfaces. The microstructure examination was carried 
out for the cross sections of the forged workpieces using scanning electron microscopy (SEM) in backscattering electron 
(BSE) mode. 

Results and Discussion 
Different microstructures ranging from near fully lamellar to duplex were obtained in the alloys under study. Table 1 
represents microstructure characteristics and mechanical properties obtained for the alloys. The produced 
microstructures differed in the grain/colony size, the volume fraction of lamellar constituent, the fraction of the β(B2) 
phase and the interlamellar spacing. The Ti-45 and Ti-43.7 alloys in the cast and heat treated conditions had a similar 
near fully lamellar structure. Comparing the room temperature tensile properties of these alloys in the cast and heat 
treated conditions, one can conclude that the carbon addition reduced the room temperature ductility. Hot forging at 
lower temperatures, in the α2+β(B2)+γ (for the Ti-45 and Ti-43.7Al alloys) or α2+γ (for the Ti-44 alloy) phase field led to 
microstructure refinement due to dynamic recrystallization/globularization processes during hot forging. The hot forged 
conditions of the Ti-45 and Ti-43.7Al alloys showed excellent superplastic properties at 900-1000°C [6,7] and 
superplastic elongations were significantly higher in the case of the Ti-43.7Al alloy that is associated with a higher strain 
value imparted during hot forging (e≈4 vs. e≈1.2). Subsequent heat treatment in the α+β(B2)+γ (for the Ti-45 and Ti-
43.7Al alloys) or α+γ (for the Ti-44 alloy) phase field led to formation of duplex structures with a mean grain/colony size 
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of d=6-15 μm. The duplex structures provided higher strength and ductility both at room and elevated temperatures. 
As was shown for the Ti-45 alloy, the refined duplex structure reduced significantly the long-term strength (creep 
resistance) at 700°C as compared with the near fully lamellar condition. At the same time, the Ti-44Al alloy with the 
duplex structure containing predominantly the lamellar constituent demonstrated the creep resistance similar to that 
of the Ti-45 alloy with near fully lamellar microstructure.  
 
The experiments performed for the Ti-44 alloy showed that hot forging can be used with respect to as-cast β-solidifying 
alloys at lower temperatures (in the α2+β(B2)+γ or α2+γ phase field) if small strain values and isothermal conditions are 
applied. It was revealed that the strain value e≈0.2 led to occurrence of recrystallization/globularization processes 
during forging and post-forging heat treatment that gave quite reasonable mechanical properties if comparing with 
those of the cast β-solidifying γ-TiAl alloys.  
 
Table 1: Microstructure characteristics and mechanical properties obtained for some β-solidifying γ-TiAl alloys after hot 
forging and heat treatment 

Alloy Processing / Microstructure 
Tensile properties Long-term strength 

at 700°C (100 h.) 20°C 700°C 
UTS, MPa δ, % UTS, MPa δ, % 

Ti-45 [6] 

Cast + HT / NFL, d≈50 μm, 
Vβ(B2)=1.7% 

670 0.9 672 3.1 >450 

HF (e≈1.2) + HT / DP, d≈8 μm, 
VLC≈20%, Vβ(B2)=1.3% 

860 3.1 790 6.5 >350 

Ti-43.7 

Cast + HT / NFL, d≈62 μm, 
Vβ(B2)<0.5% 

600 0.3 - - - 

HF (e≈4) + HT / DP, d≈6 μm, 
VLC≈20%, Vβ(B2)<0.5% 

930 1.4 774 3.9 >350 

Ti-44 
HF (e≈0.2) + HT / DP, d≈15 μm, 
VLC≈65%, Vβ(B2) – n.a. 

730 1.25 706 4.9 >350 

HT - heat treatment, HF – hot forging, NFL or DP – near fully lamellar or duplex structure, VLC – the volume fraction of 
lamellar constituent, Vβ(B2) - the volume fraction of the β(B2) phase.  
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Introduction 
Lightweight materials as titanium alloys can be used to replace heavier nickel base superalloys in aero engines. This 
replacement is already introduced in the low-pressure turbine of different aircraft engines. Titanium aluminides 
maintain good mechanical and oxidation protection properties up to around 750°C [1-3]. However, to increase their 
temperature application range further improvements are necessary. These alloys show limited oxidation resistance due 
to their fast-growing mixed oxide scale formation and susceptibility to oxygen-induced surface embrittlement at higher 
temperatures [4-6]. For nickel-based alloys the highest improvements in the oxidation resistance are usually obtained 
by MCrAlY or by Pt-modified aluminide coatings [7]. These coatings form alumina and reduce internal oxidation of alloys. 
Motivated by the positive results of Pt-modified aluminide coatings onto nickel-based alloys similar coatings are 
developed for a TNM-B1 alloy via electroplating and subsequent power pack cementation. Such coatings and their 
efficacy to protect TiAl alloys at a testing temperature of 900°C in air is presented. Based on such results an optimal 
coating composition is proposed. 

Materials and Methods 
Pt-based aluminide coatings were deposited on a TiAl alloy by combining electrochemical deposition of Pt and 
subsequent Al pack cementation. Third generation TiAl alloy TNM-B1 (Ti-43.5Al-4Nb-1Mo-0.1B [at.%]) consists of γ-TiAl, 
α2-Ti3Al and β/β0-Ti(Al). Pt thickness in the electroplated layer varied between 5 and 1 µm. Pt coated samples were 
diffusion heat-treated in a high vacuum furnace for 2 h at 1000°C. After Pt diffusion some of the samples were 
aluminized by pack cementation. Such samples were introduced in NH4Cl, Al, Cr and Al2O3 (2wt.%-24.5wt.%-24.5wt.%-
rest) powder mixture and diffusion treated at 900°C for 2h in Ar. This corresponds to a high activity powder pack 
composition resulting in the TiAl3 phase and an Al-rich titanium modified platinum aluminide.   The oxidation resistance 
of the coatings was tested at 900°C for 140 h. The weight of the samples was measured before and after introducing 
the samples in the box furnace to determine the efficiency of the coating procedure. 
The surface of the samples was investigated using Glow Discharge Optical Emission Spectroscopy (GD-OES) and X-ray 
diffraction measurements. A cross section of the sample was analyzed by scanning electron microscope. Oxidized 
samples were galvanically copper-plated before metallographic preparation and polished down to 1 µm diamond 
suspension.  

Results and Discussion 
Oxidation of bare TNM-B1 and Pt diffused coatings of different thickness (without aluminisation) show the formation of 
mixed TiO2/Al2O3 scales in conjunction with the high weight gain shown in figure 1. In the case of bare TNM-B1 spallation 
of the scale occurred after cooling of the sample as shown in figure 1. Aluminizing of the TNM-B1 substrate as well as 
aluminizing of the previously Pt diffusion treated TNM-B1 strongly improved the oxidation resistance of the samples. In 
such cases, pure Al2O3 scales are formed instead of a mixed oxide scale. Both coatings indicate slow growing Al2O3. The 
differences in the scale growth and changes in the microstructure are currently under investigation and will be 
discussed. 
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Fig. 1: Weight change of tested samples after 140 h of exposure at 900°C 
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Introduction 
γ-TiAl alloys form a non-protective mixed oxide scale of TiO2 / Al2O3 on the surface at temperatures above 800°C. A 
surface modification with fluorine can change the oxidation mechanism into the growth of a dense protective alumina 
scale. A thermodynamic model was developed explaining this Fluorine effect [1]. Beam line ion implantation was used 
to verify the conditions predicted by the thermodynamic model [2] and to study the long-term behavior of the oxidation 
protection. However, a cost-effective method of surface doping with fluorine in an industrial scale was still missing. In 
the present work industrial gas phase fluorination was applied to achieve the conditions of the F-effect for γ-TiAl alloys. 
The results obtained with ion implantation serve as a benchmark to identify the optimized parameters for gas phase 
fluorination. In the second part of the work, the long-term performance of gas fluorinated alloy was studied under 
isothermal and cycling conditions.   

Materials and Methods 
Commercial alloy GE 4822 with elemental composition Ti-48Al-2Nb-2Cr (at.%) was chosen. The alloy was casted by 
Feinguss Blank GmbH, Riedlingen, in coupons with size of 10 x 10 x 2 mm3. Half of the samples were polished on both 
sides down to 4000 grit SiC followed by ultrasonic cleaning. The other half of the samples obtained a surface treatment 
by blasting with Korund particles. These samples are referred to have an “as received” surface. All samples were exposed 
in the industrial fluorination equipment of Fluor Technik System GmbH (FTS) using a gas atmosphere of (N2-10%F2). The 
parameter set defining the fluorination process are temperature, time of exposure and 2 gas pressures. The gas 
fluorination was performed using at least 30 parameter sets to meet the suitable F-concentration and F-dose. The non-
destructive PIGE (Proton Induced Gamma-ray Emission) was used to determine the F-depth profiles. The PIGE-
measurements were carried out at the 2.5 MV Van de Graaff-accelerator of the Goethe-University Frankfurt. The depth 
profiling was performed by using the nuclear reaction 19F(p, αγ)16O at resonance energies of 340 keV and 484 keV, 
resp. A NaI(Tl) scintillation counter detected the high energetic γ-rays (5-7 MeV). The screening process worked as 
follows: Only those samples showing F-profiles suitable for the F-effect were oxidized isothermally (100..500 
h/900°C/lab air).  Finally metallographic cross-sections were prepared after oxidation to study the oxide structure by 
using SEM/EDX. As result of the screening process an optimized parameter set was obtained. After gas fluorination by 
using this parameter set further samples were oxidized isothermally and cyclically for 1000 h/900°C. Thermogravimetric 
analysis (TGA) was carried out (600h/900°C/ synthetic air) to reveal the kinetics of oxide scale growth.  

Results and Discussion 
The F-treatment by beam line ion implantation showed the best results so far for the F-effect between the implantation 
parameters of  1 x 1017  and   2 x 1017 F cm-2 / 20 keV. The maximum F-content was found between 20 – 40 at.% [2]. 
The results show a strong dependence of the obtained F-depth profiles with respect to the parameter set of gas 
fluorination. These values meet the optimal part of the corridor recommended by F-implantation studies as mentioned 
above. Optimal fluorine enrichment on the surface is characterized by a maximum F-concentration of 30-45 at.% and 
an integral F-dose of (2..4) x 1017 F cm-2. After isothermal oxidation (1000 h/900°C) the surface is covered with a 2-3 μm 
thin protective alumina scale (fig. 1). Cyclic oxidation was performed at 900°C with a number of 480 cycles (1 cycle: 60 
min hot, 50 min cold). A thin (2-3 μm) protective adherent alumina scale was found on the surface. 
The mass gain measured with TGA (600 h/900°C/ synthetic air) reveals a distinct alumina kinetics for the oxide growth. 
As result the gas fluorination process offers a cost-effective method for industrial fluorination of γ-TiAl-alloys. 
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Fig.1: Protective alumina scale on the sur-face of γ-
TiAl-alloy GE 4822 after iso-thermal oxidation 
(1000 h/900°C/air). 

Fig. 2: TGA-curve of a gas fluorinated sample of alloy 2 (GE 
4822) during oxidation (600 h/900°C/synth. air). 
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Introduction 
Dispersion of β-Ti phase is effective in toughening and strengthening of γ-TiAl based alloys [1, 2]. For further 
optimization of the mechanical properties, control of the volume fraction and morphology of the β phase based on the 
phase diagrams is necessary. Thus, we have constructed the multi-component phase diagrams of TiAl alloys having 
transition metal elements, M (M: V, Nb, Cr, Mo) which solves substitutionally. In any Ti-Al-M ternary systems, the β 
phase is stabilized against the α-Ti phase and directly in equilibrium with γ phase, resulting in the existence of the β+α+γ 
three-phase coexistence region [3]. On the other hand, interstitial elements such as carbon, nitrogen and oxygen are 
qualitatively known to stabilize the α (or α2-Ti3Al) phase against the γ phase. From some atom probe experiments, these 
interstitials are reported to partition into α phase [4]. However quantitative manner has not been clarified because of 
its technical difficulty and a lack of systematic study, even though those elements are inevitably contained as impurities. 
Recently we applied the soft X-ray emission spectroscopy (SXES) to quantify the oxygen content in each phase and 
establish the optimum conditions [5]. SXES is originally developed for the evaluation of bonding electron states [6]. 
However, it is also useful for quantitative analysis of light elements, by using its high energy-resolution in ultra-soft X-
ray regime (<1000 eV). In the present study, we prepared a series of TiAl alloys with various oxygen (O) content, and 
have examined phase equilibria among the β, α, α2, γ phases as well as the partitioning behavior of solute oxygen among 
the phases in Ti-Al-M-O quaternary systems using SXES. 

Materials and Methods
The Ti-(43-47)Al-(0-15)M (in at.%) ternary alloys containing oxygen up to 1.5 at.% were prepared by vacuum arc 
melting to about 120 g button ingot. The oxygen contents in the alloys were analyzed by inert gas fusion method. All 

as-cast alloys were homogenized at β- or α single-phase region using vertical furnace with MoSi2 heating elements. 
Prior to the heat treatment, the chamber was evacuated down to 5x10-3 Pa, and then filled with high purity Ar (O2 < 0.1 
vol.ppm). After holding, samples were directly dropped down into the water. The subsequent equilibration heat 
treatments were conducted at temperature from 1653 K to 1273 K for up to 2 months. Homogenized samples wrapped 
with Ta foil were encapsulated into silica tube, evacuated and backfilled with Ar. After the equilibration, samples were 
water quenched by breaking the capsule. Microstructure observation and composition analysis were done by FE-
EPMA equipped with WDS and SXES. The major constituent elements (Ti, Al, Nb, Cr) were analyzed by WDS with an 
acceleration voltage of 20 kV. The oxygen content of the phases present was analyzed by a calibration method 
obtained using the homogenized samples by SXES with the third reflection of the oxygen Kα peak at 175 eV. The 
acceleration voltage, probe current and dwell time used for SXES were optimized in Ti-43Al binary alloys in order to 
maximize the accuracy and minimize the dispersion. The sample surfaces were sputtered by Ar-ion in exchange 
chamber just before the analysis to remove the oxygen-rich layer forms during sample preparation. 

Results and Discussion
At all temperatures studied, formation of oxides is not observed. At 1473 K, Ti-44Al-4Cr without oxygen (0.13 at.%O as 
an impurity) shows the β+α+γ three-phase microstructure and the volume fraction of the β phase (Vβ) is about 40 % 
(Fig 1 (a)). By adding oxygen in solution, Vβ decreases and 1.0O shows α+γ two-phase microstructure (Fig 1 (b)). The 
compositions of the constituent elements of each phase present in the alloys equilibrated at 1473 K are analyzed by 
WDS and plotted in (Fig. 2). By the addition of 1.0 at.% oxygen, the β+α+γ three-phase tie triangle shifts toward the 
higher Al and Cr content side by 1.5 and 1.0 at.%, respectively, suggesting the strong α stabilizing effect of oxygen. 
The oxygen content in each phase present in Ti-44Al-4Cr ternary alloys are plotted as a function of the oxygen 
content in the alloy, together with that in Ti-43Al binary alloys (Fig. 3). Oxygen is preferentially partitions into the α 
phase, whereas hardly dissolves in the γ phase, in both systems. O content in the γ is almost constant regardless of the 
O content in the alloys, and shows smaller value in the Ti-Al-Cr ternary system. The temperature dependence of the 
oxygen effect on the phase equilibria in Ti-Al-Nb and Ti-Al-Cr systems will be discussed. 
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Fig. 1: BEIs of Ti-44Al-4Cr alloys containing (a) 0.1 and (b) 
1.0 at.% oxygen equilibrated at 1473 K. 

Fig. 3: Change in O content in the phases present in Ti-
43Al and Ti-44Al-4Cr alloys with O content in the alloys 
at 1473 K.  

Fig. 2: Isothermal section of Ti-Al-Cr system showing the 
change in Al and Cr content in the phases present in Ti-
44Al-4Cr without and with oxygen equilibrated at 1473 
K. 
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Introduction 
Phase equilibria in Al–Ti base systems receive considerable attention, in particular, due to their importance for Ti–Al 
based alloys for high-temperature applications. Even phase-equilibrium data from technologically less relevant 
compositions are relevant information for putting together thermodynamic databases within the framework of the 
CALPHAD method. Such databases are, in turn, important input information for planning of heat treatment and, in 
particular, for modelling of diffusion and phase transformations occurring during processing. 
Against this background there have been various activities in the recent years to study phase equilibria in the Al–Mo–Ti 
system [1-4], revealing in particular information about the AlMo and Al63Mo37/τ high-temperature phases which are 
stabilized to lower temperatures by incorporation of Ti [1,2]. 
The present contribution deals with the encounter of a most likely metastable phase. For high Al contents of about 75 
at.% Al an orthorhombic variant of D022-TiAl3 has been detected in an as-solidified 73Al-22Mo-5Ti (at.%) alloy. D022-TiAl3 
belongs to a series of fcc-based aluminides ScAl3 (L12), ZrAl3 (D023) and TiAl3/NbAl3 (D022; see Fig. 1), which are formally 
interconvertible by antiphase boundaries perpendicular to one of the 〈100〉fcc directions and which roughly occur with 
increasing electron concentration. Monoclinic Al8Mo3 and Al3Mo also constitute fcc-based superstructures, which, 
however, are more complex than those of the afore-mentioned group-iii-v transition metal trialuminides. 

Materials and Methods 
Alloys were produced by arc melting and were, partly, subjected to subsequent heat treatment under inert-gas 
atmosphere. Solid alloys were investigated by optical microscopy, scanning electron microscopy in combination with 
electron-backscatter diffraction (EBSD), transmission Kikuchi diffraction and energy-dispersive X-ray (EDX) analysis, 
transmission electron microscopy (TEM; including specimen preparation by focused-ion-beam milling, FIB) as well as by 
powder X-ray diffraction (P-XRD).  

Results and Discussion 
P-XRD data of as-solidified 73Al-22Mo-5Ti (at.%) implied presence of two-predominant phases: tetragonal D022-ε-
(Ti,Mo)Al3 and a closely related phase exhibiting the same type of superstructure, however, with an orthorhombic 
distortion (a ≠ b) whereas the c axis was of very similar length as for the D022 phase. This orthorhombic variant of the 
D022 structure will be referred to as D022’. Similar diffraction evidence was also obtained from as-solidified alloys of 
other compositions, however, always together with tetragonal D022-ε-(Ti,Mo)Al3. SEM from polished cross sections of 
the alloys exhibited a needle-like microstructure being too fine for conventional EBSD analysis, since a strong overlap of 
different Kikuchi patterns occurred. Nevertheless, a dominant pole in the overlapping Kikuchi patterns was attributable 
to the c axis of the D022/D022’ structures.  
By means of FIB milling a lamella perpendicular to this c axis was cut out and further thinned to achieve transparence 
for electrons (Fig. 2). A scanning-TEM image reveals a two-phase microstructure with rectangle-shaped domains. EDX 
analysis reveals higher Mo contents in the regions with darker contrast in Fig. 2. By means of selected area electron 
diffraction and transmission Kikuchi diffraction the anticipated [001]D0_22/D0_22’ foil normal was confirmed. The bright 
areas were further identified as tetragonal D022 and the dark areas as orthorhombic D022’ in two different orientations 
differing by 90° rotation around [001]D0_22’. The phase boundaries are located approximately on {110}D0_22/D_022 planes. 
Hence, the microstructure consists of long channels of the two phases. 
All attempts to equilibrate the D022’ phase by annealing in the solid state failed. This phase instead decomposes into 
the D022-ε-(Ti,Mo)Al3 and the monoclinic Al8Mo3 phase (also a fcc superstructure; see above).  
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Theoretical analysis of the reported crystal structure data of the monoclinic Al8Mo3 equilibrium phase and of the 
orthorhombic crystal structure of the Mo-rich D022’ encountered in the as-solidified alloys reveals some common 
features, if one considers the eigenvectors and –values of the Aizu strain tensor [6] describing internal distortion of the 
fcc structure due to superstructure formation. In fact, it turns out that the monoclinic Al8Mo3 superstructure shows a 
similar “orthorhombic” metrical distortion as found for the Mo-rich D022’ phase. On that basis it is suggested that the 
currently reported D022 + D022’ microstructure is the product of some demixing of initially formed (upon solidification) 
D022-like solid into Mo-rich and Mo-poor regions, with the Mo-rich regions showing already some structural properties 
of the stable Al–Mo phases (in particular Al8Mo3). The specifically observed microstructure shows some similarities of 
checker-board microstructures reported for demixed microstructures consisting of (cubic) L12 and tetragonal L10 (the 
latter in two orientations) as occurring in the Co–Pt system (Co3Pt + CoPt; [7]) which form due to optimization of misfit 
strains between the two phases. 
 

  

Fig. 1: Series of fcc superstructures occurring in of group-
iii-v transition metal (TM) trialuminides TMAl3. 

Fig. 2: Scanning TEM image of Mo-poor D022 + Mo-rich 
D022’ microstructure with the electron beam along 
[001]D0_22/D0_22’. The phase interfaces are oriented along 
{110}D0_22/D_022. 
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Introduction 
Titanium aluminides have become widely popular for aerospace and automotive applications due to their light weight, 
favorable mechanical properties and excellent oxidation resistance. To tune the alloy properties to fulfill industrial 
requirements, many alloying elements are used. In this sense, Mo and Nb are prominent elements as they stabilize the 
bcc-based phase which allows for hot temperature workability. Recently, a model Ti-Al-Mo alloy has been reported to 
exhibit martensitic transformation upon rapid cooling [1,2]. 

Materials and Methods 
We employ Density Functional Theory (DFT) as implemented in Vienna Ab initio Simulation Package to perform our first 
principles calculations. Electron-electron interactions are described on the level of the generalized gradient 
approximation. The impact of Mo and chemical disorder was studied using a supercell approach and complemented 
with Green’s functions based DFT calculations, using the coherent potential approximation implemented in the Exact 
Muffin-Tin Orbitals (EMTO) code. The transformation path connecting the bcc-like and hcp-like states shown in Fig. 1 
was adapted from that in Ref. [3]. 
The base structure of interest is bcc-based disordered β-TiAl and its ordered variant βo-TiAl (B2 structure). Based on the 
experimentally reported martensitic hexagonal structure, we have considered also the hcp based α-TiAl structure and 
an ordered hexagonal variant B19-TiAl. Finally, we have included the γ-TiAl (layered, tetragonally distorted fcc 
structure). 

Results and Discussion 
The βo-TiAl structure was shown to be mechanically as well as dynamically unstable [4]. The tetragonal transformation 
path (so called Bain’s path) connects the βo-TiAl with the most stable γ-TiAl structure with no barrier (Fig. 2). This 
suggests a thermodynamic driving force of about 0.140 eV/at. for a spontaneous transformation between βo and γ-TiAl. 
Similarly, the transformation from βo to B19 can also proceed without any barrier (Fig. 1), however, experiencing a 
smaller driving force of approx. 0.095eV/at. [5].  
The disordered β-TiAl is still unstable, however, the phonon density of states corresponding to imaginary frequencies is 
significantly reduced as compared with the ordered variant. This may be interpreted as a stabilizing effect of structural 
disorder. Also the related energy difference between  β and α is significantly reduced signifying stabilizing by disorder. 
Another transformation path connecting all cubic structures, namely trigonal distortion of a bcc structure along its body 
diagonal leading to simple cubic and later to fcc structures, was also tested for the βo to γ. Not only this path exhibits 
large maxima of over 6 eV/at., but even more importantly, the final structure has different symmetry than the γ-TiAl, 
caused by the ordering of the binary phase, and therefore can be ruled out from further analysis [6]. 
Finally, we have also studied the impact of Mo alloying. Fig. 2 shows how replacing Al with Mo (hence leading to Ti-rich 
compositions) leads to relative stabilization of the βo with respect to the γ structure (Fig. 2). 
In this contribution, we will present details of these transformation paths, interplay between Mo alloying and structural 
disorder and a detailed comparison with available experimental data. 
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Fig. 1: Energy landscape for transformation of the ordered 
B2-TiAl structure to the hexagonal B19-TiAl. 

Fig. 2: Impact of alloying Mo on the transformation 
energetics between the ordered B2-TiAl(Mo) and the L10 
γ-TiAl(Mo) structures. 
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Introduction 
The Al–Cu–Zn ternary system has been investigated intensively in the past because of its technical importance for 
developing of light-weight alloys. However, several areas of the phase diagram are not well understood and discussed 
controversially. Our work is focused on several doubtful regions of the phase diagram which have not yet been 
satisfactorily resolved in the scientific literature and on the divergent results from the experimental and theoretical 
publications [e.g. 1, 2]. Major topics were the extensions of the γ1- and γ2- solid solution phases (with primitive and 
base-centered brass structures) , the crystal structure and homogeneity ranges of the reported τ and τ' phase fields and 
the phase boundary of the liquid phase at different temperatures. 

Materials and Methods 
Samples were prepared from the pure metals by melting them in closed and evacuated silica ampoules with alumina 
crucibles inside to avoid direct contact with the silica. The annealing times were varied between one day and eight 
weeks depending on composition and equilibration temperature. The characterization was done by combining dynamic 
and isothermal standard methods for experimental phase diagram investigation. Phase identification was done by 
powder X-ray diffraction and crystallographic parameters (including site occupation factors) of specific phases of 
interest were determined by Rietveld refinements. Single crystal X-ray diffraction was used for structure determination 
of the τ' phase. Microstructures and phase compositions of long-term annealed samples were determined by scanning 
electron microscopy in combination with energy dispersive X-ray spectroscopy (SEM-EDX). The temperatures of phase 
transitions in selected samples were measured by differential thermal analysis (DTA) in evacuated and carbonized quartz 
glass ampoules. All results are combined with existing literature data to improve the existing thermodynamic model for 
the Al-Cu-Zn system using a CALPHAD-type thermodynamic assessment. 

Results and Discussion 
The isothermal sections at 400, 550, 700 and 820°C of the ternary system were studied in detail including the 
investigation of various samples annealed in the semi-liquid state. The exact mutual solubility between the two γ-brass 
phases in Al-Cu and Cu-Zn was studied as a function of temperature. As both phases have almost the same diffraction 
pattern (apart from some very small extra lines in the primitive structure), the determination of the two-phase fields 
was challenging. However, the corresponding small two-phase field was found at 400°C as well as at 550°C, in principal 
agreement with the prediction by Liang [2], but much smaller than modelled there (compare Figure 1).  
The temperature and composition range of the τ and τ' ternary phases was studied in detail. It turned out that the 
corresponding composition range is crystallographically complex showing composition areas with cubic CsCl-type 
structure (τ) and a related rhombohedral structure type (τ') and an intermediate composition range with apparently 
incommensurate modulation. For the two commensurate composition range a constituent defect mechanism was 
developed based on Rietveld refinement results. The thermodynamic model for the τ/τ’ phase range is selected 
according to those refinement results. 
Combining the results from SEM-EDX and XRD, the complete description of four isothermal sections of the Al-Cu-Zn 
phase diagram was proposed.  
The ternary phase diagram Al-Cu-Zn is reassessed by the CALPHAD approach. The assessment is based on published 
experimental data [2] and on our new experimental results. The liquid phase is remodeled for better agreement with 
the experimental results. We use a four-sublattice model for γ_AlCu and γ_CuZn phases and nonstoichiometric models 
for τ and τ' ternary phases which corresponds better to their structure.  
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Fig. 1: a) Calculated section at 550°C according to Liang et at. [2] in comparison to b) experimental results and interpretation 
in the current work 
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Introduction 
For solid state phase transformations there are two limiting cases, particularly diffusion controlled and interface 
controlled transformations (for which the martensitic transformations are the most prominent case). For diffusion 
controlled phase transformations, only a slight deviation from the local equilibrium at the interface is necessary to drive 
the interface, but local equilibrium can safely be assumed. The consequence is solute partitioning at the interface and 
transformation rates that are determined by the volume diffusion in the adjacent phases. The diffusionless martensitic 
transformations proceed with ultrasonic speed. Somewhere in between the two limiting cases is the massive 
transformation: similarly as the martensitic transformation it is concentration invariant, but diffusion nearby the 
migrating interface is frequently postulated [1,2]. There are numerous alloy systems in which massive transformation 
occurs, and for each system the transformation rate is different [3]. Massive transformation is limited to a small range 
of initial compositions and undercoolings. The aim of this work is the investigation of the effect of alloying Al to binary 
Cu-Zn alloys on the occurrence and the kinetics of massive transformation. 

Materials and Methods 
For massive transformation both cooling rate and composition need to be in a relatively narrow range. Theoretically, 
calculated phase equilibria can be used to identify a concentration range that is common to the two phases involved in 
the transformation; practically, the precision of the thermodynamic description is generally insufficient if tenths of a 
percent are relevant. In this work, samples with suitable concentration profiles, particularly diffusion couples and 
diffusion multiples, are employed in order to identify favorable conditions in the quenching experiments. For more 
details on e.g. the experimental set-up (in-house made diffusion capsule) or the microstructure of the sample prior to 
quenching see Ref. [4]. From the diffusion couples and multiples, plate shaped samples were cut, heated to the single 
phase region and subsequently quenched in ice brine. An alternative experimental method is rapid heating using a new 
in-house developed pulse heating device. The cooling or heating curves were recorded using thermocouples or an 
infrared camera. The microstructures are analyzed using light and electron microscopy, the solute concentration profiles 
are measured using EDX analysis. 

Results and Discussion 
Microstructures after quenching in iced brine are shown in Fig.1, they consist of two phases (α and β). The Zn 
concentration in the samples increases from left to right. The sample in Fig.1a is free of Al, the sample in Fig.1b has a 
uniform Al concentration of 0.5wt.%. In both samples, the α-Phase has two different morphologies. At lower Zn 
concentrations, there are large α−grains that coarsened during diffusion welding. Between the coarse-grained α und 
the β phase,  α phase with blocky morphology has formed during quenching, typical for massive transformation. 
Comparing the extension of the massively transformed “αm” in Fig.1a and b, it is clearly visible that the αm volume 
decreases with the addition of Al. In the frame of the work documented in detail in Ref. [4], it is shown that a further 
increase of the Al concentration leads to a further decrease of the massively transformed zone. Combining recorded 
quenching rates and calculated phase equilibria, it was shown that the rate of massive transformation decreases with 
increasing Al concentration as well. 
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(a) (b) 
Fig. 1: Massively transformed zones „αm“ in binary Cu-Zn (a) and Cu-Zn-Al with 0.5wt.%Al (b) 

 
For discussing the influence of Al on the kinetics of massive transformation, the complexity in multicomponent systems 
(see e.g. ref. [5]) and interface thermodynamics [6] need to be considered. In binary systems there is a well-defined tie-
line for a given temperature, whereas in multicomponent systems the relevant tie-line that is selected by the migrating 
interface is the one that leads to consistency of interface velocity and solute fluxes in both phases in the vicinity of the 
interface. The adjustment of the tie-line will lead to different concentration gradients of the solute elements in front of 
the interface and thus influence the interface velocity. This may be responsible for the different widths of the massively 
transformed zones in Fig. 1. Another possible reason is that the addition of Al reduces the part of the total driving force 
that drives the interface migration. If the total driving force is available to drive the interface (parallel tangent 
construction to the Gibbs free energy curves), the migrating interface reaches its highest possible velocity. In the present 
case, this may not be the case, even though the Al concentrations are so low that the phase equilibria do not differ 
significantly. However, during massive transformation there is energy dissipation inside the interface due to ”trans-
interface diffusion”, i.e. the adjustment of chemical potentials of the species that consumes a part of the total driving 
force. The addition of Al increases the energy dissipation due to trans-interface diffusion, and only a part is available for 
driving the interface migration which causes the interface to slow down. 
 
In summary, an efficient method to determine suitable concentrations for massive transformation in multicomponent 
system is presented. The influence of the addition of Al on the transformation rate in Cu-Zn alloys is quantified. A 
decrease in the transformation rate upon alloying with Al is discussed considering the increased complexity of 
multicomponent systems and interface thermodynamics. 
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Introduction 
Titanium Aluminides (TiAl) with excellent strength-to-weight ratio are expected to be a potential candidate for low 
pressure turbine of aircraft jet engine. Recently, TiAl low pressure turbine blades fabricated by casting and hot forging 
were installed in GEnx and PW1100G-JIM engines, respectively [1]. However, TiAl is so active that contamination from 
crucible and oxidation can be of significant concern. More recently, additive manufacturing has attracted much 
attention since the process can easily build 3D objects with arbitrary shape [2]. In particular, electron beam melting 
(EBM) is favorable for the fabrication of TiAl turbine blade since it’s mold-free and done in vacuum. It is interesting to 
note that the EBM process can control not only the macroscopic shape but also the microstructure of TiAl alloys, which 
is closely related to the temperature distribution during the process. Moreover, the microstructure formed under an 
optimum condition is suitable for room temperature ductility of TiAl alloys [3-5]. In this paper, we report our recent 
understanding of the microstructure and mechanical properties of TiAl alloys fabricated by EBM process. 

Materials and Methods 
Ti-48Al-2Cr-2Nb (at.%, 48-2-2) raw powder of which average diameter is approximately 100 µm was prepared by Ar gas 
atomization process. Cylindrical rods (10 mmφ x 90 mm) of 48-2-2 alloys were fabricated by EBM machine (Arcam A2X) 
operated at 60 kV. The angle (θ) between the building and cylinder directions was set to 0°, 45° and 90°. The detail of 
the fabrication process is well described in our previous papers [3-5]. Microstructure of the alloys was observed using 
an optical microscope (OM) and a scanning electron microscope (SEM). Tensile tests were performed at ambient and 
high temperatures at a strain rate of 1.7x10-4 s-1. Fatigue tests were conducted at room temperature and 750°C with a 
frequency of 10 Hz. A minimum creep rate of as-built samples was measured at 760°C and at 105 MPa. 

Results and Discussion 
Microstructure of 48-2-2 alloys built by EBM depends strongly on the process parameters such as beam current, 
scanning speed, scanning pitch, and so on. At high energy input, fine lamellar structure composed of Ti3Al (α2) and TiAl 
(γ) phases is formed. On the other hand, near-γ structure is observed at low energy input. This is because temperature 
distribution around melt pool reflects the energy density of the EBM process. It is also interesting to note that at an 
optimum fabrication condition, a layered structure consisting of the duplex-like structure and the equiaxed γ grains, 
which is perpendicular to the building direction, can be seen in as-built samples (Fig. 1). The chain of the γ grains is terms 
as “γ band”. It is well known that the microstructure of Ti-rich TiAl alloys changes with decreasing annealing temperature 
in the following order: full lamellar, near-lamellar, duplex and near-γ structure [1]. Temperature distribution around 
melt pool and cyclic feed/fusion of the powder layers during the EBM process cause the formation of the layered 
structure [3]. 
Mechanical properties of TiAl fabricated by the EBM process are dependent on the layered structure. At θ = 45°, shear 
deformation occurs parallel to the γ band, which leads to the improvement of room temperature ductility [3]. For 
instance, a tensile elongation at room temperature exceeds 2.5% at an appropriate condition, even without hot isostatic 
pressing (HIP). Moreover, the width of the γ bands and the size of the γ grains also influence the ductility at room 
temperature. At room temperature, fatigue strength at θ = 0° is lower than that of the cast alloys with HIP process. In 
contrast, the specimens built at θ = 45° exhibit superior fatigue properties at room temperature even in as-built state. 
Anisotropy in the tensile elongation and the fatigue properties of as-built samples becomes insignificant with increasing 
temperature. HIP process can eliminate pores formed during the EBM process and is effective in the improvement of 



ORAL ABSTRACTS • SESSION • TITANIUM ALUMINIDES III 

103 
 

fatigue properties, especially at high temperatures. With respect to creep properties, a minimum creep rate at 760°C is 
comparable to that of cast alloys and is independent of θ. 
The microstructure of 48-2-2 alloys, developed in large samples (e.g. turbine blade), is sometimes inhomogeneous 
depending on the temperature distribution during the EBM process. Thus, in order to get the homogenous 
microstructure by the EBM process, the process parameters should be changed for each location. It is also noted that 
48-2-2 turbine blades built at θ = 45° demonstrate large tensile elongation (>2%) at room temperature. 
 

  

Fig. 1: Layered structure formed during the EBM. Fig. 2: Dependence of mechanical properties on θ. 
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Introduction 
Advances in Additive Manufacturing (AM) of TiAl components by powder bed fusion technologies or blown powder 
technologies based on EBM (Electron Beam Melting), SLM (Selective Laser Melting) and LMD (Laser Metal Deposition) 
has led to an increase in demand of spherical TiAl powders. Among the applicable atomization technologies, the EIGA 
processing (Electrode Induction Gas Atomization) provides a reasonable set of melting and atomizing parameters for 
adjusting the resulting particle size distributions to the different AM technology needs.   

Materials and Methods 
TiAl based ingots are being produced via single step VAR processing (Vaccum Arc Remelting) from Ti sponge, Al and 
masteralloys. The ingots are remelted and effectively homogenized in a VAR Skull Melter followed by centrifugal casting 
in permanent moulds [1] to cylindrical EIGA electrodes (see Figure 1). The diameter of such electrodes is typically in the 
range between 50 mm and 80 mm, mainly depending on TiAl alloy composition and resulting processing capabilities for 
both electrode manufacturing and gas atomization. The EIGA processing principle is shown in Figure 2. The crucible free 
melting procedure saves energy and prevents very effectively the pick-up of metallic or ceramic impurities. 
 

Fig. 1: Centrifugally cast EIGA electrodes for gas atomization   Fig. 2: Sketch of EIGA process 
 
Melting, gas atomization, screening via vibrating tumbling sieving and packing into sealed plastic cans is done under 
controlled Argon atmosphere in order to minimize the pick-up of gaseous impurities, particularly of oxygen and 
nitrogen.  

Results and Discussion 
Chemical analysis is based on XRF (alloying elements), ICP (metallic impurities) and LECO combustion (gases). The 
conversion process of the as-cast EIGA electrodes to powder does not have any influence on the chemical composition. 
An effective and approved recycling technology based on ISM (Induction Skull Melting) allows to convert electrode 
remains and oversized powder fractions into new EIGA consumable electrodes. This will lead to remarkable cost savings 
in case of large-scale industrial powder production. 
Physical powder properties such as sphericity, Ar porosity, particle size distribution, apparent density and flowability 
depend on gas atomization parameters namely the nozzle diameter, the Ar flow rate, the TiAl melt rate and the 
corresponding shape of the induction coil. Within a given frame it is possible to adjust the atomizing parameters to 
different requirements on the particle size distribution in order to optimize specific powder yields to subsequent 
processing via MIM, SLM, LMD or EBM. Figure 3 shows the typical shapes of EBM and SLM TiAl powder received by EIGA 
processing. 
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Fig. 3: SEM micrographs of EIGA TiAl powders exhibiting typical particle size distributions for EBM (right) and SLM (left) 

Next steps 
The fast-growing demand for spherical TiAl powders requires further efforts for technology improvements. One of the 
key steps to increase the productivity is to enlarge the electrode diameters without decreasing specific powder yields. 
Target is to balance the pouring capability of EIGA electrode production with the melting capability in the EIGA furnace.  
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Introduction 
γ-TiAl-based alloys are considered for high-temperature applications due to low density (3.9 - 4.2 g/cm3), high specific 
yield strength, good oxidation resistance, and good creep properties up to high temperatures [1–4]. The major 
application of γ-TiAl is in jet engines, where weight savings and their resistance to titanium fire are key advantages [2]. 
Several manufacturing techniques for turbine blades from TiAl are available: casting, forging, PM (powder metallurgy), 
and SEBM (selective electron beam melting) [2]. One drawback of additive manufacturing is selective evaporation 
especially of Aluminum. Compared to raw material (powder), additively manufactured components show locally (layer 
wise) reduced Aluminum content which results in inhomogeneous microstructures and properties [5]. A new production 
route (combination of SEBM and HIP) is investigated to overcome this disadvantage. A near net-shaped, closed capsule 
is manufactured via SEBM. The capsule contains sintered powder which is fully consolidated via hot isostatic pressing. 
No selective evaporation takes place for the inner capsule, ensuring a homogeneous microstructure after removing the 
capsule. Experiences of producing parts from gas atomized (VIGA)TNM by SEBM and hot isostatic pressing (HIP) will be 
discussed. Further microstructure and mechanical properties of TNM samples, produced via near net shape route, are 
presented and compared to conventional manufacturing techniques. 

Materials and Methods 
In this study gas atomized TNM alloy with a nominal composition of Ti-43.5Al-4.0Nb-1.0Mo-0.1B (at. %) and a particle 
fraction of 45 µm – 125 µm was used. Near net shaped capsules were produced on an A2X SEBM machine from Arcam 
EBM, a GE Additive Company. The additive manufactured capsule (wall thickness < 2 mm; density > 99.9 %) is necessary 
for the HIP cycle and can be removed mechanically at the end of the HIP process. Densification of raw material (sintered 
powder with pack density 50 %) is provided by HIP cycle (100 MPa; 1225 °C; 3 h). Pressure is applied at temperatures 
above 800 °C (> brittle–ductile transition temperature). Microstructure (light microscope) and mechanical properties 
(tensile test) of TNM samples are analyzed and an evaluation of the feasibility (current limitations) of the new near net 
shape capsule production route is carried out.  

Results and Discussion 
It is possible to produce parts with different levels of complexity via near net shape route. However, the investigations 
reveal a circular network structure for the inner capsule after HIP. On the surface of powder particles, a shell of nearly 
lamellar (NL) microstructure (containing large lamellar colonies and only small amounts of globular γ- and βo-phases) is 
visible. The inner particle areas show a triplex microstructure (lamellar colonies, globular γ-grains and β-phase with a 
B2-structure (βo)). Tensile tests display a reduced ductility for the near net shape route (SEBM+HIP) compared to 
conventional techniques. With microstructural inhomogeneity (circular lamellar network structure) the ductility is 
decreased. The reason for this phenomenon is the interaction of powder particles with atmospheric oxygen. If the 
powder is not handled consistently under inert conditions, oxygen is increasingly applied to the powder surface (poor 
oxidation resistance) and the formation of large lamellar colonies is provoked. Smarsly et al. [6] assumes beside the 
lamellar colonies micropores along the shell structure which can reduce the ductility. 
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Fig. 1: CT image of an additively 
manufactured (as built) TNM 
capsule with a wall thickness of 
1.5 mm.  

Fig. 2: Light microscopy image of TNM microstructure after HIP and SEM images 
of powder particles: raw material (left) and heat treated material (right). 
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Introduction 
Intermetallic γ-TiAl based alloys offer outstanding creep properties, high specific yield strengths and sufficient oxidation 
resistance at an application temperature range from 600-800 °C and are, owing to these properties, a weight-saving 
candidate for the substitution of heavy Ni-based superalloys in the aeronautic and automotive sector [1].  The 4th 
generation process-adapted TNM alloy with a nominal composition of Ti-43.5Al-4Nb-1Mo-0.1B [at.%] is an example for 
outcomes of long-term research and development that matured into application as a structural material for low 
pressure turbine blades leading to increased engine efficiencies as well as lower CO2, NOx and noise emissions [2]. 
Electron Beam Melting (EBM), an innovative additive manufacturing technology, allows the production of components 
with complex geometry, integrated functions as well as decreased lead times and additional weight saving potentials 
due to topology optimizations [3]. Due to its high processing temperatures EBM is a promising candidate to manufacture 
titanium aluminide alloys, but suffers from the evaporation of high vapor-pressure elements like Al and the formation 
of banded microstructures, which may affect the mechanical properties negatively [4,5]. The properties and 
characteristics of TNM alloys manufactured by EBM are still mostly unknown and were, therefore, addressed in the 
scope of this work to correlate respective microstructures and material characteristics to the nature of the EBM process. 

Materials and Methods 
Against this background a 4th generation titanium aluminide alloy with the composition of Ti-42.1Al-4.1Nb-1.0Mo-0.1B 
(in at. %) was manufactured by EBM using an Arcam A2X machine. Microstructures were examined by visible light as 
well as scanning electron microscopy. Electron probe micro analysis was employed to gain insights on the present 
processing-related chemical distributions along the building direction. To study the phase distributions as well as 
existing orientation relationships electron backscattering diffraction was utilized. Furthermore, X-ray diffraction was 
applied to establish the phase fractions.  

Results and Discussion 
The electron beam melted TNM alloy revealed a three-phase microstructure of γ-TiAl, α2-Ti3Al and βo-TiAl, which 
corresponds to the phase equilibrium at the preheating temperature of the EBM process of around 1050 °C (Fig. 1, 
building direction is upwards). Manufacturing via EBM leads to a processing related loss of Al of around 1.5 at. % due to 
evaporation. Utilizing electron probe micro analysis made it apparent that Al and the present phases are not 
homogeneously but rather layer-wise distributed leading to a higher share of γ-phase in Al-rich sections and α2-Ti3Al 
taking up a higher phase fraction in Al-depleted zones. The application of electron backscattering diffraction showed 
that the solidification during EBM of the TNM alloy took place via the β-phase preferably along the [100] direction. The 
columnar primary β-grain structure is still visible in the orientation maps across several built layers. In addition, a grain 
selection process is forming a characteristic (001)β fibre texture in building direction. The electron beam melted TNM 
alloy suffers from processing related Al-evaporation leading to inhomogeneous distributions of its respective 
equilibrium phases and volume fractions, which can be correlated to the thermodynamic equilibrium at the preheating 
temperature of the EBM process. The texture and the solidification and phase transformation pathway exhibiting 
Burgers and Blackburn orientation relationships between the γ-, α2- and βo-phase is still present and recallable for the 
electron beam melted TNM alloy. Therefore, TNM alloys manufactured by EBM combine the characteristics of additively 
manufactured titanium alloys in terms of pronounced fibre textures with the features of additively manufactured 
titanium aluminides and their processing related loss of Al and its inhomogeneous distribution. 
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Fig. 1: Back-scattered electrons image of the microstructure of the TNM 
alloy manufactured via EBM revealing a three-phased microstructure of 
γ, α2 and βo phase.  
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Introduction 
During the last decade, the Powder Metallurgy (PM) route has become more widely used to manufacture γ-TiAl 
components for structural applications at high temperatures owing to the emergence of new processes as Spark Plasma 
Sintering (SPS) and Additive Manufacturing (AM). In parallel, refractory elements, such as W, Nb, Mo and Ta, have been 
proved to increase high temperature strength and oxidation resistance of these intermetallic alloys [1]. However, the 
low diffusivity and high melting point of these elements make the pre-alloyed powder processing more difficult. In this 
context, the present institutes and companies have joined their efforts to provide some detailed information about the 
successive steps of this powder production route in the case of the W-containing IRIS-TiAl alloy [2]. The final goal of this 
project is to provide and secure a PM route in order to produce γ-TiAl alloys containing refractory elements suitable for 
industrial processing. 

Materials and Methods 
The material was produced in three steps as described thereafter. First, from WAl4 master alloys, AlB master alloys, 
titanium sponges and aluminum, medium size ingots were elaborated by induction skull melting at GfE company [3]. 
Second, these ingots were atomized using the EIGA process (Electrode Induction Melting Gas Atomisation) at Helmholtz-
Zentrum Geesthacht [4]. Finally, the collected and sieved powders were densified using SPS by CEMES at the PNF2 of 
Toulouse (Plateforme Nationale de Frittage Flash/CNRS of Toulouse, France) [5].  
Two chemical compositions given in Table 1 were investigated (called GfE 1 and GfE 2 in the following). Materials were 
studied after each successive step: ingots, powders and SPS billets. 
 

 Ti Al W B Nb Si C  O 
GfE 1 48.80 49.07 1.79 0.08 0 0.14 0.03  730 
GfE 2 48.46 48.50 1.79 0.07 0.73 0.27 0.11  1200 

Tab. 1: Chemical composition of the GfE 1 and GfE 2 ingots given in at. % for the elements and in ppm for oxygen. 
 
Chemical compositions have been measured by Inductively Coupled Plasma Spectroscopy (ICP), while the 
microstructures were investigated by using Light and Scanning Electron Microscopies (SEM) and Energy-dispersive X-
ray spectroscopy (EDS) in the SEM. Mechanical properties were assessed by tensile tests which were performed at room 
temperature and at 800°C. 

Results and Discussion 
The macrostructure of ingots, microstructure of EIGA powders and billets are summarized in Fig. 1. The ingot exhibits a 
columnar solidification macrostructure with the formation of a central equiaxed area, which laterally extends from the 
middle to the top of the bar. ICP measurements have shown an excellent chemical homogeneity along the longitudinal 
axis of the bar. SEM micrographs in back scattered electron mode of the powder particles and SPS billets reveal bright 
zones and it is tempting to associate those to chemical heterogeneities in terms of tungsten distribution. However, local 
measurements have demonstrated that the W content in these bright-contrast areas is approximately 1 at.% higher 
than the average composition. More generally, local chemical analyses have been performed by EDS-SEM to follow the 
various phase transformations of the material during the whole processing route, as well as to identify the potential 
species segregations. Tensile tests have shown a limited influence of such heterogeneities on the mechanical properties 
of the alloy at room and high temperatures. 
To elucidate the impact of atomization process on this phenomenon, one particular batch of powder obtained by PIGA 
atomisation (Plasma Inert-Gas Atomisation) and the resulting SPS material, for which the pre-alloyed material was fully 
re-melted using a plasma torch before atomisation, will be also presented and analysed in comparison to the EIGA 
products.  
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In the discussion section, a description of the various steps of the PM processing route from atomization to densification 
and an interpretation of the origin of these chemical heterogeneities will be presented and discussed.  
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Fig. 1 : Macrostructure of the ingot GfE2 (a) and microstructure of powder particles GfE1 (b) and SPS billets GfE1 (c). 
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Introduction 
The present work aims at the determination and detailed analysis of the impact of the tendency for ‘triple-defect 
disordering’ (TDD) on self-diffusion of the components in B2-ordering A-B binaries.  The simulation study addresses 
vacancy-mediated atomic migration processes in a B2 superstructure of a TDD system loosely resembling Ni-Al and 
provides a deep understanding of the diffusion phenomenon which is crucial for any effective development of material 
technologies. Particular reference to Ni-Al – e.g. by adapting in the model specific relationships between the atomic-
jump migration energies yielded by ab-initio calculations concerning this system, follows from the fact that the related 
experimental results, to which the simulation findings might be compared, concern almost exclusively Ni-Al.  

Methods 
Determination of the equilibrium configurations of the A-B binaries was based on the Schapink model [1] where a lattice 
gas A-B-V treated as a regular ternary system decomposes into two phases: one with the vacancy concentration 끫歬끫殒 ≪ 1 
and another (unrealistic) one with 끫歬끫殒 ≈ 1. The lattice-gas phase with 끫歬끫殒 ≪ 1 being in equilibrium with the one with 끫歬끫殒 ≈ 1  is identified with the binary A-B crystal with an equilibrium atomic configuration and equilibrium vacancy 
concentration. The phase equilibria in the lattice gas were examined using a standard algorithm of Semi Grand Canonical 
Monte Carlo (SGCMC) simulations. 
Vacancy-mediated self-diffusion of A- and B-atoms was simulated by means of the standard Residence-Time KMC 
algorithm in samples whose atomic and vacancy configurations were formerly equilibrated by SGCMC runs. The self-
diffusion coefficients 끫歮끫殖 for X-atoms (X = A, B) were evaluated from the standard Einstein-Smoluchowski relationship 
using the monitored mean-square-distance (MSD) travelled by X-atoms (X = A, B) within the MC-time t. 
The evaluated diffusivities were analysed in terms of the dynamics of atomic jumps to vacancies parameterized by 
independently evaluated average atomic-jump frequencies 끫毈끫欎→끫欐(끫殖)  defined as average numbers of jumps performed by 
one X-atom from μ-sublattice sites to vacancies residing on ν-sublattice sites within a unit KMC-time and by also 
independently evaluated tracer correlation factors [2]. The average atomic-jump frequencies were expressed in terms 
of the atom-vacancy pair correlations 끫歬끫殖끫殒(끫欎끫欐) (parameters of the equilibrium configuration) and the associated migration 
energies (parameters of atomic-jump kinetics).  
The system was modelled with Ising-type nn and nnn pair interactions between atoms and vacancies  and with 
migration-barrier parameters controlling the heights of the migration barriers encountered by the jumping atoms. The 
migration barriers were effectively dependent of local atomic configurations. 

Results and Discussion 
Perfect correspondence between the isothermal composition dependences of the evaluated tracer diffusivities 끫歮끫殖 , 
average atomic-jump frequencies 끫毈끫欎→끫欐(끫殖)  and atom-vacancy pair correlations 끫歬끫殖끫殒(끫欎끫欐) (Fig.1) enabled complete elucidation 
of the observed macroscopic features of the A- and B-atom diffusivities in terms of the dynamics of elementary atomic 
jumps. 
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Fig.1. Isothermal concentration dependences of (a) tracer diffusivities 끫歮끫殖; (b) average atomic-jump frequencies 끫毈끫欎→끫欐(끫殖)  
and (c) atom-vacancy pair correlations 끫歬끫殖끫殒(끫欎끫欐) evaluated for ASB1-S binaries. 
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MC simulation of vacancy-mediated tracer diffusion of the components of a B2-ordering binary systems ASB1-S showing 
a tendency for TDD and loosely resembling the Ni-Al revealed that [3]: 
 

• High B(Al)-atom diffusivity in B(Al)-rich binaries is due to enhanced B(Al)-antisite migration via jumps to nnn α-
vacancies. The diffusivity strongly increases with increasing B(Al)-atom concentration because of the strong 
increase of both α-vacancy and B(Al)-antisite concentrations caused by a gradual decay of the system tendency 
for TDD. 

• The isothermal concentration dependence of the B(Al) atom tracer diffusivity definitely shows a  ‘V’-shape with 
a minimum at the stoichiometric composition (끫殌 = 0.5). The atomistic origins of the shape, as well as of the 
position of the minimum are explained. 

• Although the ‘V’-shape is observed also in the case of the isothermal concentration dependence of the A(Ni) 
atom tracer diffusion, its atomistic origin is different. The minimum is located at 끫殌 < 0.5 – away from the 
stoichiometric composition. This finding might suggest the reason for the discrepancies between the related 
experimental results. 
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Introduction 
The Nickel-base 602CA alloy with an improved corrosion resistance is commercially used in high temperature 
applications. The presence of copious amounts of chromium carbides in this alloy at the grain boundaries and in the 
matrix leads to a complex diffusion behavior [1] at high temperatures which demands a detailed understanding of the 
diffusion mechanisms. At service conditions, the material is often subjected to thermal fatigue, which requires a surface 
microstructure modification in favor of compressive residual stresses in order to enhance the life time.  
In the present work, the diffusion along GB in the 602CA alloy containing a graded microstructure using Ni as a tracer is 
investigated and carefully compared with a coarse grained microstructure. The graded microstructure is achieved for 
the alloy 602CA through two routes namely, ultrasonic nanocrystal surface modification (UNSM) [2] and the novel high 
reduction (per pass) cold rolling (HRCR) [3]. Tracer diffusivity to a depth of 50 µm has been reported to be significantly 
enhanced due to the presence of non-equilibrium GBs in surface mechanical attrition treated (SMAT) copper in 
comparison to diffusivities along HAGBs [4]. Similar modifications of grain boundaries probably are expected in the Ni-
base alloy, too. However, we will document the importance of phase transitions at the grain boundaries which impact 
the GB diffusion transport, too. 

Materials and Methods 
The graded microstructure in the commercial 602CA alloy (Nicrofer® 6025 HT [5]) was generated via the UNSM 
technique and the HRCR process, respectively. A static load of 20N and 50% dynamic load was used in the UNSM process 
[2] and a total reduction of 40% by cross-directional HRCR [3] was performed on the alloy sheets. 10 mm diameter discs 
cut from the treated or coarse grained sheets were used for the radiotracer experiments. Details of the tracer 
experiments can be found in Ref. [4]. The 63Ni radioisotope was used as a tracer in the present investigation. The 
penetration profiles measured after annealing at temperatures in the range of 403-873 K for suitable annealing times 
(t) are plotted in the coordinates of the relative specific activity (which is proportional to the layer concentration, 끫殠̅) 
against the penetration depth (y). The diffusion coefficients, Dgb, and the triple products, P, were obtained according to 
Eqs. 1 & 2 under the conditions of the Harisson’s C- and B-type kinetic regimes [6], respectively. Below, Dv is the volume 
diffusion coefficient. 

 끫歮끫殨끫殨 = − 14끫毂 �끫欪끫欪끫欪끫殠̅끫欪끫毌2 �−1. (1) 

끫殆 = 1.308�끫歮끫毆끫毂 �− 끫欪끫欪끫欪끫殠̅끫欪끫毌65�−53. (2) 

Results and Discussion 
The penetration profiles measured for the coarse-grained alloy in the B-type regime revealed the existence of two 
distinct diffusion branches which are characterized as slow, S, and fast, F, diffusion paths. The profiles are analyzed 
according to Eq. (2) to determine the triple products PS and PF, the results are shown in Fig. 1. The triple products of 
both, the slow and fast diffusion paths exhibit Arrhenius-type temperature dependencies.  
The microstrctural investigation revealed the presence of at least two distinct families of GBs, decorated curved GBs 
and straight GBs. An extended analysis of the penetration profiles and the microstructure allowed to suggest that these 
two families of the internal interfaces  are likely to be the reason for the appearance of the two distinct short-circuit 
diffusion paths. 
The diffusion coefficients Dgb measured in the C-type regime exhibit a rather anomalous trend with marginal 
temperature dependence and strong time dependence of the diffusion coefficients. This behavior in the coarse grained 
alloy is attributed to the GB phase transitions [7] and incomplete elastic strain relaxation by carbide precipitation at the 
GBs. The diffusion coefficients determined under these conditions are not material contants and are effective values 
which depend on the annealing conditions, i.e. temperature and time.  
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The deformation of pure metals leads to the formation of metastable, deformation-modified GBs [4]. Contrary, the 
diffusion coefficients Dgb measured for deformed UNSM 20N50% alloy (Fig. 1) and the triple products in the case of 
HRCR are not enhanced with respect to the values determined for the coarse-grained alloy, Fig. 1. Moreover, in the B-
type kinetics, the diffusion coefficients in materials with a graded microstructure are even smaller than those for the 
coarse-grained reference alloy. This behavior indicates a sophisticated interplay of the GB phase transitions 
(segregation, precipitation) and the deformation-induced modifications of GB structures and phase composition. 
Detailed microscopic studies are required. 
 

 

Fig. 1: The triple products P and the 
diffusion coefficients Dgb, as 
functions of the inverse 
temperature in coarse grained & 
graded microstructures obtained 
through UNSM 20N50%, HRCR 40% 
alloy 602CA. F & S corresponds to 
diffusivities of the fast & slow 
diffusion paths. Inset: HAADF of a 
grain boundary after annealing at 
403 K for 72 hours  
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Introduction 
Intermetallic compounds find use in both structural and functional applications. Often such applications require that an 
intermetallic compound is distributed on a nanostructured scale. Utilizing a discontinuous precipitation transformation 
a synthesis technique has been developed which produces an aligned plate nanostructure of an intermetallic compound 
throughout the whole volume. This microstructure may be useful for structural applications. It may also be useful for 
functional applications particularly through dealloying to produce a large surface area of the intermetallic phase. A great 
advantage of this processing route is that the functionalized material is still attached to the substrate which can then 
be used for structural support. This synthesis technique is applicable to any alloy system in which an intermetallic 
compound can precipitate by a discontinuous precipitation transformation. We will illustrate the technique and present 
some mechanical property results for the Ni-Co-Al system. 

Materials and Methods 
The details of the synthesis of the DP structure and the dealloying process have been described previously [1]. 

Results and Discussion 
The results demonstrate that a discontinuous precipitation (DP) transformation, Fig. 1, can go to completion in certain 
Ni-Co-Al alloys in a range of temperatures typically lower than those used to produce continuous precipitation (CP). At 
intermediate temperatures the DP transformation is only partial since the driving force is reduced by continuous 
precipitation ahead of the advancing grain boundary. The product of the precipitation transformations is a nickel solid 
solution (γ) and an intermetallic phase based on Ni3Al (γ’). A complete DP structure exhibits higher hardness, yield  and 
tensile strength, but lower ductility than a comparable CP structure, Fig. 2 [2]. The lamellar spacing and volume fraction 
of intermetallic phase can be controlled through composition and aging temperature. Since the DP transformation is 
nucleated at grain boundaries the kinetics of the transformation can be greatly accelerated by refining the grain size 
through cold work and recrystallization. 
The lamellar structure produced by DP is typically on the order of 50 to 100 nm spacing. Dealloying the structure, 
removing the γ phase by electrolytic etching, can produce a nanostructure consisting of γ’ plates with voids between 
them of similar size. This structure has a high specific surface area suitable for functional applications such as catalysis 
or heat transfer. At the same time the structure is attached to the substrate since the plates are extensive and the 
structure quite tortuous. Thus the functional surface has a structurally supportive substrate that is produced by a simple 
processing technique. Although we have demonstrated this synthesis technique using Ni-Co-Al alloys, the technique is 
applicable to any alloy system susceptible to complete DP transformation. This would allow for the selection of the type 
of intermetallic phase present at the functionalized surface. 
The main difficulty in applying this technique to other systems lies in the fact that the discontinuous precipitation 
transformation does not have a sound theoretical basis from which one can make predictions. Addressing the problems 
related to DP almost fifty years ago Hornbogen [3] wrote “The most important of these problems is the question: in 

which alloy systems and under which conditions does d.p. occur. In spite of some attempts to find rules, our knowledge 

is predominantly empirical”. Unfortunately this question still remains to be answered resulting in limiting the application 
of the proposed technique to systems in which DP has been empirically observed. The comprehensive research 
performed in this work will provide extensive empirical data that can be used in developing a robust model of the DP 
transformation. 
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Fig. 1: DP transformation after 40 min aging at 650°C. 
The light phase is γ’. 

Fig. 2: Stress-strain curves for DP, CP and solid solution 
microstructures of a Ni-49Co-12Al alloy 
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Introduction 
During the past decades, investigations have been carried out on materials based on the intermetallic phase NiAl due 
to its higher melting temperature and thermal conductivity, lower density and excellent high-temperature oxidation 
resistance as compared to Ni-based superalloys [1]. However, the monolithic intermetallic B2-phase suffers from low 
creep resistance and insufficient strength at elevated temperatures as well as from poor fracture toughness at room 
temperature [2]. These disadvantages can be compensated by alloying NiAl with refractory metals such as Mo, Cr, V and 
Re and applying directional solidification (DS), resulting in the formation of an in-situ composite with NiAl matrix and an 
embedded reinforcing phase [3,4]. Besides the quasi-binary NiAl-34Cr and NiAl-10Mo alloys, NiAl-(34-y)Cr-yMo alloys 
are well investigated where y is the range between 0 and 6 at.% [5-7]. As the eutectic trough connecting the two (almost) 
pseudo-binary eutectics [8] has not been fully investigated regarding microstructural evolution so far, we report on the 
directional solidification of NiAl-xCr-10Mo alloys (0<x<10 at.%) in this contribution. We furthermore focus on in-situ 
investigations of the microstructural evolution during DS, which were carried out at the High Energy Materials Science 
beamline (HEMS), operated by Helmholtz-Zentrum Geesthacht, at the PETRA III storage ring at the Deutsches 
Elektronen-Synchrotron (DESY, Hamburg, Germany). 

Materials and Methods 
The alloys were produced using an arc-melting device under protective argon atmosphere. Ingots were synthesized 
from high purity Ni, Al, Cr and Mo (all exhibit a purity of >99.99 %) and re-melted five times to achieve sufficient 
homogeneity within the samples. The mass loss during arc-melting is less than 0.3 wt.%. Thus, changes in alloy 
composition by evaporation are negligible. For DS, the alloys were drop-cast into a copper mold of cylindrical shape 
with 12.5 mm in diameter and 170 mm in length. The casts were directionally solidified using horizontal float zone 
technique utilizing a single-winding induction coil. The experimental setup was placed at the experimental hutch 3 (EH3) 
of HEMS where X-ray diffraction in transmission mode at a photon energy of 100 keV was used to investigate the melting 
zone in-situ during nucleation and growth at the solidification front. Since these mechanisms may be the precursors for 
crystallographic and morphological texture, the influence of various growth rates, between 18 and 300 mm/h on the 
microstructural evolution was investigated. Diffraction patterns of each alloy composition and set of parameters were 
evaluated in terms of orientation relationship and texture appearance. Post mortem microstructural investigations by 
scanning electron microscopy (SEM) were carried out in order to evaluate the correlation between diffraction based 
results and microstructural morphology and phase alignment. 

Results and Discussion 
For as-cast NiAl-xCr-10Mo alloys, it was observed that the fibrous morphology does not change by adding 1.8 at.% Cr to 
NiAl-10Mo. The volume fraction of the reinforcing phase ((Cr,Mo) solid solution) increases from 12 up to 20 vol.%, which 
might improve strength, toughness and creep resistance. In contrast, the fibrous morphology of NiAl-34Cr transforms 
into a lamellar structure by adding 0.6 at.% Mo [8]. A microstructure containing both fibers and lamellae prevail in the 
alloying range from 1.8 up to 10 at.% Cr whereas even higher amounts of Cr yield in a fully lamellar microstructure. 
Focusing on fibrous morphology, the first alloy to be tested in-situ was the ternary NiAl-10Mo which serves as reference 
alloy. An increase in Cr content up to 1.1 at.% Cr, leads to diffraction patterns that exhibit crystallographic texture for 
all tested withdrawal velocities. Fig. 1 presents a micrograph of the as-cast state of NiAl-0.6Cr-10Mo (Fig. 1a), a 
sequence of diffraction patterns (Fig. 1b) and a micrograph after DS (Fig. 1c). Both phases solidify simultaneously as 
evidenced in the diffraction pattern of the solidification front and the occurrence of a preferred crystallographic 
orientation of the phases is already present in this transition period of solidification. The orientation relationship was 
found to be the same as in NiAl-10Mo, namely <100>NiAl || <100>(Cr,Mo) and {100}NiAl || {100}(Cr,Mo) which are both aligned 
parallel to the GD [9,10]. Detailed analysis indicates shifts in Bragg position perpendicular and parallel to GD. Both are 
suggestive of orientation-depending lattice strain which is caused by the solidification texture as well as the mismatch 
in CET between the two phases. For the investigated samples, the ratio of lattice parameters aII/a⊥ (|| or ⊥ with respect 
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to GD) is > 1 for NiAl and < 1 for (Cr,Mo)ss, respectively. Accordingly, NiAl is dilated and (Cr,Mo)ss is compressed parallel 
to GD and vice versa perpendicular to GD. 
 

 
Fig. 1:  a) Micrograph (SEM-BSE) of as-cast NiAl-0.6Cr-10Mo. Diffraction patterns of: b) as-cast state (upper left; phases 
are indicated), entire liquid phase (upper right), b) solidification front (lower right), b) as-DS at RT (lower left), 
c) Micrograph (SEM-BSE) as-DS. 
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Introduction 
Nickel base superalloys are widely used for critical structural components in gas turbine engines (GTE) such as high 
pressure discs. To improve the fuel efficiency of GTE, it is of great importance to design new Ni-based superalloys to 
withstand higher operating temperatures and loadings [1,2]. Regarding polycrystalline nickel base superalloys, which 
are the most competitive from the viewpoint of the production cost, novel nickel base superalloys are designed towards 
heavier alloying. Particularly, the alloy designing approaches include an increase in the volume fraction of the 
intermetallic γ′ phase precipitates (up to 70%) by increased concentrations of precipitate forming elements [1,2], heavy 
alloying with elements providing effective substitutional solid solution strengthening and a higher γ′ solvus temperature 
[1-3] etc. In the present study, thermomechanical treatment (TMT) including preliminary heat treatment and canned 
forging under subsolvus temperatures was developed for the newly designed polycrystalline superalloy SDZhS-15, 
followed by microstructure characterization and evaluation of mechanical properties. This superalloy has recently been 
developed by PJSC “UEC-Saturn” (Russia) for turbine disc applications, which is intended for operating temperatures up 
to 850°C. The mechanical properties in the forged condition are to be compared with those in the cast and heat treated 
condition. The present paper demonstrates that the superalloy, which might be referred to castable nickel base 
superalloys, can be successfully forged providing enhanced mechanical properties. 

Materials and Methods 
The experimental nickel base superalloy SDZhS-15 has the nominal chemical composition Ni-28(Cr,Co)-12.5(Al,Ti,Nb,Ta)-
9(Mo,W,Re)-0.17(C,La,Y,Ce,B) (in wt. %). The superalloy ingots with a size of Ø100×180 mm were manufactured by 
vacuum induction melting. The as-cast ingot was subjected to long-term homogenization in the temperature range of 
(Тs-120)÷Тs, where Ts is the solvus temperature, followed by solid solution treatment and ageing. This condition 
(condition 1) was used to evaluate the mechanical properties of the cast superalloy. Before hot forging the as-cast 
superalloy was subjected to long-term homogenization and heterogenization annealing in the temperature range of (Тs-
120)÷(Тs+20). The canned forging was fulfilled in a specially designed thick-walled can at subsolvus temperatures under
quasi-isothermal conditions to a total strain of e≈1.4. The forged billet was aged and this condition (condition 2) was
used for preparing of samples for mechanical testing. The tensile and long-term strength tests were carried out using
flat samples with a gage section of 15×3×1.5 mm3. The long-term strength was evaluated at T=650°C during 100 h. All
samples were prepared by electrospark cutting followed by fine grinding of work surfaces. The microstructure
examination was carried out for the cross sections of the forged workpieces using scanning electron microscopy (SEM)
in backscattering electron (BSE) mode.

Results and Discussion 
Figs. 1 and 2 represent the BSE images of the superalloy in conditions 1 and 2. The cast condition (condition 1) was 
characterized by a coarse γ grain size (Fig. 1a). The volume fraction of the γ′ phase (Ni3(Al,Ti,Nb,Ta)) was defined as 
about 68%; the γ′ phase had a size in the range of 0.1-0.25 μm (Fig. 1b). In the microstructure there were white carbide 
particles. The canned forging led to development of continuous dynamic recrystallization and microstructure 
refinement (Fig. 1c) (condition 2). The size of recrystallized γ grains was varied in the range of d=2…60 μm [4]. The 
microstructure of the forged material contained mostly dispersed γ′ precipitates with a size of 0.1-0.3 μm and about 10 
vol.% of relatively coarse γ′ precipitates with a size of 1-3 μm (Fig. 1c,d). Table 1 represents the mechanical properties 
of the superalloy in conditions 1 and 2. One can see that TMT led to significant improvement of the mechanical 
properties. The long-term strength tests carried out for condition 2 at T=650°C and a loading of 1200 MPa revealed that 
the samples were not fractured during 100 h. The excellent mechanical properties in condition 2 can be explained by a 
combined effect of the higher amount of the γ′ phase, the effective substitutional solid solution strengthening due to 
heavy alloying with refractory metals, and the refinement of the coarse as-cast structure owing to canned hot forging. 
The present work demonstrated that heavy alloying of nickel base superalloys with refractory elements including 
rhenium is not contraindicative for wrought processing. The refined microstructure condition obtained after canned 
forging and ageing provided superior mechanical properties as compared with those of known disc nickel base 
superalloys [4].  
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Fig. 1: BSE images of the SDZhS-15 superalloy in conditions 1 (a, b) and 2 (c, d): (b, d) γ′ precipitates are coarser in 
condition 2, (c) a typical recrystallized γ grain and a coarse γ′ precipitate are marked.  

Table 1: Mechanical properties of the superalloy SDZhS-15 in condition 1 / condition 2 
Temperature, °C YS, MPa UTS, MPa δ, % Long-term strength, MPa 
20 
650 
750 
850 

1132 / 1355 
1044 / 1310 
1005 / 1290 
728 / 1065 

1255 / 1802 
1198 / 1558 
1125 / 1462 
733 / 1114 

8.5 / 16 
4.4 / 8.5 
2.1 / 7 
0.9 / 3 

T=650°C: 
>1200 (τ=100 h) – condition 1
>900 (τ=100 h) – condition 2
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The project FAIR (Additive Manufacturing for the Intensification of Reactors) intends to develop a novel class of micro-

reactor/exchanger (MR-E) based on 3D printing manufacture in order to intensify the H2 synthesis process by steam 

methane reforming (SMR). The device building takes advantage of the recent metallurgical progress concerning the 3D 

printing manufacture for creating innovative reactor-exchanger more robust and capable to withstand higher 

temperature and pressure during application. The success of this project will participate to the extension of the “H2 

mobility” in France. 

The Ni-based superalloy was selected as substrate because it present satisfying high temperature mechanical and 

chemical properties when classically synthesized by melting followed by conventional heat treatments (dissolution 

during 1h at 1070°C – precipitation of γ’ during 8h at 720°C - precipitation of γ’’ during 8h at 620°C). The as-obtained 

substrate has the following composition Ni22Cr9Mo4Nb5Fe (values are wt. %) and a homogeneous γ/γ’γ’’δ equiaxed 

microstructure [1]. In oxidizing atmosphere, typically 1000°C in air, this alloy has a satisfying behavior due the formation 

of a superficial protective chromia scale, but in highly carburizing atmosphere this alloy can suffer from fast degradation 

named Metal Dusting, so it should be protected by an aluminum reach overlay. The present study allowed characterizing 

the physico-chemical properties of 3D printed alloys compared to conventional melted alloys (CM). Notably, this study 

was particularly focused on the evolution of the microstructure of 3D samples during heat treatments and its impact on 

the chemical reactivity of the alloy during the aluminization and oxidation processes. 

�D���������]���o�������v�����D�����Z�}������

The alloys were fabricated by Polyshape [2] via the Selective Laser Melting route (SLM). An Inconel 625 powder obtained 

by gas atomization and having an average diameter of 10 μm was used. Argon was introduced as oxidation shielding 
gas as well as gaseous powder carrier (P=1bar). Cooling rates as high as 107 K/second were reached. Plates with 

dimensions of 10mm x 8mm x 1mm were realized.  

In order to evaluate the effect of microstructure on high temperature oxidation, the as-deposited SLM samples were 

annealed under inert atmosphere at 1075 °C during 1, 2 and 3h. 

The microstructure of the alloys was characterized by microscopy (optical and SEM, TEM) and the crystallographic 

structure and texture were determined by EBSD. 

Oxidation behavior was evaluated under isothermal conditions using standard tests conducted at 1050 ° C for 50 h in a 

SETARAM TAG1750 symmetric thermobalance. The corrosion products were then analyzed by XRD and microscopy. 

�Z�����µ�o���������v�������]�����µ�����]�}�v��

Synthesis of 3D printed Inconel 625 via the innovative Selective Laser Melting route (SLM) 

At the macroscale, the observations of the surface evidence i) a huge superficial roughness as expected for such 

materials, ii) the existence of fine spherical particles simply sealed on the surface. The determination of the developed 

area by confocal microscopy analysis leads to a 40% increase in nominal area. 

At the microscale, the characterization of the microstructure shows that the as-deposited substrate was constituted of 

supersaturated γ grain having the nominal composition of Inconel 625 with heterogeneous grain size. The results of 
texture analysis by EBSD with pole figure and ODF section at φ2=0° representation reveal a cube texture ({001}<100>) 

which means that the grains have a preferential orientation parallel with the building direction <001> (Fig.1a). The 

determination of internal desorientation for 0° to 15° angle shows a not equilibrated microstructure associated to the 

high cooling rates during manufacture. That gives rise to recrystallization during a high temperature treatment (Fig.1b). 

After 2 hours of treatment at 1075°C, the internal orientation significantly decreased (Fig.1c) and the microstructure is 

completely restructured with development of special boundaries, and the preferential orientation is lost. In parallel, the 

chemical composition evolution during high temperature treatment of as-deposited substrate has been studied. 
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Fig. 1: a) ODF section at φ2=0° that reveals a cube texture ({001}<100>) and internal disorientation of b) as-deposited 
material and c) after annealed during 2h at 1075 °C [3]. 

 
Oxidation behavior at 1050°C in air atmosphere 

 
The 3D printed and CM alloys were oxidized for 50 hours to evaluate the effect of the microstructure on the oxidation 
rate. It appears that 3D printed alloys, annealed or not, are more sensitive to oxidation: their oxidation rate is roughly 
twice the oxidation rate of CMA and the Cr2O3 superficial layer is inhomogeneous and scarcely adherent (Fig. 2). As a 
result, a specific slurry process was developed for synthesizing aluminide coatings, homogeneous and adherent. In 
conclusion, the oxidation resistance of the composite substrate/coating material was dramatically improved. 
 

 
Fig. 2: Microstructure after oxidation of a) CMA and b) 3D printed alloy 
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Introduction 
Fe-Al-based superalloys represent a promising class of materials with large potential for high-temperature applications. 
Their mechanical properties can be modified and tuned by adding different intermetallic compounds. To achieve an 
understanding of the impact of such alloying additions we have performed a systematic theoretical study of 
intermetallics which form when adding Ti or Co, with a particular focus on Fe2TiAl and Fe2CoAl. Our first principles 
quantum mechanical calculations were performed using the Vienna Ab initio Simulation Package (VASP) [1,2].   

Results and Discussion 
For Fe2TiAl, previous theoretical studies showed a large discrepancy between ab initio computed magnetic moments of 
the stoichiometric Fe2TiAl (about 0.9 µB per 4-atom formula unit, f.u., see also our own results in Fig. 1(a)) and 
experimental ones (0.1 µB/f.u.). We show [3] that deviations from the exact stoichiometry towards Fe-rich states have 
a huge impact on the local magnetic moments and can explain the experimental low magnetic moments (see Fig. 1(b)).  
 

 
Fig. 1: Quantum-mechanically calculated changes of the energy of (a) stoichiometric Fe2TiAl and (b) off-stoichiometric 
Fe2.25Ti0.75Al as functions of the local magnetic moment. The computational supercells used for these calculations are 
shown in the insets. The off-stoichiometric Fe atoms on the Ti sites (FeTi) stabilize a state with a lower magnetic moment 
- see Ref. [3].    
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Fig. 2: Our proposed computational model of the stoichiometric Fe2CoAl compound (a) which accurately reproduces the 
experimentally observed  distribution of atoms in the 2nd nearest neighbor shell of Co atoms [4]. Part (b) visualizes the 
computed directional dependence of the Young’s modulus (see Ref. [5]).  

For Fe2CoAl, previous quantum-mechanical calculations considered either full or inverse Heusler structure. However, 
experimental data [10] indicates that there are 3 Fe and 3 Co atoms in the 2nd nearest neighbor shell around Co atoms, 
implying a structure very different from the assumed one. We therefore propose a new computational model (see Fig. 
2(a)) in accordance with the experimental data and determine structural, magnetic and elastic (see Fig. 2(b)) properties 
of this atomic configuration [5].   
As a complement to our theoretical research (see also our other results in Refs. [6-8]) we have performed an 
experimental investigation of Fe-Al-based materials (these results are in Refs. [9-12]). 
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Introduction 
Due to their advantageous properties, non-ferrous high performance materials such as titanium- and nickel-base alloys 
are of great importance for the aerospace industry. At the same time, iron aluminide alloys feature similar mechanical 
and thermal properties, combined with a potential for significant economic advantage over other high performance 
alloys. Thus, iron aluminides present a possible alternative to high priced non-ferrous alloys and have, e.g. for the 
aeronautic industry, the potential to substitute established materials for components such as turbine blades.  
In aerospace part production, milling represents an important finishing process. Iron aluminides are considered as 
difficult to cut materials, and therefore the occurring tool wear mechanisms and appearances are a primary issue in 
machining of such alloys. The BMWi funded ZIM project GeWeFeAl aims at identifying optimal tools and tooling 
parameters by a systematical analysis of the wear behavior for cast parts made of a FeAl-alloy suitable for high 
temperature applications. Material properties such as UTS, Young’ s modulus, heat conductivity and chemical reactivity 
have significant impact on the tooling properties, resulting in the demand for identification of specific tools and tooling 
strategies for an economically sound machining of FeAl. 

Materials and Methods  
In the work presented, iron aluminide specimens were produced by investment casting from Fe25Al1.5Ta (in at.%). 
FeAlTa alloys are well researched [1-3], showing suitable properties for high temperature applications. While the high 
alloy price due to the amount of Tantalum currently limits wider industrial application, within GeWeFeAl the material 
acts as a model alloy for FeAl-alloys making use of coherent continuous precipitates, providing especially favorable high 
temperature properties. Samples for machining were cast on a LINN SuperCast horizontal centrifugal casting machine. 
For crucible and mold, a common Al2O3 material was used. The alloy was composed in the crucible from Fe and Al stock 
material and Ta by way of a master alloy (FeTa20 [wt.-%]). The melt was superheated around 60 K. Casting was done 
under vacuum. The cast parts were cooled under air, cooling time was 7 hours from casting down to 20 °C. 
The specimens were machined using both end milling cutters and ball end milling cutters developed within the project 
to analyze the occurring tool wear and the influence of different tool geometries, materials and coatings. The tool wear 
width (VB) was measured by optical analysis and ranked for the tested tool material/coating samples. 

Fig. 1: GeWeFeAl Project Flow 

Parallel to the sample production, the casting properties of the chosen alloy were analyzed. Form filling and solidification 
behavior was determined each by dedicated samples, addressing the demand of casting companies for information 
regarding material specific casting behavior to optimize the production process by avoiding scrap and improving yield. 
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Results and Discussion 
For the tested range of tool geometries, materials and coatings, significant impact on the tool wear was observed. With 
around half of the observed maximum wear, optimal variations could be identified for all three tool parameters. The 
results are currently used to benchmark the milling of a demonstrator blade, comparing FeAl, TiAl, Steel and Inconel 
best-practice milling. 

 
In addition, the analysis of the casting properties is ongoing. First results have proven the feasibility of the employed 
casting set-ups. The form filling behavior in particular appears to be much better than that of TiAl, levelling the field for 
the production of the demonstrator parts. 
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Fig. 2: Tool wear for different tool geometries Fig. 3: Tool wear for different tool coatings 
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Introduction 
Cast iron aluminide alloys based on Fe3Al are attractive for applications where excellent corrosion and oxidation 
resistance, as well as an appropriate balance of high specific creep resistance and low temperature ductility are desired 
[1]. Recent developments have concentrated on increasing the creep resistance by adding Tantalum, which leads to the 
formation of small precipitates based on the Laves and Heusler phases [2,3]. However, casting with low cooling rates 
leads to high grain sizes and, hence, reduced low temperature ductility. Therefore, grain refiners were added to reduce 
the grain size and improve the ductility.  

Materials and Methods 
The alloy Fe-25Al-1,5Ta (in atom percent) was prepared by centrifugal casting. Different boride and carbide based grain 
refiners of up to about 1 wt.% were added during casting. The alloys were investigated in the as-cast state and part of 
the samples was heat treated at 700 °C for 10 h and 100 h, respectively. The mechanical properties were determined 
by room temperature tensile and creep tests at 650 °C and constant strain rates. The microstructure was examined by 
scanning electron microscopy (SEM) before and after the tests. Furthermore, the microhardness inside single grains of 
the different states was examined to derive parameters for modeling the hardness contributions. 

Results and Discussion 
The microstructures on the examples of the alloy without grain refiner (base material) and with ZrB2 as grain refiner are 
shown in Fig.1 a) and Fig. 2 a), respectively. While the grain size of the base material is above 1 mm with Laves phases 
on mostly straight grain boundaries, the addition of ZrB2 stabilizes the dendritic structure with its typical wavy 
boundaries during cooling. This is due to the formation of a small amount of eutectic which manifests as µm sized 
particles at the dendrite boundaries. Because of the dendrite branching the particle arrange in almost domain like 
structures (Fig. 2 a)). It is known that small domain sizes can be favorable in regard to low temperature ductility of 
intermetallic alloys [4]. This is confirmed by tensile tests at room temperature and manifests in form of finer structures 
of the fracture surface compared to that of the base material (Fig. 1 b) and Fig. 2 b)). The crack path is, hence, altered 
by the particle reinforced branches. On the other hand the almost domain like arrangement promotes the formation of 
laves phases at those boundaries and the Ta content is reduced in the domain/grain interior. As a consequence, a 
reduced formation of Heusler/Laves phase in the grain interior leads to inferior high temperature strength. Ongoing 
development concentrates on identifying the right balance of room temperature ductility and high temperature 
strength. Within the scope of the presentation, the results of tensile and creep tests of Fe-25Al-1,5Ta with various grain 
refiners before and after heat treatments at 700 °C are discussed and modeled on the basis of the hardening 
contributions.  
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Fig. 1: SEM images of Fe-25A-1,5Ta without grain refiner: 
a) microstructure, b) fracture surface showing a mixture 
of intergranular and transgranular crack path with large 
flat fracture areas 

Fig. 2: SEM Images of Fe-25A-1,5Ta with about 0,5 wt.% 
ZrB2 as grain refiner: a) microstructure, b) fracture 
surface showing the influence of the refined dendritic 
branch structure 
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Introduction 
Maraging steels are a class of ultrahigh strength low carbon steels with a martensitic structure [1-5].  The main 
characteristic of them is that they are not hardened by carbon and carbide precipitation, but by the precipitation of 
intermetallic phases during the aging. Moreover, due to the absence or very low content of carbon, the fresh martensite, 
after quenching, is rather soft and easily machinable.  
The typical heat treatment for these grades is a solution annealed treatment followed by water or air cooling to form 
martensite. During the subsequent ageing, the precipitation of intermetallics occurs giving the hardening and 
strengthening to the steel. During the ageing, the metastable martensite might decompose partially, forming the so-
called reverted austenite.  
Large number of intermetallic phases have been reported in the literature [1,2,4,5] as hardening phases for maraging 
steels such as: Ni3(Ti,Mo,Al), β-NiAl, Laves phases, Fe3Si, μ-phase, θ-phase, G-phases, R-phases, etc. Each type has 
different kinetics of formation and different effect on properties such as strength and toughness, as illustrated in Fig 1.  
Moreover, often co-precipitation is observed, making this a very complex family of steels. 
 

The objective of this study is to study via a combinatorial 
approach, the isolated and combined effect of Ni3Ti and β-NiAl 
precipitates, on strength and toughness, and their kinetics of 
formation, using generic ternary and quarternary alloys with 
different amounts of Ni, Ti and/or Al.  By quantifying the 
isolated effect of each precipitate type, clear guidelines can be 
obtained on how to obtain a high strength product combined 
with other properties, e.g. toughness. 

Materials and Methods 
In the first wave of the combinatorial screening presented here 
consisted of processing 34 compositions, based on FeNi(Ti, Al) 
generic alloys, with varying combination of Ni, Ti and/or Al.  Ni-

contents varied from 4 to 25wt%, Ti varied from 0 to 4wt%, Al varied from 0 to 4wt%. The materials were processed via 
induction melting and hot rolled to 5mm, followed by air or water cooling.  Heat treatment after rolling consisted of re-
austenitizing at temperatures from 950 to 1200°C and aging or solely aging (direct quench from rolling).   Aging was 
performed in the range from 400-600°C, for times up to several days. ThermoCalc® was used to determine the required 
temperatures for processing.   After processing, samples were characterized by Vickers macro-hardness and Charpy V-
notch impact testing.  In total, close to 1000 different materials were characterized with the combinatorial approach.  
Microstructure was analysed via X-Ray diffraction, optical and scanning electron microscopy. 
Besides the conventional ex-situ processing and characterization, “in-situ” tests with a constant heating rate of 20°C/min 
were applied and combined to study the kinetics of precipitation (X-Ray Diffraction, dilatometry and differential 
scanning calorimetry). 

Results and Discussion 
The first trends that can be derived from this study are the following.  For ternary alloys with 4% Ni, no hardening is 
observed, despite the formation of large amounts of Laves phase.  Increasing the amount of Ni leads to higher peak 
hardness and a faster hardening response.  A larger Ti-content for a fixed amount of Ni, results in larger as-quenched 
hardness and hardening increment at peak hardness obtained, but no effect on kinetics.  Comparing Ti versus Al 
containing ternary alloys, it is observed that Ti leads to higher strength levels at peak hardness.  Moreover, this peak 
hardness is being reached faster. However, softening at overaging is larger/faster than for the Al-containing ternary 
alloys.   
The combination of various in-situ techniques is a very powerful tool to quickly get information on phase 
transformations and precipitation kinetics upon heating and study the isolated effect of each aspect separately, e.g. on 
hardness.  The outcome of these in-situ studies have been summarized in so-called continuous precipitation diagrams, 
as illustrated in Fig. 2 and 3.  

 
Fig. 1: Atom probe image of a 18Ni-based maraging 
steel, containing Ti and Mo, illustrating co-
precipitation 
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Fig 2: Combination of DSC and (interrupted) dilato, 
combined with hardness  

Fig. 3: example of a precipitation diagram, illustrating the 
effect of decreasing Ni-content 

 
All these data on mechanical properties will now be further integrated into an existing artificial neural network on 
maraging steels. Moreover, based on the results of this first wave, a selection of materials will be done for further 
upscaling to test more advanced properties, like H-embrittlement, and more advanced material characterization, like 
atom probe tomography.  
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Introduction 
Secondary, i.e. recycled, Al–Si alloys often contain the impurity elements Fe and Mn. These lead to the formation of 
intermetallic phases such as the αc-Al(Fe,Mn)Si-phase and the β-Al(Fe,Mn)Si-phase. The β-phase particles have a harmful 
effect on the mechanical and casting properties due to their plate-shaped morphology [1]. The αc-phase particles can 
have a remarkably less detrimental effect on the properties due to its wide variety of morphologies ranging from large 
compact or hollow polyhedral to coarse or fine dendritic and small irregular shape [2-7]. Previously, the habit of the 
former morphologies only has been derived from geometrical considerations and is based on {110} habit planes [3-6]. 
Additionally, it has recently been reported that these morphologies are correlated with certain chemical compositions 
[8] which, consequently, indicates a close correspondence with different stages of solidification [9]. 
A systematic classification and extensive characterization of such particles in relation to details of the solidification 
conditions and stages of solidification is still lacking. However, in terms of the required technological processing or 
application properties, this understanding is necessary for targeted production of unproblematic Fe-containing 
intermetallic particles. Therefore, the present study completes the characterization and experimentally confirms 
previously reported growth morphologies. It provides the links between the morphologies, chemical composition and 
the stages of solidification depending on the solidification condition and, thus, gives new insight on the formation of αc-
phase particles.  

Materials and Methods 
Model alloys Al7.1Si0.75Fe0.75Mn and Al7.1Si1.5Fe1.5Mn were solidified with cooling rates 0.05, 0.5 and 1.4 K/s within 
a differential thermal analysis (DTA) device and with cooling rates of 30 K/s by air-cooling and 200 K/s by water 
quenching. Then all samples were remelted during DTA with a heating rate of 1.67 K/s in order to obtain results about 
reactions during melting and correlate these to the solidification stages and, thus, to the microstructure and αc-phase 
particle characteristics. The microstructures of alloys solidified with the defined cooling rates were analyzed by optical 
microscopy and scanning electron microscopy (SEM) including electron dispersive spectroscopy (EDS) and electron 
backscatter diffraction (EBSD) to access chemical composition and crystallographic orientation information of αc-phase 
particles. 

Results and Discussion 
The αc-phase particles with different morphologies can be systematically related to different stages of the solidification 
process that can be classified into a primary, co-dendritic and co-eutectic stage (Table 1). Primary αc-phase particles 
evolve with increasing cooling rate in compact polyhedral to hollow polyhedral to coarse dendritic to fine 
flower/feathery-like dendritic morphology, all having a high xMn/xFe molar fraction ratio. The αc-phase particles which 
form during the co-dendritic and co-eutectic stage of solidification show dendritic to irregular morphologies and can be 
distinguished by being located within the Al dendrites having an intermediate xMn/xFe ratio or within the Al-Si eutectic 
region and a low xMn/xFe ratio with x being the molar fraction. Based on EBSD data, identified {110} facets confirm the 
previously proposed morphologies and the characterization of remaining morphologies is accomplished. Thereby, the 
abundance of well-developed {110} facets decreases with increasing cooling rate, progress of solidification and 
decreasing xMn+xFe content in the alloy. In combination with the temperatures from DTA of reactions involving the αc 
phase, the formation of the αc phase in the different morphologies in secondary Al-Si alloys can be related to the 
solidification conditions.   
 
Table 1: Classification of the αc-phase particles according to the stages of solidification. Some main characteristics are 
presented. Schematic representation of the morphologies of αc-phase particles evolving during the different stages of 
solidification depending on the cooling rate. Note that the thickness of the black circles indicates increasing 
magnification and, therefore, the comparably decreasing size of the intermetallic αc-phase particles. (Note, that only 
particles formed during solidification are considered. Post-eutectically formed particles have not been observed in the 
present study and are excluded from this overview.) 
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Primary particles Polyhedra Hollow polyhedra Coarse dendrites Fine 
flower/feathery-like 
dendritic 

Typical appearance 
in 2D cross section 

Morphology Branched, dendritic, 
min. 2nd order 
branches 

{110} faceting Pronounced 
xMn/xFe ratio

Compact, based  
on rhombic 
dodecahedra 
Pronounced 
High 

Coarse branches, 
based on hollow 
rhombic dodecahedra 
Pronounced 
High High 

Branched, dendritic, 
min. 2nd order 
branches  
At particle’s fringe 
High 

Co-dendritic 
particles 

Irregular branched Coarse Chinese-script/Skeleton 

Typical appearance 
in 2D cross section 

Morphology Branched 

{110} faceting At particle’s fringe 
xMn/xFe ratio

Branched, at the fringe  
of primary particles 
Rare 
Intermediate Intermediate 

Co-eutectic particles Fine Chinese-script Fine dispersed 
Typical appearance 
in 2D cross section 

Morphology Non branched 
{110} faceting Non facetted 

xMn/xFe ratio 

Branched 
Irregular or rare at 
particle’s fringe 
Low Very low 
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Introduction 
In recent years intermetallic reinforced refractory alloys such as the Mo-Si-B family and Nb-silicide based alloys have 
been widely investigated as candidate materials for application temperatures beyond the nickel-base family. All 
refractory alloys offer high melting points along with promising mechanical properties at high temperatures. In the last 
years, chromium was also reconsidered as a base metal, because its lower density compared to Ni and body centered 
cubic structure offering high thermal conductivity, high oxidation resistance along with high availability and thus 
competitive pricing. The main drawbacks that led researchers to abandon this alloy system are a ductile to brittle 
transition temperature (DBTT) above room temperature, poor oxidation at ultra-high temperatures (T>1000°C) due to 
the severe nitrogen embrittlement of non-alloyed Cr and the formation of volatile oxides. Several approaches were 
suggested to improve the high temperature strength such as alloying with Laves-phase or A15-phase formers, which 
both result in a two-phase microstructure consisting of a Cr solid solution matrix and a strengthening intermetallic 
phase. The majority of such studies focuses on eutectic Cr-alloys that allow no or limited deformation such as forging or 
microstructural optimization after casting.  
In this work different alloys with either A15 forming elements (Ge, Si, Pt) or Mo that equally substitutes Cr in solid 
solution and A15 and their major impact on the microstructural evolution and oxidation resistance are presented.  

Materials and Methods 
Alloys listed in table 1 were prepared by arc melting in a compact arc melter (MAM-1, Edmund Bühler, Germany) on a 
water-cooled copper mold using chromium pieces (Cr > 99.95 wt.%, Plansee), silicon pieces (Si > 99.999 wt.%, GfE), 
germanium pieces (Ge > 99.999 wt.%, Haines & Maassen), molybdenum wire (Mo > 99.97wt.%, Plansee), and platinum 
pieces (Pt > 99.9 wt.%, Heraeus). The resulting droplets were cut into two test pieces, one rectangular being used (2 x 
~5 x ~5mm) for oxidation at 1200°C for 100 h in a thermogravimetric analyzer, the other half of the ingot for annealing 
for the same time and temperature, but encapsulated in an evacuated quartz glass tube. Microstructural, chemical and 
phase analysis were conducted using optical and electron microscopy (SEM, Philips XL40 electron microscope), electron 
probe microanalyses (EPMA, JEOL JXA-8100) and X-ray diffraction (Brucker D8 advance), respectively.  
 
Table 1: Chemical composition of the arc melted Cr-alloys measured using EPMA. 

alloy Cr/at.% Si/at.% Ge/at.% Mo/at.% Pt/at.% 
Cr89Si7Mo2Ge2 88.6 ± 0.5 7.1 ± 0.4 2.0 ± 0.2 2.0 ± 0.2 - 
Cr89Si7Ge2Pt2 89.0 ± 0.7 6.7 ± 0.5 2.0 ± 0.3 - 2.1 ± 0.1 

 

Results and Discussion 
In Figure 1 and 2 the Cr89Si7Mo2Ge2 and Cr89Si7Ge2Pt2 alloys are exemplarily shown after heat treatment for 100 h at 
1200°C. Comparable to previously investigated binary and ternary alloys, also the quaternary alloys developed a 
microstructure consisting of only two phases, even though they have higher total amounts and diversity of alloying 
elements [1]. Both investigated alloy microstructures show a small amount of primary precipitates of up 5 µm in size, 
which had already been present after casting. After annealing, additional fine dispersed precipitates (secondary 
precipitates) appeared within the Cr matrix. All precipitates consist of A15 phase, proven by XRD, not shown in here. 
From the microprobe analysis on the right side of Figure 1 it becomes clear that Si, Ge and Pt are preferentially found 
within the A15 phase. All are strong A15 formers and able to substitute each other within this phase. Molybdenum 
instead is equally distributed within the Cr solid solution and the A15 phase and does not show strong partitioning, but 
can strengthen both phases by solid solution hardening. Alloys with molybdenum additionally show a finer distribution 
of the precipitates. 
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Fig. 1: Microstructure and elemental distribution of Cr89Si7Mo2Ge2 (top) and Cr89Si7Ge2Pt2 (bottom) after annealing. 
 
Figure 2 shows a much lower mass gain behavior at 1200°C for both alloys in comparison to pure Cr and the respective 
binary Cr-Si alloy, indicating a protective behavior originating from the contribution of the A15 phase to the scale 
formation. The oxidation behavior of such alloy systems will be discussed with regard to the influence of the different 
alloying elements on scale formation, evaporation and nitridation resistance, and a new model to describe the oxidation 
resistance using a statistical growth parameter, indicating scale failure and nitridation, besides the commonly used kp 
and kv parameters.   

Fig. 2: Thermogravimetric analysis of the quaternary alloys at 1200°C in synthetic air. In addition, pure Cr and a binary 
Cr91Si9 alloy curve are shown.  
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Introduction 
Recently, materials with “mille-feuille structure (MFS)” which is constructed by alternate stacking of microscopic hard- 
and soft-layer have attracted attention. The long-period stacking ordered (LPSO) phase in Mg alloys has a crystal-
structure-dependent MFS, and the LPSO structured Mg alloy shows excellent mechanical properties [1]. The Co-Nb 
binary system contains several complex intermetallic phases such as three types of Laves phases and Nb2Co7 [2]. The 
crystal structure of Nb2Co7 is mS36 [3], which should be classified as a newly found crystal-structure-dependent MFS 
judging from its interesting mechanical features [4]. Therefore, the Nb2Co7 phase is considered to be a promising 
candidate for a new crystal-structure-dependent MFS material exhibiting the "kink strengthening phenomenon". In the 
present study, the deformation behavior of Nb2Co7 was investigated mainly focusing on the kink formation in the Nb2Co7 
phase. 

Materials and Methods 
The Co-3.9 at.%Nb and Co-22.2 at.%Nb alloys were cast as φ20mm cylindrical ingots, and were cut into φ3×3mm 
cylindrical samples. The Co-3.9 at.%Nb alloy was heat-treated for homogenization at 1240°C for 1h to attain a single-
phase fcc Co solid solution, followed by cooling to room temperature resulting in fine dispersion of metastable L12 Co3Nb 
phase. Subsequently, it was subjected to an isothermal heat treatment at 900°C for up to 100h resulting in fine 
precipitation of equilibrium Nb2Co7 phase, followed by cooling to room temperature. The Co-22.2 at.%Nb alloy was 
heat-treated at 1000°C for 50h to attain a single-phase Nb2Co7, followed by cooling to room temperature. All the heat 
treatments were carried out in the differential thermal analyzer. Simple free bend tests, compression tests and micro-
Vickers and nanoindentation hardness tests were conducted. Microstructure and crystal structure were observed and 
analyzed by scanning electron microscopy (SEM) and electron backscatter diffraction (EBSD) pattern analysis. 

Results and Discussion 
The SEM images after a free bend test for the Co-3.9 at.%Nb alloy isothermally heat-treated at 900°C for 1h are shown 
in Fig. 1. It is interesting that most of the Nb2Co7 precipitates are not broken, but they seem to deform by the formation 
of kinks as indicated by the arrows in Fig. 1(b), in spite of the low symmetry of its crystal structure compared with L12 
structure. Figure 2 shows the results of micro-Vickers hardness tests for the Co-3.9 at.%Nb alloy before and after 
isothermal heat treatments at 900°C. The hardness of the sample before heat treatment is the highest, and it decreases 
with increasing the heat treatment time. The finely dispersed metastable L12 Co3Nb is considered to transform to 
equilibrium Nb2Co7 during heat treatment. Therefore, the results imply that the Nb2Co7 phase might be relatively 
deformable and a promising candidate for a crystal-structure-dependent mille-feuille structured material. The authors 
have already revealed that the microstructure of the alloys could be changed by utilization of the metastable L12 Co3Nb 
[5]. The results of nanoindentation will be discussed in detail in the presentation. 
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Fig. 1: The SEM images after a free bend test for the Co-3.9 at.%Nb alloy isothermally heat treated at 900°C for 1h, 
(a) stress free zone, (b) stressed zone. Arrows indicate kink-like appearance of Nb2Co7. 
 
 
 

Fig. 2: Micro-Vickers hardness for the Co-3.9 at.%Nb alloy before and after isothermal heat treatments at 900°C. 
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Introduction 
There is currently an increased interest in the research and development of novel Co-base alloys which contain different 
intermetallic phases to harden them. The most prominent of these is the γ′-Co3(Al,W)-L12 phase which can be found in 
the Co-Al-W system and alloys based on this system [1]. Nevertheless, the ternary Co-Al-W alloys have certain 
drawbacks such as γ′ solvus not exceeding about 1000 °C, high mass density of the alloys due to high content of W and 
a low stability of the γ+γ′ two phase microstructure during long-term high-temperature exposure. Thus, the possibility 
to improve such properties by adding alloying elements was investigated early on. While the effects of Ta, Ti, Nb, Mo, 
Ni and Cr were thoroughly studied and reported (e.g. [2,3]), information about the effects of other alloying elements is 
still scarce. Two elements of interest here are Hf and Zr with the former known to increase the γ′ solvus temperature 
and the latter to strengthen the grain boundaries of the material [4,5]. Both elements have a rather low solubility in Co-
based alloys and form additional intermetallic phases if the solubility limit is exceeded. In this contribution, the type of 
those phases is identified. In addition, based on the actual non-stoichiometric composition of the phases and the valence 
electron concentration (VEC) it is deduced why these certain types of intermetallic phases form under the given 
conditions. 

Materials and Methods 
Two alloys with nominal compositions of Co-9Al-9W-2Zr and Co-9Al-9W-2Hf (all atomic %) were produced by arc-
melting and further homogenized by subsequent solution heat treatment at 1300 °C for 12 h in vacuum. On those 
specimens, annealing heat treatments were conducted at 900 °C in air for 200 and 5000 h. Scanning electron microscopy 
(SEM) with a LEO Gemini 1530 was used for microstructure characterization for which specimens were prepared by 
grinding and electro-polishing. High-energy X-ray diffraction (HEXRD) measurements were conducted to identify the 
phase constitution at the HEMS beam line run by the Helmholtz-Zentrum Geesthacht at the Deutsches Elektronen-
Synchrotron (DESY) in Hamburg. The X-ray beam had an energy of 100 keV (λ = 0.1240 Å) which allowed to perform 
diffraction tests in transmission on specimens with a thickness of some mm. To characterize the microstructure on a 
smaller length scale and obtain electron diffraction data transmission electron micoroscopy (TEM) and high resolution 
TEM (HR-TEM) was performed with a Philips CM200 operated at 200 kV and a FEI Titan 80-300 TEM operated at 300 kV. 
TEM foils were prepared with standard electrolytical thinning techniques. Also, energy dispersive X-ray spectroscopy 
(EDS) was performed in the transmission electron microscope to measure the chemical composition of the different 
phases. 

Results and Discussion 
Besides the phases γ, γ′, B2-CoAl and D019-Co3W (only present in Co-9Al-9W-2Zr), which were clearly identified by 
HEXRD, peaks of two additional Laves type phases were also present in the HEXRD patterns (see Fig. 1a as an example 
for Co-9Al-9W-2Zr). In the Zr-containing alloy, this was a C15 type (Fd-3m) Laves phase as expected from reports in 
literature [6]. In the Hf containing alloy the peaks corresponded best to a C36 structure (P63/mmc), which is until now 
not reported in Co-Hf alloys. The fact that D019-Co3W was found in Co-9Al-9W-2Zr after annealing for 5000 h at 900 °C 
(compare Fig. 1 b and c) but not in Co-9Al-9W-2Hf indicates that Hf can stabilize the γ+γʹ microstructure against the 
formation of D019-Co3W. In both alloys either Zr or Hf were strongly enriched in the Laves phase but both of them 
deviated from the stoichiometric composition with Zr and Hf contents being too low and being partly replaced by Co, 
Al and W. While Al is more enriched in the ZrCo2 Laves phase, the enrichment of W is higher in the HfCo2 Laves phase. 
Due to these deviations from stoichiometric composition and the differences in Al versus W enrichment when 
comparing ZrCo2 and HfCo2, the former exhibits a VEC of 7.64 and the latter of 7.79. Based on the theory of Johannes 
et al. [7] this explains why ZrCo2 has a C15 and HfCo2 a C36 type crystal structure. 
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Fig. 1: HEXRD patterns and SEM micrographs of alloy Co-9Al-9W-2Zr after annealing at 900 °C for 200 and 5000 h a) 
HEXRD pattern. b) SEM micrograph for the specimen annealed for 200 hours. c) SEM micrograph for the specimen 
annealed for 5000 hours. 
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Introduction 
Strengthening of Ni-based superalloys is in principle using GCP (geometrically closed-packed) phase of Ni3Al-γ' (L12). 
Furthermore, TCP (topologically close-packed) phases, for instance σ or Laves phases, are seen as detrimental for 
mechanical properties. However, a game-changing microstructural design principle without relying on γ' phase will be 
needed for further development of the alloys. Our group is currently constructing a novel microstructure design 
principle, using thermodynamically stable TCP phase for grain boundaries, together with GCP phase other than γ' phase 
for grain interiors, based on the grain boundary precipitation strengthening (GBPS) mechanism [1, 2]. One of the model 
alloy systems for the principle is the Ni-Cr-Mo ternary system. 
TCP NiMo (oP112) and P (oP56) phase are thermodynamically 
stable over 1573 K. GCP Ni2Cr (oP6) phase (Tc = 863 K) in the Ni-
Cr binary system precipitates coherently from γ matrix. The 
phase stability is enhanced up to 1023 K by Mo in solution [3], 
however there are few reports that clarify the phase region of 
oP6 phase by both experiments and calculations. In this study, 
thus, the phase equilibria among γ, TCP, and GCP oP6 phases 
have been examined.  

Materials and Methods 
Two series of alloys were used as shown in Fig. 1: series I with 
nominal compositions of Ni-30 at. % (Cr, Mo) by replacing Cr 
with Mo by every 5 at. % (the alloys are referred to by their Mo 
content), and series II with those of (Ni, Cr)-15Mo with replacing 
Ni with Cr (the alloys are referred to by their Cr-Mo content). 
These alloys were prepared by arc melting in argon atmosphere 
with non-consumable tungsten electrode as a 35 g button ingot. 
These ingots were firstly cold rolled by 40 % in height, and 
homogenized at 1373 K, followed by aging at 973 - 1173 K for 
up to 1000 h. Microstructures were examined by scanning 
electron microscope (SEM) and transmission electron 
microscope (TEM). SEM samples were mechanically polished, 
followed by electro polishing in a solution of phosphoric acid 
with supersaturated chromic anhydride acid at 353 K. TEM discs 
with 0.2 mm in thickness and 3 mm in diameter were machined, 
and then mechanically polished, followed by twin-jet polishing 
in a solution of ethanol with 6 vol. % perchloric acid at 253 K. 
The hardness was measured by a micro-Vickers hardness 
machine under a load of 0.98 N.  

Results and Discussion 
Figure 2 shows an experimentally determined isothermal 
section of Ni-rich Ni-Cr-Mo ternary system at 973 K. 
thermodynamically stable oP6 single-phase region exists as an 
island along Ni-33at.%Cr – Ni-33 at.%Mo line. In addition, there 
exist two three-phase coexisting regions of γ/NiMo/oP6 and 
γ/P/oP6, suggesting that the novel microstructures with TCP 
phase at grain boundaries, together with GCP phase within 
grain interiors, would be controlled. 
 
 
 
 

Fig. 1: Alloys studied plotted on calculated isothermal 
section of Ni-Cr-Mo ternary system. 

Fig. 2: An experimentally determined isothermal 
section of Ni-rich Ni-Cr-Mo ternary system at 973 K. 
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Figure 3 shows a SEI of 15Mo, located in γ/oP6 two phase region, aged at 973 K/ 1000 h. Disc-like submicron-size oP6 
phase with Widmanstätten morphology was observed within the grain interiors. TEM analysis of 10Cr, located in the 
same γ/oP6 two phase region, aged at 973 K/ 100 h, revealed that, as shown in Fig. 4, oP6 phase has the following 
crystallographical orientation relationship with the matrix: {110}γ // (110)oP6, <001>γ // [010]oP6. Figure 5 shows a change 
in hardness with Mo contents in the alloys of series I before and after aging at 973 K and 1073 K for 1000 h. The hardness 
of the as homogeneous alloys gradually increases because of Mo solid-solution strengthening. On the other hand, the 
hardness from 15Mo at 973 K and 20Mo at 1073 K tremendously increases to 4 GPa due to precipitation of oP6 phase. 
The hardness within grain remains unchanged of 2 GPa since oP6 single-phase region shrink with higher temperature. 
Thus, γ phase directly equilibrates with P phase which precipitates collaborated at grain boundary (Fig. 6). 
In the presentation, the calculated phase diagram obtained by a modified existing data base will be discussed in terms 
of thermodynamics.  
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Fig. 3: SEI of Ni-15Cr-15Mo aged at 973 K for  
1000 h. 
 

Fig. 4: TEM images of Ni-10Cr-15Mo aged at  
973 K for 100 h, showing two variants of oP6 in  
A1 matrix. 

Fig. 5: Change in hardness with Mo in the 
alloys (series I) homogenized and aged at 
973 K and 1073 K for 1000 h. 

Fig. 6: BEI of Ni-15Cr-15Mo aged at 
1073 K/ 1000 h. 
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Introduction 
Recently Ti-Al3Ti composites attract significant attention due to their outstanding properties including excellent specific 
strength, hardness, stiffness and impact strength [1]. However relatively low fracture toughness and plasticity restrict 
their wide application [2]. To solve this problem, it was suggested to modify the structure of the brittle intermetallic 
component. Titanium trialuminide possesses the tetragonal D022 structure, which results from the L12 structure (which 
essentially is an ordered face-centered cubic lattice (fcc)) by introducing antiphase boundaries with a displacement 
vector of 1/2[110] on each (001) plane of the L12 unit cell. Due to its low symmetry, the tetragonal D022 structure has a 
limited number of independent slip systems [3], which is probably the reason for low-temperature brittleness of Al3Ti 
compounds. L12 structure having 12 independent {111} slip systems (likewise fcc structures) will be intrinsically more 
ductile comparing to compounds with a D022 one. To modify D022 structure of Al3Ti to L12, one can alloy it with Fe, Cr, 
Cu, Mn, Co, Ni or Zn. To find out if it is possible to stabilize L12 titanium trialuminide as a component of the Ti-based 
composite, in situ synchrotron investigations were carried out. Based on the results obtained, the appropriate regimes 
of producing Ti-Al3Ti composites with the cubic structure of intermetallic were chosen.     

Materials and Methods 
Cu was chosen as the alloying element for Al3Ti. For in situ synchrotron X-ray radiation diffraction analysis, samples 
consisting of thoroughly mixed Al, Ti and Cu powders were prepared. The nominal composition of the mixture was Ti45-
Al47-Cu8 (at. %). This ratio provided the excess of Ti in the same proportion as in the structure of multilayer Ti-Al3Ti 
composites. Heating was provided by the induction furnace of a modified DIL805A/D dilatometer. The samples were 
heated with a rate of 10 oC/min up to the temperature of 830 oC and held at this temperature for 1 hour. The cooling 
rate was 50 oC/min. The experiment was carried out in high-purity argon atmosphere at a pressure of 0.8 mbar.  
Diffraction patterns were obtained at Petra III synchrotron radiation source of the German Electron Synchrotron 
(Deutsches Elektronen-Synchrotron – DESY) in the High Energy Materials Science Beamline (P07) operated by 
Helmholtz-Zentrum Geesthacht. The radiation energy was 100 keV which corresponded to a wavelength of 0.124 Å. The 
spot size was 1×1 mm. Diffraction rings were recorded using a Perkin Elmer XRD1621 2D detector with a resolution of 
2048×2048 pixels and a pixel size of 200×200 µm in transmission mode. The sample-to-detector distance was equal to 
1837 mm. The Debye-Scherrer diffraction rings were continuously recorded during heating, holding, and cooling with a 
frequency of 0.1 Hz. The total exposition time was 4 seconds and was provided by summation of 40 frames exposed for 
0.1 seconds each. Two-dimensional diffraction rings were azimuthally integrated and analyzed as typical Intensity - 2θ 
powder diffraction patterns.    
Multilayer composites were produced by spark plasma sintering (SPS) in Lavrentiev Hydrodinamic Institute (SB RAS, 
Novosibirsk) using a LABOX-1575 SPS machine. Commercially pure titanium and aluminum foils were alternately stacked 
and interspersed by homogeneous layers of copper powder between them, and then placed in a titanium shell with an 
inner diameter of 26 mm. Such a set was covered with a cap with an outer diameter of 30 mm. This setup allowed 
performing the reactive sintering at temperatures exceeding the aluminum melting point [4]. The thickness of metallic 
foils was 50 µm. Sintering was performed at 830 °С under a pressure of 40 MPa for 10 minutes.  
The microstructure of fabricated material was investigated by scanning electron microscopy (SEM) in the back-scattered 
electrons mode using a Carl Zeiss EVO 50XVP microscope equipped with an X-ACT (Oxford Instruments) energy 
dispersive X-ray (EDX) spectrometer. Phases formed in the MIL composite were investigated by X-ray diffraction (XRD) 
analysis. Diffraction patterns were recorded using an ARL X’TRA diffractometer with Cu Kα radiation. The fracture 
toughness was estimated based on Vickers microindentation tests using a Wolpert Group 402 MVD tester. A load on 
the diamond indenter varied from 0.2 to 1 kg. 
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Results and Conclusions 
X-ray synchrotron diffraction analysis revealed that cubic modification of Al3Ti can be stabilized by alloying with Cu. This 
phase forms in a ternary system through the sequences of solid-liquid and solid-solid reactions with formation of 
intermediate phases. The reactions in system start at approximately 575 °C with the eutectic melting of Al and Cu. 
Almost simultaneously AlCu and Al3Ti intermediate phases appear due to the liquid-solid reactions. When the liquid is 
almost completely consumed, the formation of cubic titanium trialuminide (Al5CuTi2), and AlCuTi phases starts.   
The multilayer Ti-Al3Ti composite with modified titanium trialuminide structure was successfully produced by SPS at 830 
°С. However, Al5CuTi2 was not the only one intermetallic phase in the resulting structure. As it was shown above, τ2 
(TiAlCu compound) always appear simultaneously with Al5CuTi2. It presents in the structure of the composite as an 
additional layer such as the final structure of the composite consisted of three layers: titanium, a thin τ2 layer, and a 
thick τ3 (Al5CuTi2) layer. It should be possible to minimize the thickness of TiAlCu by reducing the temperature and the 
holding time of sintering. Formation of the τ2 layer in the structure of the composite is undesirable due to its high 
brittleness.  
Indentation tests showed that the fracture toughness of the τ3 intermetallic layer with L12 structure was significantly 
higher than that of the ordinary D022 titanium trialuminide. In the case of tetragonal titanium trialuminide, the cracks 
appeared around imprints with a load of 0.2 kg. Meanwhile, even applying 1 kg, cracks were not formed in the layer 
with the L12 cubic structure.  
The approach developed in this work can be used to synthesize multilayer metal-intermetallic composites with cubic 
titanium trialuminide stabilized by elements other than copper (e.g., Fe, Co, Mn, Ni, Zn, etc.) as well as for fabrication 
of bulk cubic titanium trialuminides via solid-liquid reaction. 

Acknowledgement 
This work was supported by Ministry of Education and Science of Russian Federation according to Federal Task 
11.7662.2017/BCh. 

References  
[1] K.S. Vecchio, Synthetic multifunctional metallic-intermetallic laminate composites, JOM, 2005, 57, 25-31.  
[2] M. Yamaguchi, Y. Umakoshi, T. Yamane, Deformation of the Intermetallic Compound Al3Ti and Some Alloys with 

An Al3Ti Base, Mater. Res. Soc., 1986, 81, 275. 
[3] M.B. Winnicka, R.A. Varin, Compression ductility and fracture of boron-free and highly boron-doped Al5CuTi2 

intermetallic compound, Scripta Metall. Mater., 1990, 24, 611-615. 
[4]  D.V. Lazurenko, V.I. Mali, I.A. Bataev, A. Thoemmes, A.A. Bataev, A.I. Popelukh, A.G. Anisimov, N.S. Belousova, 

Metal-Intermetallic Laminate Ti-Al3Ti Composites Produced by Spark Plasma Sintering of Titanium and Aluminum 
Foils Enclosed in Titanium Shells, Metall. Mater. Trans. A, 2015, 46, 4326-4334. 



ORAL ABSTRACTS • SESSION • ADDITIVE MANUFACTURING OF INTERMETALLICS 

144 
 

O–IT–08 

Prospects and challenges of electron beam based additive manufacturing of intermetallics 
Carolin Körner1, Martin Franke, Thorsten Wolf, Johannes Köpf, Vera Jüchter, Alexander Klassen 

and Lucas Adler 
1Chair of Materials Science and Engineering for Metals (WTM), Friedrich-Alexander-Universität Erlangen-Nürnberg 

(FAU), Martensstr.5 , 91058 Erlangen, Germany 
 
In general, the processing of intermetallic phases is difficult due to their intrinsic brittleness. Additive manufacturing for 
the production of complex components opens up interesting perspectives for this class of materials. Selective electron 
beam melting is particularly promising of additive manufacturing processes. The process operates under vacuum 
conditions at temperatures up to above 1000°C. It therefore offers perfect protection against impurities and at the same 
time the possibility to minimize internal stresses.  
The presentation presents the possibilities but also challenges of selective electron beam melting for the processing of 
intermetallic phases. Examples range from titanium aluminides for aviation to intermetallics for catalytic applications. 
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Introduction 
NiAl-Cr and NiAl-Cr(Mo) eutectic in-situ composites are promising high temperature materials due to a high melting 
point, excellent oxidation behaviour and their low density. To enhance the poor room temperature fracture toughness 
of these composites high cooling rates are beneficial to obtain fine cellular-lamellar structures [1, 2]. The aim of this 
research is to characterize the microstructure and mechanical properties of a NiAl-28Cr(6Mo) eutectic in-situ composite 
processed by electron beam melting, which provides extremely high cooling rates. 

Materials and Methods 
The eutectic in-situ composite NiAl-28Cr(6Mo) is processed by selective electron beam melting. SEBM provides very 
high solidification rates that lead to very fine cellular-lamellar microstructures on the nanometer scale. The samples are 
analyzed using REM and FIB as well as APT technique for microstructural characterization. Furthermore, compression 
tests and creep tests were performed up to 1300K. The room temperature fracture toughness was determined using 
microcantilevers prepared by FIB milling [3] and tested with an in-situ indenter. 

Results and Discussion 
The influence of process parameters during SEBM on the microstructure as well as the effect of microstructural features 
on the mechanical properties were investigated. Atom probe tomographies show feather-like arranged, crosslinked 
Cr(Mo) rods inside a NiAl-matrix, see Fig. 1. Their very fine phase distance strongly depends on the scan velocity and the 
power of the e-beam. The increasing amount of interfaces enhances the hardness of the in-situ composite 
corresponding to a Hall-Petch-like behavior. Experiments show that the exact eutectic composition is required to get 
good high temperature properties and room temperature fracture toughness. Cracks and fracture surfaces where 
analyzed and toughness increasing mechanisms like crack bridging, renucleation or deflection at NiAl - Cr(Mo) interfaces 
were found, see Fig.2.  
In a summary, selective electron beam melting is suitable to process NiAl-Cr(Mo) in-situ composites with interesting 
mechanical properties, but further investigation is needed to create a competitive high temperature alloy. 
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Figures 

Fig. 1: Atom Probe tomography of the nano-structured 
arrangement of crosslinked Cr(Mo) rods inside a NiAl-
matrix  

Fig. 2: SE image of a rough fracture surface of the cellular 
NiAl-Cr(Mo) in-situ composite 
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Introduction 
For improving thermodynamic efficiency of gas turbines it is necessary to develop new high-temperature materials 
beyond the capability of Ni-based superalloys. Next to a high melting point the reduction of the weight is also an 
important issue to achieve the target of increased thermodynamic efficiency. V points out as an interesting candidate, 
since it offers the lowest density (ρ = 6.11 g/cm3) in comparison to other high-melting metals. Moreover, alloyed with 
Si and B a multi-phase microstructure, consisting of a V solid solution (Vss) phase next to the intermetallic phases V3Si 
and V5SiB2 [1,2] forms, which offers a low ductile-brittle-transition (BDTT) as well as enhanced high temperature 
strength and creep resistance next to an improved oxidation resistance [1]. 
However, due to the high melting point of the constituents ingot processing (IM) is challenging. As an alternative, multi-
step powder metallurgical processes (PM) are currently used for processing bulk materials. The introduction of a one-
step processing route for this type of material via additive manufacturing (AM) represents an important innovation to 
produce complex bulk materials with net shape geometries (e.g. turbine blades). This work shows a very first study on 
the printability of pre-alloyed near-eutectic V-Si-B powder materials via directed energy deposition (DED) as a method 
for AM. Therefore, V-Si-B powder was manufactured via gas atomization (GA) process out of solid raw materials meeting 
the requirements for AM regarding flowability and particle size.  

Materials and Methods 
Based on investigations of the ternary eutectic refractory alloy systems from Hasemann et al. [2], a near eutectic V-9Si-
5B alloy composition was chosen for processing via AM. Therefore, the solid raw materials (V > 99.95 %, Si > 99.6 % and 
B > 99.4 % purity) were molten and superheated in a crucible (inductive heating system) and subsequently atomized 
(using Ar gas flow) into powder/droplets. For a quantitative determination of the elemental composition of the powder 
particles an ICP-OES analysis was conducted. DED samples were built out of the GA powder material. The laser beam 
source was a 2 kW diode laser, the beam diameter in the processing zone was 0.6 mm. The build-up was performed 
using induction preheating of the processing plane (700 °C) and a rising laser power (70 W - 175 W) with increasing 
height of the component (under Ar conditions). Investigations on the microstructure were carried out by scanning 
electron microscopy (SEM, ESEM XL30 FEI/Philips), energy dispersive X-ray spectroscopy (EDS) and electron backscatter 
diffraction (EBSD, Zeiss Merlin SEM equipped with a Nordlys EBSD camera). For this purpose, the samples were mounted 
and subsequently ground and polished by standardized methods [2]. To determine the microhardness of the powder 
particles and compacts a Vickers pyramid with a force of 1 N (HV0.1) for 5 s (Wilson VH 3300) will be carried out.  

Results and Discussion 
The GA V-9Si-5B powder particles, shown in Fig. 1a, appears with a regular formed shape, almost spherical, and tiny 
fractions of agglomerated particle compounds. A narrow sizing of the powder material (45 µm - 125 µm) provides good 
flow properties due to reduced interparticulate adhesive forces and less friction among the particles [3], needed for 
uniform build rates in the AM process. 
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Fig. 1: a) Morphology of GA V-9Si-5B powder particles, b) Microstructure of a V-9Si-5B particle with primarily solidified 
Vss dendrites and fine eutectic regions 
 
The chemical composition of the powder material after GA fits the initial alloy composition V-9Si-5B (at.%), indicating a 
process without significant losses of the elemental raw material. Some of the GA particles show up with cavities, which 
can be attributed to gas inclusions from the atomization process. The microstructure of the powder particles appears 
with a certain fraction of primarily solidified Vss dendrites (as expected according to the phase diagram [4]) surrounded 
by very fine eutectic regions composed of the Vss phase and the intermetallic phases V3Si and V5SiB2 (dark grey in Fig. 
1b), indicating rapid cooling during the GA process.  

Fig. 2: a) Macrograph of DED V-9Si-5B compact, b) Microstructure showing a distinct zone from the cladding process 
(center) surrounded by eutectic regions of Vss, V3Si and V5SiB2.  
 
Out of the powder material compact specimens with dimensions of 10 x 15 x 4 mm (height x width x depth) was 
successfully manufactured via DED for the first time for this class of material. In this initial state the compact and crack-
free specimens indicate pore formation with an average diameter of 2 to 80 µm and a volume fraction of approximately 
6 % (optical measurement, Fig. 2a). The origin of the pores might be due to the powder quality (e.g. hollow particles) or 
the process (e.g. Ar bubbles in the melt) which difficults the interlayer bonding or generally causes pore formation and 
need to be eliminated by adjusting the GA as well as the AM process. The SEM picture of the compacts (Fig. 2b) presents 
a microstructure showing a distinct zone of primarily solidified Vss and V3Si phases (marked within the dashed lines in 
Fig. 2b) resulting from the layer-wise cladding of the DED process next to eutectic structures of Vss, V3Si and V5SiB2. 
Further microstructural investigations and first mechanical tests are in progress. 
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Introduction 
Twinning of the ordered D019-α2 phase will require long-distance shuffling of atoms to fulfill the mirror symmetry 
between twin and parent lattice [1] and no evidence of twinning was reported for stoichiometric α2 alloys so far [2]. 
Nevertheless, in off-stochiometric single phase α2-based alloys, twin structures were recognized by several researchers, 
however, there was a remarkable disparity between the observed twinning elements [3,4]. In some cases also, the 
twinning elements were not determined since the twinning morphology was only observed but not analyzed. Most of 
the studies have pointed out that the interchange shuffling is a critical step for fully establishing twinned structures in 
the D019-α2 phase. In general, the data indicates that the following factors support mechanical twinning in α2 alloys: 1) 
off-stochiometric composition, perhaps Nb-containing; 2) high-temperature (>1000 °C) compression and 3) sample (or 
grain) orientation unfavorable for prismatic glide. However, in two-phase (α2+γ) TiAl alloys, twinning of the α2 phase 
was never observed. As the α2 phase is a significant constituent of modern TiAl based alloys and thus important for 
maintaining strain continuity, it is important to know whether deformation twinning in this phase could be initiated also 
in two phase (α2+γ) TiAl alloys under the above mentioned favorable experimental conditions which facilitates twinning 
in single phase α2 alloys.  

Materials and Methods 
The nominal composition of the alloy is Ti–45Al–8.5Nb–0.2W–0.2B–0.02Y [at.%]. Cylinders in sizes of Ø8×12-mm³ were 
cut from the ingot. High temperature compression was conducted on a Gleeble 3500 equipment at 800 °C. The heating 
rate was 10 °C/s and the samples were held at the testing temperature for 5 minutes to stabilize the heat transfer. A 
strain rate of 0.001 s-1 was applied, and the compression strain was set to 30%. In total, the compression test took 5 
minutes. After compression, the samples were water-quenched to freeze the microstructure. Specimens for scanning 
electron microscopy observation were cut from the center of the compressed samples, then grinded and vibration 
polished. Slices for transmission electron microscopy observation were cut parallel to the loading direction. TEM foils 
were grinded to a thickness of 0.1 mm and further thinned to electron-transparency by twin-jet polishing.  

Results and Discussion 
The twinning morphology within the α2 phase is shown in Figure 1. A number of plates are observed in Figure 1a. The 
α2 phase exhibits large internal stress, as indicated by strain contrast. The selected area diffraction (SAD) pattern of this 
area is shown in Figure 1b. Two [11끫殠�0]α2 zone axes are displayed in Figure 1b, which appear in mirror symmetry. The 
mirror plane, as labelled by the dashed line in the SAD pattern, is (2끫殠�01)α2. After indexing the SAD pattern, an ideal 
twinning relationship can be determined. Twin variants can also be observed in different orientations (Figures 1c-d). 
The twinning elements are K1=(끫殠끫殠끫殠�끫殞), η1=[끫殞�끫殠끫殞끫殜], K2=(끫殠끫殠끫殠끫殠����), η2=[끫殠�끫殠끫殠끫殜�], which are essentially the same as those 
observed by Lee et al. [3]. A high stress concentration appears to be necessary to initiate α2 twinning because it is only 
found in certain severely deformed lamellar structures with heavy γ twinning. For the hexagonal structure, atomic 
shuffling is not necessarily along the shear direction, whereas the atoms have to select one of the nearest positions to 
complete the D019 structure. However, short-range diffusion should take place. Although the deformation temperature 
at which twinning was observed is relatively low (800 °C), during the 5 minutes’ duration of the test it could well be 
possible for atoms to move over the necessary short distances. On the other hand, it should be noted that both the 
matrix and the twin do not perfectly correspond to the α2 phase structure (only could be observed in high-resolution 
TEM image). A similar morphology could be generated by the formation of O phase variants, i.e., those with the 
“polytwin” relationship [5]. However, if such a mechanism occurs, the angle between the basal planes would be 90° or 
60° rather than ∽56° as determined in this study. Thus, O phase formation could be ruled out and the observed features 
really represent twins in the α2 structure. 
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Fig. 1: (a) Multiple-twinning plates of α2 phase with the trace of a twin interface parallel with (22�01)α2; (b) SAD pattern of 
(a) in [112�0]α2 direction, showing the mirror symmetry of twinning; (c) TEM image of two twinning variants along two
{22�01} planes; (d) SAD pattern of the circled area in (c), showing the two branches of the twinning pattern; with a 56°
angle between the basal planes of each twining grain and its matrix.
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Introduction 
γ-TiAl alloys are currently used for production of turbine blades for two low pressure stages of advanced aero engines 
[1]. Having about half the density of Ni-based superalloys γ-TiAl alloys allows to reduce the engine weight and an amount 
of emitted CO2. There is a strong desire to reduce production cost and improve the mechanical properties for industrial 
production of turbine blades. With respect to easier forging the role of the 끫毺0-phase has been discussed in literature 
[2]: “With a reasonable addition of β-stabilizer, metastable 끫毺0 (with B2 structure) phase can be maintained, which is 
favorable for fine-grained structure and better high-temperature deformation behaviors”. Therefore, the investigation 
of the 끫毺0 → 끫毺  phase transformation is of high interest nowadays. In samples with different amounts of several 끫毺-
stabilising elements, the kinetics of the 끫毺0 → 끫毺 transformation have been studied by in situ synchrotron and neutron 
diffraction experiments. 

Materials and Methods 
Ternary TiAl alloys, namely Ti-42Al-yX (y – 1-10 atomic % of Mo, Fe, Cr, Ta, Nb) have been produced by arc melting and 
then heat treated at 1100 °C for 5 or 7 days.  
Neutron and synchrotron radiation have been applied for the diffraction investigation of the β phase ordering 
transformation. This was done in situ using a standard high temperature furnace or a dilatometer at temperatures up 
to 1450 °C. Neutron diffraction experiments were realized at the FRM II, MLZ (Garching near München) in a temperature 
range of 1100 – 1450 °C [3]. The neutron diffraction measurements needed a prolonged data collection time. Therefore, 
step-wise heating has been carried out. A continuous heating ramp from room temperature up to 1450 °C was used in 
the synchrotron radiation experiments carried out at DESY (Hamburg) as the bright high energy beam of the P07 
beamline allowed for much shorter measurement times. 
Spectrums were analyzed by Rietveld refinement [4] applying the batch mode of MAUD program [5].  

Results and Discussion 
Our alloys contain mainly α2, βo/β and γ phases. Smaller scattering angles when using high energy synchrotron radiation 
allowed to collect a higher amount of reflections of different phases simultaneously within a restricted maximum 
diffraction angle. Synchrotron as well as neutron diffraction results are analyzed by refinement of the phase composition 
and lattice constants for βo/β, α2/α and only a parameter for the γ phase. The synchrotron diffraction results allowed 
to refine the site occupancy and temperature B-factor as well as all lattice parameters of all detected phases.  
There is almost no change in phase composition during heating below 1000 °C for most of the samples, however, above 
1000 °C phase transformations could be observed as α2 + γ + βo transformed to α + β + γ at about 1120 °C and then to α 
+ β at about 1250 °C and finally to pure β phase at high temperatures. The γ phase content is not influenced by any of 
the other phase transformations and stayed constant from room temperature up to 1100 °C and slowly disappeared at 
higher temperatures The decrease of γ phase gives rise for a sharper increase of the βo and 끫毸 phases content. The α2 →α phase transformation takes place at about 1115 – 1140 °C almost for all ternary alloys with 2 at.%.  
There is a small decrease of the βo/β content at 1150 - 1190 °C in samples with 2 at.% of Cr and Mo. This corresponds 
most probably to the βo to β transition because of a simultaneous change in site occupancy. Figure 1 shows the phase 
content for Ti-42Al-2Mo based on synchrotron data. The alloy with 2 at.% of Mo exhibited the highest amount of β 
compared to alloys containing the same amount of other β stabilizing elements: 2Fe, 2Cr. Both neutron and synchrotron 
results confirmed the presence of the βo phase in all investigated ternary alloys except Ti-42Al-2Nb and -2Ta. 
Some small amounts of additional phases were found below 1000 °C - the samples with Fe and Nb, contain τ2 or ωo 
phases correspondingly in the temperature range of 650 – 800 °C. 
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Fig. 1 Phase composition, Ti-42Al-2Mo, determined by high-energy x-ray diffration 
 
The change of lattice constants during in-situ heating has been refined and exhibits a homogeneous increase with up to 
0.02 Å difference to the room temperature values. The phase transformations 끫毺0 → 끫毺 , and 끫毸2 → 끫毸  have been 
estimated via site occupancy refinement. The site occupancy coefficient refinement gave maximum values for the β 
phase below 70 %. This can be explained by the phase non-stoichiometry and by the different chemical composition of 
our alloys. However, the site occupancy coefficient for the 끫毸2/끫毸 phase is higher than for the β phase and lies between 
90 and 100 %.  
The temperature of the order-disorder phase transformations was determined by both diffraction methods, 
synchrotron and neutron. Differences up to 20 °C were found in some alloys which can mainly be attributed to the 
influence of the different heating ramps. 
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Introduction 
Current research on ultra-high temperature metallic materials focuses on multi-phase Mo-Si-B alloys, which are 
potential candidates for novel turbine materials or other ultra-high temperature applications. The most interesting alloy 
compositions in the ternary Mo-Si-B system are located within the three-phase field between the Mo solid solution 
(Moss) phase and the silicides Mo5SiB2 (T2) and Mo3Si (A15), known as the so-called “Berczik-triangle”. Various alloy 
compositions were investigated in the past, and it could be shown that three-phase alloys have a good combination of 
high temperature strength, oxidation resistance and fracture toughness [1,2]. Furthermore, outstanding creep 
properties of directionally solidified near-eutectic Mo-Si-B alloys, e.g. Mo-17.5Si-8B, even above temperatures of 1100 
°C, indicate the enormous potential of this type of microstructure [3]. However, ingot processing is challenging due to 
the high melting point of Mo-Si-B materials being typically >2000 °C (eutectic Moss-Mo3Si-Mo5SiB2 alloy: TM ~ 2000 °C). 
Due to this reason, different multi-step powder metallurgical (PM) processes were often used in the past to produce 
dense Mo-Si-B samples under laboratory conditions [4]. However, the introduction of additive manufacturing (AM) 
techniques represents an important innovation that will allow the production of complex bulk materials [5].  

Materials and Methods 
The PM processing of different Mo-9Si-8B(-1Zr) alloys was done in a multi-step procedure: mechanical alloying (MA) 
followed by either cold isostatic pressing, sintering and hot isostatic pressing or field assisted sintering (FAST) as 
described in [6,7]. Directional solidification (DS) of near-eutectic alloys in a crucible-free furnace is described in [8]. For 
additive manufacturing alloys from the vicinity of the eutectic point, namely Mo-13.5Si-7.5B and Mo-16.5Si-7.5B, were 
chosen for the production of bulk samples by Directed Energy Deposition (DED) [5] and Laser Powder Bed Fusion (LPBF). 
In both processes Ar gas atomized powders were used. The bulk materials resulting from the different processes were 
characterized by SEM in combination with EDS, EBSD, X-ray diffraction analyses, microhardness measurements and 
compressive creep tests. 

Results and Discussion 
There is a significant correlation between the alloy composition, the process parameters and the microstructural as well 
as the mechanical properties. Fig. 1 shows representative micrographs of differently processed three-phase Moss-Mo3Si-
Mo5SiB2 alloys. The PM alloy (left) is consolidated from mechanically alloyed powders. Typical features of such PM alloys 
are the fine grains (about 1-5 µm) and the homogeneous distribution of the phases. If MA leads to well-homogenized 
powders and the alloy contains a volume fraction of ≥ 50 % Moss, the Moss (light gray) forms a continuous network and 
the silicide phases (medium and dark gray) are insulated in the Moss matrix. This is essential for decreasing the BDTT 
and improving the fracture toughness of such alloys [4,6]. The understanding for the correlation between the process 
parameters and the resulting properties of PM alloys is well-advanced. However, the drawback of PM processes are 
impurities, like oxygen. 
Additively manufactured Mo-Si-B alloys are not as well-established. One of the results of an ongoing cooperative project 
(LextrA, funded by the BMBF) is shown in the middle of Fig. 1. As compared to the PM alloy with a similar chemical 
composition the microstructure evolution in the AM alloy is due to primary solidification of large Moss islands, followed 
by the solidification of the eutectics. It could be shown that small, dense and crack-free samples can be manufactured 
from gas atomized powders by DED [5] and LPBF processes. Both variations provide a good creep behavior.  
Directional solidification allows to process anisotropic microstructures as shown exemplarily in Fig. 1 (right). Eutectic 
Mo-Si-B alloys have a silicide matrix, their main constituent is Mo3Si. Eutectic and near-eutectic DS alloys have an 
excellent creep resistance [8] and a good oxidation resistance.  
FEM analyses demonstrate the great potential of multi-phase Mo-Si-B alloys as turbine blade materials in comparison 
to Ni-based superalloys [9]. Such calculations allow to design and tailor Mo-Si-B-X alloys for different ultra-high 
temperature applications considering the typical features, which result from the different processes PM, AM and DS.      
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Fig. 1: Process-dependent microstructures of Mo-Si-B alloys. left: powder metallurgically (PM) processed; middle: 
additively manufactured (AM) and right: directionally solidified (DS) eutectic microstructure 
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Introduction 
The refractory metal (RM) systems based on Mo and V share unique similarities in both RM-Si-B ternary systems 
(RM = Mo, V). Almost identical phases and phase fields can be found in which a three-phase field, consisting of a 
refractory metal solid solution (RMSS) and the two intermetallic phases RM3Si and RM5SiB2 [1,2], exists. This three-phase 
field is already of special scientific interest with respect to the Mo-based system and can also be found in the V-based 
system. Recent investigation further confirmed the existence of a ternary eutectic reaction within this three-phase field 
of both refractory metal systems [3–5]. A major difference between those two RMSS-RM5SiB2-RM3Si ternary eutectics is, 
however, the volume fraction of phases. While the MoSS-Mo5SiB2-Mo3Si eutectic consists mainly of the of the A15-
stuctured Mo3Si phase, the major phase within its VSS-V5SiB2-V3Si ternary eutectic counterpart is formed by the A2-
structured vanadium solid solution phase. 
Compared to the Mo-Si-B system, a ternary eutectic with the VSS as major phase is attractive concerning its mechanical 
properties. While Mo-based near eutectic Mo-Si-B alloys are very creep and oxidation resistant, their brittle-to-ductile 
transition temperature (BDTT) is quite high. Near-eutectic V-Si-B alloys, however, are expected to have relatively low 
BDTTs due to the high amount of ductile vanadium solid solution phase in the ternary eutectic microstructure. 
Vanadium-based alloys are in recent focus as promising and new type of low density high temperature materials. This 
work describes a study of the microstructure evolution and mechanical properties by compression tests of different V-
Si-B alloys as well as the V(Si) solid solution phase. 

Materials and Methods 
The V-Si-B alloys of the present study were taken from different primary solidification fields of VSS, V3Si, and V5SiB2. 
Furthermore, V(Si) solid solution alloys with different Si concentrations ranging from 1-7 at.% were chosen for 
investigation. The alloys were processed via conventionally arc-melting and samples were manufactured by electrical 
discharge machining. 
Room temperature compression tests were performed using an electro-mechanical universal testing machine and a 
constant crosshead speed corresponding to an initial (engineering) strain rate of 10-3 s-1. The room temperature yield 
stresses were determined by the 0.2% offset method. The obtained results were evaluated by SEM-EBSD scans and 
TEM. 

Results and Discussion 
The present study represents a first systematic study of room temperature compressive behavior of V-Si-B alloys [6]. 
Exemplarily, the microstructure of alloy V-10Si-10B after compression testing at room temperature is shown in Fig. 1. 
Beside large V5SiB2 primary crystals with a needle-like morphology, the alloy V-10Si-10B consists of secondary V3Si 
phases and large VSS-V5SiB2 two-phase eutectic areas. The alloy showed yielding at 1260 ±50 MPa and can be plastically 
deformed up to 2.5 % until brittle fracture occurs. In the deformed microstructure, cracks are clearly visible in the dark 
gray, primary V5SiB2 phases and in the gray, secondary V3Si phases. Furthermore, crack bridging and deflection can be 
observed within the two-phase eutectic VSS-V5SiB2 grains in which the VSS carries the plastic deformation and is able to 
even stop the crack propagation at brittle-ductile interfaces. 
Fig. 2 shows a small section of a deformed VSS-V5SiB2 eutectic grain. Dislocation networks due to the plastic deformation 
can clearly be observed in the VSS phase while the intermetallic V5SiB2 phase is dislocation-free. Compared to other 
three-phase V-Si-B alloys investigated in the present study, the volume fraction of the ductile VSS phase controls the 
plastic deformability of these alloys. Thus, with increasing volume fraction of the VSS phase the yield stress decreases 
while the plastic strain increases. Since alloys with three different primary phases, namely VSS, V3Si, and V5SiB2, are 
investigated, the alloy containing primary VSS dendrites has the highest plastic strain compared to the other respective 
primary crystallization areas. 
The V-Si-B alloys and the single-phase VSS alloys investigated in the present work show room temperature plasticity 
during compression tests. This finding is really unexpected, since Mo-Si-B alloys including comparable Si and B 
concentrations are fairly brittle at RT and even at higher temperatures up to 800 °C. The VSS phase is ductile up to its 
maximum Si solubility (≈ 7 at.%). 
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Fig. 1: Deformed microstructure of V-10Si-10B with 2.5 % 
plastic strain  

Fig. 2: STEM bright field image of a binary eutectic section 
in alloy V-10Si-10B showing the presence of dislocations 
only in the VSS phase. 
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Introduction 
MoSi2/Mo5Si3 eutectic composites are promising materials suitable for ultra-high temperature structural applications 
because of its high eutectic temperature above 1900 ºC and good high-temperature mechanical properties due to their 
very fine microstructure of script-lamellar type developed by directional solidification (DS). However, further 
improvement of high temperature strength and poor fracture toughness at room temperature is required for their 
practical applications. Recently, we have systematically investigated the influences of ternary and quaternary additions 
on the microstructural characteristics and mechanical properties of MoSi2/Mo5Si3 DS eutectic composites and have 
revealed that Ta addition is beneficial in improving room-temperature fracture toughness and high-temperature 
strength of DS MoSi2/Mo5Si3 eutectic composite [1-4]. These previous results suggest that further improvement of 
room-temperature fracture toughness and high-temperature strength of the eutectic composite is highly possible if 
much finer and homogeneous lamellar microstructure is obtained by optimizing the growth conditions during the DS 
process. In this study, we have investigated the influences of growth conditions of the DS process on microstructures 
and mechanical properties of DS MoSi2/Mo5Si3 eutectic composites with ternary and quaternary additions in order to 
establish a way to further improve their mechanical properties through microstructure optimization. 

Materials and Methods 
Ingots of MoSi2/Mo5Si3 eutectic alloys with ternary and quaternary additions were prepared by arc-melting. DS ingots 
were grown by floating zone (FZ) method at growth rates ranging from 10 to 200 mm/h using two types of optical 
floating zone furnaces equipped with either (a) two halogen lamps or (b) one Xe-arc lamp as the heat source. 
Microstructures and chemical compositions of constituent phases of the DS ingots were investigated by scanning 
electron microscopy (SEM). Compression tests were carried out on an Instron-type testing machine at a strain rate of 1 
× 10−4 s−1 at temperatures ranging from 1000 to 1400 °C in vacuum. The loading axis of [11�0]MoSi2, parallel to the growth 
direction of the DS ingots, was selected. Room-temperature fracture toughness were evaluated by the indentation 
method.  

Results and Discussion 
A homogeneous script-lamellar structure is observed for most DS ingots grown at relatively low growth rates, while a 
heterogeneous cellular-structure with the fine eutectic lamellae in the center of the cells surrounded by the coarse ones 
at the cell boundaries is developed at higher growth rates especially in the DS eutectic composites with ternary and 
quaternary additions (Fig. 1(a)). The occurrence of the homogeneous-to-cellular transition at relatively low growth rates 
for ternary and quaternary alloyed DS eutectic composites is found to be suppressed successfully when the DS ingot is 
grown using a FZ furnace equipped with a Xe-arc lamp source with a higher temperature gradient (Fig. 1(b). Average 
lamellar thickness of the eutectic composites with a homogeneous script-lamellar structure decreases with increasing 
growth rate basically following the Jackson-Hunt relationship [4]. Both high-temperature strength and room-
temperature fracture toughness of Ta-alloyed eutectic composites are confirmed to be improved drastically with the 
decrease in the average lamellar thickness maintaining the microstructure homogeneity achieved through the 
optimization of the growth conditions during the DS process. 
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Fig. 1: Typical microstructures of MoSi2/Mo5Si3 eutectic composites with Ta directionally solidified in FZ 
furnaces with (a) two halogen lamps and (b) Xe-arc lamp as the heat source. Dark and bright regions 
correspond to MoSi2 and Mo5Si3, respectively. 
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Introduction 
In order to cope with increasing demands for materials in high temperature applications, focus is placed on the 
development of alternatives to Ni-based superalloys. Especially in turbine applications, Ni-based superalloys operate at 
their limits as the solvus temperature of γ’ of about 1100 °C should not be exceeded [1]. Thereby, the turbine efficiency 
is limited by the maximum operating temperature in the range of 1400 °C when thermal barrier coatings or cooling 
techniques are applied [2]. With the aim to enhance the turbine efficiency by increasing the operating temperature, 
Mo-Si based alloys with melting temperatures in the order of 2000 °C are of interest. Among the different published 
concepts for Mo-Si based alloys, the concept of macro-alloying Mo-Si-B alloys with Ti has shown promising results 
regarding an adequate creep resistance combined with a suitable oxidation resistance at temperatures above 1000 °C 
[3, 4, 5]. The main advantages of this alloying strategy are: (i) stabilisation of Mo5Si3 which can substitute the less-
oxidation resistant phase Mo3Si, (ii) considerable density reduction and (iii) improvement of the creep resistance of the 
Mo solid solution MoSS due to solid solution strengthening by Ti. In order to further benefit from macro-alloying with Ti, 
ternary Mo-Si-Ti alloys have been developed. Here, one profits from eutectic (L → MoSS + Ti5Si3) and eutectoid reactions 
(Mo3Si → MoSS + Mo5Si3) which result in fine lamellar microstructures [6]. These are promising regarding quick 
passivation of the metal substrate during oxidation even without the addition of B. An almost entirely binary eutectic 
alloy consisting of MoSS and Ti5Si3 is found to possess an outstanding oxidation resistance, even at 800 °C where pesting 
is typically observed in Mo-Si based alloys [6]. In contrast, an almost entire eutectoid alloy comprising MoSS and Mo5Si3 
suffers from pesting, but shows significantly improved creep resistance compared to the eutectic alloy [6]. Both alloys 
possess promising low densities of only 6 to 7 g/cm3 [6]. In order to combine both, suitable oxidation and creep 
resistance, novel Mo-Si-Ti alloys with tailored eutectic-eutectoid microstructures, comprising MoSS, Mo5Si3 and Ti5Si3, 
are developed in the present study. 

Materials and Methods 
Alloy development was guided by thermodynamic calculations based on the Calphad method. Therefore, the PANDAT 
software package (version 2018) and the commercially available database (PanMo2018a) were used. The alloys were 
arc-melted from high-purity elements under Ar-atmosphere in an AM/0,5 arc melter by Edmund Bühler GmbH. Samples 
were electrical discharged machined and differently prepared depending on their intended use: (i) oxidation and creep 
samples were ground down to SiC grit P2500 and (ii) metallographic samples were additionally polished to 1 µm 
diamond suspension and finished using colloidal suspension (OPS). Microstructural analyses were performed using a 
LEO EVO 50 scanning electron microscope (SEM) by Zeiss with an integrated energy dispersive x-ray (EDX) spectroscopy 
system. Compressive creep tests were performed under vacuum at 1200 °C at varying constant true stresses from 50 to 
300 MPa on a universal testing machine by Zwick equipped with a vacuum furnace by Maytec. Cyclic and isothermal 
oxidation tests were carried out at 800 °C, 1100 °C and 1200 °C for up to 100 h. The cyclic oxidation tests were conducted 
under laboratory air in muffle furnaces provided by Gero and Nabertherm, while the isothermal tests were conducted 
under synthetic air using a thermogravimetric analyser STA449 by Netzsch. 

Results and Discussion 
Besides the eutectic Mo-20Si-52.8Ti (at%) and the eutectoid Mo-21Si-34Ti (at%) reference alloys, two novel alloy series 
within the chemical composition range framed by the two reference alloys were investigated. Namely, the Ti-rich alloy 
series A (A1: Mo-21Si-43.4Ti, A2: Mo-20.5Si-43.4Ti) and the Ti-lean alloy series B (B1: Mo-21Si-38.7Ti, B2: Mo-20.25Si-
38.7Ti). The Si-content was slightly varied within these alloy series in order to adjust the amount of primary solidified 
MoSS which is believed to be detrimental for oxidation resistance but beneficial for creep resistance. To yield complete 
eutectoid decomposition of Mo3Si, an additional heat-treatment of the B alloys at 1300 °C for 200 h is required. 
Microstructural analyses of the novel alloys reveal tailored, eutectic-eutectoid microstructures with adjustable volume 
fraction of primary solidified MoSS.  
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Experimental studies on the oxidation behaviour show: (i) Comparable oxidation behaviour of all alloys at 1100 °C and 
1200 °C with reasonable low mass change being attributed to the formation of an outer TiO2 oxide scale and an 
underlying SiO2-TiO2 duplex scale. (ii) Outstanding oxidation behaviour of the eutectic alloy with respect to insignificant 
mass change at 800 °C and formation of a mixed SiO2-TiO2 scale. (iii) No pesting behaviour of the A alloys at 800 °C, 
especially alloy A1 showed similar behaviour as the eutectic alloy. However, some inhomogeneous internal oxidation 
was observed, especially in alloy A2 which contains an increased volume fraction of primary solidified MoSS. Finally, (iv) 
pesting behaviour of the eutectoid alloy and the B alloys at 800 °C was noted. It was found that initial oxidation in the 
A and B alloys occurs preferentially in the eutectoid regions. Therefore, the volume fraction of eutectic might be 
essential to suppress pesting as in the A alloys comprising minimum 50 vol% eutectic pesting does not occur. 
Furthermore, it is supposed that there exists a Ti threshold content solved in MoSS for pesting to occur which increases 
from 24 at% (eutectoid alloy) through 28 at% (B alloys) to 31 at% (A alloys) and finally 55 at% (eutectic alloy).  
On examination of the compressive creep behaviour of the A alloys, it can be noted that their minimum creep rate lies 
in between the creep resistant eutectoid alloy and the oxidation resistant eutectic alloy. A further slight improvement 
of creep resistance could be achieved by increasing the volume fraction of primary solidified MoSS (alloy A2). All alloys 
discussed here exhibit stress exponents between 3 and 4 which proves creep deformation to be dislocation climb 
controlled [6]. In conclusion, this work successfully introduces novel Mo-Si-Ti alloys with tailored, eutectic-eutectoid 
microstructures which enable balanced combinations of oxidation and creep resistance. 
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Introduction 
Titanium Aluminides have very high specific strength, low density and high operating temperature [1]. These properties 
make these alloys amenable for the replacement of Ni-based superalloys used in gas turbines [2]. Currently, it is used 
in low pressure regime in as-cast condition, but for the application in high pressure regime, it is desirable to develop 
wrought titanium aluminides [3]. The objective of the present investigation is to develop a theory which leads to the 
maximum recrystallisation during the deformation. 

Materials and Methods 
Titanium aluminides with nominal composition of Ti-48Al-2V-2Nb at.% were prepared from the vacuum arc melting 
furnace in argon atmosphere. Cylindrical samples of the dimension ∅6×9 mm³ were prepared and the machining was 
carried out in such a way that its c-axis was perpendicular to solidification direction. Hot deformation of the finished 
samples was performed on the Gleeble 3800, in the argon atmosphere to avoid the oxidation. The deformations were 
performed at the strain rate of 10 s-1 and for the temperatures of 1000, 1100, 1150 and 1175 ˚C (1000 and 1100 ˚C are 
ordered region, 끫毸2 − phase and 1150 and 1175 ˚C are dis-ordered regime, 끫毸 – phase). The heating rate and soaking 
time was 3 ˚C/s and 5 min, respectively, to equilibrate the microstructural features at the deforming temperature. To 
characterise the mechanism of softening, the samples were deformed to 50% (~0.7 true strain). Deformed samples were 
characterised by the ESEM Quanta 200 and EBSD measurements were carried out on the HELIOS. 

Results and Discussion 
Deformation curves and microstructural features reveal that the fraction of dynamically recrystallized grains increased 
with the rise in deformation temperature. With the deformation, the deviation from the orientation relationship was 
also identified. The result reveals that deformation in the disordered regime leads to the more deviation from the OR 
of TiAl and Ti3Al phase. Further analysis showed that the nucleation of dynamically recrystallized grains occurs at the 
twin-parent grain boundary and within the laths. These recrystallized grains were forming in {111} – oriented planes 
when these planes tilt at a particular angle with respect to the compression direction. In addition to it, the softening 
behaviour and change in crystallographic orientation of the laths during hot deformation were also analysed. It was 
observed that these laths were twisted by 15° under the unidirectional compression. In order to comprehend the twist, 
tilt and dynamic recrystallization of TiAl and Ti3Al laths, a new mechanism has been proposed. Mechanism explains the 
systematic procedure of the lath kinking, breaking, its rotation and mechanism of the dynamic recrystallisation. 
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Introduction 
γ-TiAl based alloys, mainly consisting of β-Ti, α2-Ti3Al, and γ phases, are promising material for high temperature 
applications up to 800°C because of their light weight and high creep strength. However, the application of this material 
to jet engines is limited to the last stages of low-pressure turbine blades. In order to apply this material to other parts, 
improvement of properties such as room temperature ductility and crack growth resistance is essential. β phase is 
generally considered to be a detrimental phase in TiAl based alloys because it’s a hard and brittle at room temperature 
and soft at high temperature [1]. In our group, however, a microstructure design principle for improvement of hot 
workability using β phase has been developed [2], and we have demonstrated that β phase can improve creep resistance 
and fatigue crack growth resistance by controlling the microstructure properly [3,4]. This means β phase itself is not 
detrimental. In order to understand the role of each microstructure constituent in mechanical properties and obtain a 
new guideline for microstructure design, it is important to capture local strain behavior of each microstructure 
constituent at microscopic scale. In the present study, we have conducted tensile tests to TiAl alloys with microstructure 
constituents of α2/γ lamellar colonies, β phase, and γ phase at room and high temperature, and local deformation 
behavior has been analyzed using in-situ and ex-situ SEM observation and digital image correlation (DIC) based strain 
measurement. 

Materials and Methods 
Alloys presented in this study are Ti-Al-M1-M2 (M: β stabilizing V or VI group element). These alloys were fabricated 
using cold crucible induction melting and gravity casting, and forged by one stroke at 1573 K. Then, the forged alloys 
were heat-treated to control microstructure based on our phase diagram studies. The microstructures consist of α2/γ 
lamellar colonies, β phase, and γ phase with a wide range of volume fraction and morphology. Two typical examples are 
nearly lamellar (NL) and nearly β/γ globular duplex (NGDP). NL microstructure shows α2/γ lamellar colonies with a 
diameter of 100 µm and small amount of β and γ grains on the lamellar colony boundaries, and NGDP microstructure 
shows mainly globular β and γ phases with diameters of 20 µm. The volume fraction of lamellar colony is 90% and 6% 
respectively. Tensile tests were performed on flat dog bone shaped specimens with a gage section of 1×3 mm2 and a 
gage length of 14 mm in a FE-SEM at room temperature and 1073 K. The elongation was measured from the 
displacement of cross head and the distance of markers introduced with a Vickers hardness tester. In-plane strain fields 
after and during tensile were measured from SEM secondary electron images of sample surface using DIC technique. 
The spatial resolution of strain measurement is approximately 1–2 µm. Before testing, crystal orientation analysis was 
conducted by SEM-EBSD method. 

Results and Discussion 
Fig. 1 shows engineering stress vs. plastic strain curves of NL and NGDP samples at room temperature. The NL sample 
shows a fracture stress of 761 MPa and an elongation of 0.14%, and the NGDP sample shows a higher fracture stress 
and elongation of 871 MPa and 0.49%. Fig. 2 shows a backscattered electron image of NGDP sample before deformation 
(Fig. 2 (a)) and a strain map for the corresponding region after fracture (Fig. 2 (b)). In β/γ duplex microstructure, strain 
is mainly observed in γ grains and in β phase regions near β/γ phase boundaries. In γ grains, slip lines or micro twins are 
observed along one or more {111} plane traces, and high localized strain occurs along them. On the other hand, grain 
interior of β phase shows no obvious deformation feature and high strain occurs only near β/γ phase boundaries. β 
phase is harder than γ phase at room temperature in TiAl alloys. Thus, this localized strain near β/γ phase boundaries 
could be caused by dislocation pile-ups at the boundaries from deformation of γ phase. Average strain of each phase is 
calculated from the strain measurement and EBSD result in the area shown in Fig. 2, and γ phase shows higher strain 
than β and α2 phases by a factor of 2.5–3. However, γ single phase alloy shows limited elongation of 0.06% [5]. 
Therefore, it is suggested that the existence of β/γ phase boundaries improves room temperature ductility of TiAl alloys 
by inducing deformation of β phase and multiple slip in γ grains. Deformation behavior at high temperature will also be 
presented. 
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Fig. 1 Engineering stress vs. plastic strain 
curves of NL and NGDP samples. 

Fig. 2 (a) Backscattered electron image of NGDP sample before 
deformation, (b) strain map for corresponding region after fracture. 
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Introduction 
Titanium-based ortho alloys are a relatively promising direction for the development of intermetallic alloys. The 
temperature O phase formation about 950°C limits 600-700 °C the maximum operating temperature of this alloys, which 
is significantly lower than the gamma of titanium alloys (> 700 °C), but higher than solid-solution titanium alloys based 
on α-phase (<600 °C). Acceptable creep resistance combined with enhanced crack resistance relative to gamma titanium 
aluminides make the O-based alloys attractive. Unlike gamma aluminides and pseudo α-titanium alloys, β+O based 
titanium alloys are heat-strengthened, which gives additional advantages in adapting the properties of the alloy to the 
processing stage: a strength decrease at the deformation and machining stage, obtaining the target strength and 
complex properties in the finished geometry of the product. Despite the clear principles of structure formation [2,4,6] 
the questions of the strengthening O-phase morphology related with initial structure, remain open. Understandable 
general tendencies in relation of structural parameters and short-term properties and creep resistance in some cases 
change to contradict general trends. 
The paper considers the influence of the type of the initial structure with a large proportion of the primary O-phase on 
the morphology of the selection of the strengthening O-phase, as well as the relation of the structure with mechanical 
properties and creep resistance. 

Materials and Methods 
X-ray diffraction analysis (XRD) of samples was performed on a Bruker D8 Advance diffractometer with a LynxEye 
detector. XRD patterns were taken in copper radiation in the following conditions: tube voltage of 40 kV, tube current 
of 40 mA, step size 0.02°, exposure 0.5 sec per point. The lattice parameters were refined using TOPAS 3 software by a 
whole pattern modeling in the angle range of 34 to 43 º 2θ. The qualitative phase analysis of the annealed samples was 
performed using crystallographic database PDF2007 and software package EVA13.0.0.3. The diffractоmeter was aligned 
using the corundum (NIST SRM1976b). Vickers micro hardness measurements were made using a diamond square 
pyramid indenter and 1000 g load by Struers Duramin 5 tester. Cold tensile testing was performed for the compliance 
with ASTM E8 on samples with gauge diameter 6.35 mm – two samples per each heat treatment condition. Structure 
was examined on sample grip sections using SEM Quanta 3D FEG with the phase contrast in back-scattered electrons. 
Chemical composition of phases was determind with EDS EDAX Genesis 2000 with Si-Li detector. Micro slices for SEM 
examination were prepared by electropolishing in electrolyte: 1 part by volume of perchloric acid (HClO4), 4 parts by 
volume of glacial acetic acid, voltage 60-70 V. 

Results and Discussion 
The morphology of the release of the O phase is drived by the overcooling temperature relative to the equilibrium 
temperature of the release of the β-phase, as well as the number of β-phase defects at which the O-phase originates. 
The O-phase released in the β-grain recrystallized in β-field is on average 2 times longer with a close thickness compared 
to O-phase created from β-phase recrystallized in α2 + β field. Homogeneous growth of the O-phase during slow cooling 
from these temperatures results in a similar morphology, much more coarse compared with the isothermal release. 
Strength and plasticity correlate well with the dispersion of the O-phase. Subsequent aging at temperatures below 750 
°C changes the morphology of the O-phase in accordance with the initial morphology of the primary O-phase. In 
structures with a small primary O-phase homogeneous growth occurs with an increase in the volume fraction (Fig.1), 
and in structures with a coarse primary O-phase, a heterogeneous mechanism is released (Fig.2), and the dispersion of 
the О-phase increases with decrease in temperature of aging. It does not find a directly proportional response in 
strength and ductility, in some cases leading to softening. Resistance to creep of various structures also does not 
correlate with the morphology of the primary and secondary secretions of the O-phase. 
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Fig. 1: Microstructure а) initial from α2 + β region 
with 50% primary O-phase, b) + 750°C, 6h aging  

Fig. 2: Microstructure а) initial from β region with 
50% primary O-phase, b) + 750°C, 6h aging 
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Introduction 
Titanium aluminides (TiAl) have been successfully implemented as high-temperature materials in today´s commercial 
aero-engines. However, their maximal service temperature is limited to approximately 750 °C, among others, because 
of their insufficient oxidation resistance [1]. Above this temperature, oxidation leads to the formation of a fast growing 
non-protective, mixed oxide scale that consists of mainly TiO2 and Al2O3. Additionally, an undesirable oxidation-induced 
embrittlement of the alloys can occur, being accompanied with a degradation of the mechanical properties at room 
temperature [2]. As a matter of fact, the oxidation behavior of TiAl is often investigated at temperatures well above the 
actual service temperature of the alloys. Therefore, within this study, a comparative investigation on the oxidation 
behavior of two TiAl alloys has been undertaken covering a wide temperature range together with a considerable 
duration of exposure.  

Materials and Methods 
Within the scope of this study, the isothermal oxidation behavior of the two commercial TiAl alloys TNM-B1 and GE 48-
2-2 (both in HIPped conditions) has been investigated at 600-900 °C for 24–1000 h in air. TGA measurements for up to 
100 h in air have been additionally conducted to generate information about the fundamental oxidation kinetics of both 
alloys. Under the assistance of different metallographic techniques (XRD, SEM, EDS and EPMA), the basic morphology 
of the oxide scales as well as potential microstructural changes directly at the interface between the oxide scale and the 
substrate have been characterized. Moreover, four-point-bending tests and nanoindentation measurements after 
exposure were conducted at room-temperature in order to investigate the actual influence of oxidation on the 
mechanical properties.  

Results and Discussion 
Both alloys show a rather negligible mass gain after 100 h at 600 °C and 700 °C in air, moreover, the surfaces appear still 
metallic and golden in color. Interestingly, mass gain of the GE 48-2-2 alloy strongly raised at 800 °C, whereas the TNM-
B1 showed only a slight increase compared to the exposure at 700 °C. Henceforth, the surfaces no longer appear metallic 
but are covered by a gray oxide scale. Both alloys exhibited nearly the same mass gain after exposure at 900 °C for 100 
h. The thick oxide scales no longer adhered well at the surfaces but partially spalled off during cooling. Metallographic 
investigation of the cross sections after exposure at 600 °C and 700 °C revealed an oxide scale thickness in the nm-scale. 
Nevertheless, needle-like precipitates were observed within the β0-grains, which were located directly at the surface. 
After 1000 h at 700 °C, these precipitates have been identified in even deeper regions of the substrate 10 μm below the 
thin oxide scale (Fig. 1). While only a 3 μm thick oxide scale has formed on the TNM-B1 alloy after oxidation at 800 °C, 
an even thicker oxide scale on the GE 48-2-2 already shows the well-known structure of oxides that can be typically 
observed on TiAl alloys after oxidation (Fig. 2). TiO2 has formed as an outermost layer, followed by an Al2O3-rich/TiO2 
intermediate zone. Moreover, a mixed Al2O3/TiO2 layer has formed below. Nitrogen ingress has lead to the formation 
of a continuous Ti(Al)N layer at the interface between the oxide scale and the substrate for both alloys. In case of the 
GE 48-2-2 alloy, Cr/Nb-rich phases were identified directly below the Ti(Al)N-layer. Henceforth, coarsen needle-like 
precipitates in the β0-phase have been observed 15 μm below the oxide scale. Noticeably, EPMA analysis revealed 
oxygen enrichment in those near-surface β0-grains displaying the characteristic needle-like precipitates. Moreover, 
under the assistance of EDS analysis, it was found, that these precipitates were α2-Ti3Al phase. The transformation of β0 
to α2 led to a partitioning of the β–stabilizing elements which was characterized by a distinctive enrichment of the 
remaining β0–phase in Mo and Nb.  
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Fig. 1: BSE image of the TNM-B1 alloy after exposure at 
700 °C for 1000 h in air. Needle-like precipitates are 
indicated by the black arrows. The affected subsurface 
zone is denoted by the dashed line.   

Fig. 2: BSE image of a layered oxide scale that has formed 
on the GE 48-2-2 alloy after exposure at 800 °C for 100 h in 
air.  

 
Four-point-bending tests after exposure for 100 h at 600-900 °C substantiated a noticeable degradation of the 
mechanical properties at room temperature for both alloys. While values for the fracture toughness and strain reached 
approximately the same moderately decreased level after exposure at 600, 700 and 800 °C for 100 h, a further 
degradation was observed after exposure at 900 °C.  
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Introduction 
The creep properties of TiAl alloys, as well as the corresponding activation parameters, have been measured in 
numerous TiAl alloys possessing various microstructures [1]. Due to a lack of systematic studies, the deformation 
mechanisms activated during creep are still poorly understood, in particular at temperatures higher than 800°C. Hence, 
the aim of this paper is to study the deformation mechanisms activated during the first stages of the creep of the W-
containing IRIS TiAl alloy at 850°C under 150 MPa.  

Materials and Methods  
The material used in the present work is an IRIS-TiAl alloy (Ti-Al48-W2-B0.1, at.%) which was densified by Spark Plasma 
Sintering [2] at the PNF2 (Plateforme Nationale de Frittage Flash/CNRS of Toulouse, France). Its microstructure is formed 
by small lamellar grains (GS < 50 µm) surrounded by borders made of γ grains. 
Fig. 1 shows the creep curve obtained at 850°C 
under 150 MPa. Under this solicitation, the 
minimum creep rate was 6x 10-8 s-1, and the creep 
life 260 h. The durations to reach 0.2, 0.5 and 1% of 
plastic strain were 0.15 h, 1.86 h and 13h, 
respectively. To study the deformation 
mechanisms, TEM (Transmission Electron 
Microscope) investigations were performed on thin 
foils extracted in a sample crept at 850°C, under 150 
MPa, till 1.5% of plastic strain. The TEM specimens 
were cut in the material with the loading axis either 
perpendicular, or parallel to the thin foil plane. 17 γ 
grains of borders and 5 lamellar zones were 
investigated. Fig. 1 : Creep curve at 850°C under 150 MPa. 

Results and Discussion 
Fig. 2 shows different populations of dislocations which were observed in the γ phase. They were fully characterized by 
TEM. The ordinary dislocations of view (a) which are elongated along their screw direction and anchored at many 
pinning points (arrows), were moving by glide in the (111) type planes. The main features of ordinary dislocations of 
view (b) is that they are lying in crystallographic planes which are perpendicular to the tensile axis of the crept sample. 
In this example, the dislocations are in the (1�11) plane but in some other cases, planes of (001) and {101) type have 
been found. The Burgers vector of dislocations of Fig. 2, c is [001] and the loops are in the (001) planes [3]. For these 
two last cases, the ordinary and [001] dislocations are moving by a climb mechanism, for which the elementary process 
is the nucleation and lateral propagation of a jog pair, consistently with the rectilinear aspect of the dislocations. Finally, 
view (d) shows a grain in which two twin systems were activated. 
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(a) (b) 
 

(c) (d) 
Fig. 2: deformation microstructure in the sample crept at 850°C, under 150 MPa, till 1.5% of plastic strain. (a) gliding 
ordinary dislocations, (b) climbing ordinary dislocations, (c) climbing [001] dislocations and (d) twins. 
 
In the discussion section, it will be discussed why these various deformation mechanisms are activated in the same 
condition of stress and temperature and what is the physical processes controlling the creep deformation. It will be 
explained that the high value of the stress dependence for creep [1], in particular the activation volume, is reasonably 
explained by the glide and climb mechanisms evidenced in the present work. 
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Introduction 
Alloys based on γ-TiAl are of great interest for high temperature applications, such as turbine blades, due to their high 
specific strength at elevated temperatures [1], which makes these materials a desirable substitute for currently used 
materials. With the addition of refractory elements like Nb, Mo and W, the high temperature properties can be further 
improved due to their stabilizing effect on the disordered β-phase. The cubic crystal structure of the β-phase improves 
the hot workability of such alloys due to the availability of more independent slip planes. On the other hand, during 
cooling the ordered β0-phase is formed which inhibits an improvement of the ductility at room temperature [2]. An 
optimization of the alloy composition of higher-component TiAl-based alloys to achieve the best possible properties can 
be done either by extensive and costly trial-and-error experiments or by thermodynamic modelling in a computational 
CALPHAD (CALculation of PHAse Diagram) approach provided that a reliable set of experimental data is available. 
However, such data are partly missing or the existing literature is inconsistent especially in the high-temperature range 
above 1000°C as is exemplified in Fig. 1 for the Ti-Al-Nb system at 1100°C [3-6].  

  Li et al. (2018) 

  Eckert et al. (1997) 

  Bendersky et al. (1990) 

  Kattner et al. (1992) 

 α2 + β/β0 

       γ-TiAl + α2 

       α2 + σ-NbAl2 

       γ-TiAl + σ-NbAl2 

       α2 + β/β0 + σ-Nb2Al 
       γ-TiAl + α2 + σ-Nb2Al 
       γ-TiAl + β/β0 + σ-Nb2Al 
       γ-TiAl + α2 + β/β0 

Fig. 1: Experimentally determined partial isothermal section at 1100°C from Li et al. [3] superimposed with 
experimental results from Eckert et al. [4], Bendersky et al. [5] and Kattner et al. [6] regarding phase equilibria 
between the phases α2-Ti3Al, γ-TiAl, β/β0 and σ-NbAl2 

One reason for these inconsistencies could be the problem to completely quench the high-temperature phase equilibria, 
for example, due to the occurrence of the massive transformation of α(Ti) to γ-TiAl upon cooling. In order to tackle these 
problems, the European project ADVANCE was launched as a collaboration between the Max-Planck-Institut für 
Eisenforschung, the Helmholtz-Zentrum-Geesthacht, the Montanuniversität Leoben (Austria), and Thermo-Calc 
Software AB (Sweden). The project aims to optimize and improve the existing CALPHAD database for next generation 
Ti–Al–X alloys with sophisticated studies of phase equilibria at elevated temperatures. Alloys from eight ternary systems 
Ti–Al–X (X = Nb, Mo, W, Zr, Si, O, B, C) and two quaternary systems Ti–Al–Nb–Y (Y = Mo, W) will be heat-treated and 
investigated in detail. The first experimental results of the studies in the ternary Ti–Al–Nb system are presented here. 
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Materials, Methods and First Results 
A series of ternary Ti–Al–Nb alloys were produced out of high-purity elements Ti (99,995 %), Al (99,999 %) and 
Nb (99,9%) using vacuum arc melting in high-purity Ar-atmosphere. Subsequently, the alloys were encapsulated in 
quartz capsules for heat treatments up to 1100°C. For higher temperatures, a special double crucible technique 
described by Kainuma et al. [7] was applied. Since the exact alloy composition and the impurity levels especially of 
oxygen and nitrogen play an important role in the determination of phase equilibria, they were cross-checked before 
and after the heat treatment using several methods (inductively coupled plasma atomic emission spectroscopy (ICP-
AES), melt combustion and wet chemical analysis). The microstructure was examined using light optical microscopy 
(LOM) and scanning electron microscopy (SEM). Utilizing powder X-ray diffraction (P-XRD), electron backscatter 
diffraction (EBSD), and electron probe microanalysis (EPMA), the types and compositions of all phases were determined. 
Phase transition temperatures were measured by differential thermal analysis (DTA) and differential scanning 
calorimetry (DSC). For certain samples, these results were cross-checked using in situ synchrotron high-energy XRD 
(HEXRD). 

In Fig. 2, a lamellar microstructure from an 
alloy with the nominal composition Ti-45Al-
5Nb (in at.%) after DTA measurement 
(heating- and cooling rate: 20 K/min) up to 
1450°C is shown. Inside the grey 
γ-TiAl matrix, there are brighter 
α2-Ti3Al lamella that form upon cooling 
resulting in the expected two-phase 
microstructure. In addition, the relatively 
slow cooling rate creates coarser lamella 
compared to water-quenched samples [2]. 
Further work includes heat treatments and 
evaluation of measured data to construct 
isothermal sections at different 
temperatures to resolve the inconsistences 
in literature. 

This project has received funding from the Clean Sky 2 Joint Undertaking under the European Union’s Horizon 2020 
research and innovation programme under grant agreement No 820647. 
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Introduction 
Titanium aluminide alloys (TiAl), especially alloys based on the intermetallic γ-phase, have attracted much attention as a 
substitute for Ni-based alloys as highly promising high temperature structural materials. This is due to their low density, 
high specific strength and specific elastic moduli as well as good corrosion resistance [1,2]. However, the processing of 
these alloys is still challenging and expensive, since for example the necessary temperatures for hot forming between 
1100 °C and 1250 °C bring currently available die materials to their limits. Fortunately, by an appropriate tuning of the 
alloy composition it is possible to form phases and microstructures at the forming temperature which provide good 
deformation capabilities. The addition of alloying elements can not only lead to a shift of the transition temperatures 
of the phases but can also improve mechanical properties. For instance the addition of Zirconium (Zr), a β-stabilizing 
element, lowers the phase transformation temperatures of the ‘softer’ disordered α and β phases and has other 
additional beneficial effects e.g. solution strengthening on TiAl alloys [3]. While TiAl systems with addition of elements 
like Niobium and Molybdenum are well investigated so far, only a few studies on the effects of Zr additions in TiAl 
systems exist. 

Materials and Methods 
Based on the work of Kainuma et al. [4] and own thermodynamic calculations using ThermoCalc software with the 
database ‘TCTI1’ [5] 9 different alloy compositions Ti – (39;41;43)Al – (3.5;5.5;7.5)Zr (all in at.%) were produced. As 
starting material buttons with a mass of ca. 100 g were prepared by arc melting  and remelted at least 12 times to 
homogenize the samples. The microstructures were observed using scanning electron microscopy (SEM) with a TESCAN 
Mira II XMH microscope and thermodynamic reactions during heating were investigated by differential scanning 
calorimetry (DSC) using a NETZSCH DSC 404 F3 Pegasus. The DSC tests were performed in the temperature range of 700 
°C – 1450 °C with a heating rate of 10 K/min in pure Argon (99.9999 %). 
Samples of all alloys were annealed in a Nabertherm high temperature furnace in air. The temperature  was 
controlled  by  a  type  S  thermocouple  positioned  near  the  specimens.  The specimens were held at 1300 °C for 0.5 
h and slowly furnace cooled. The DSC measurements help to identify phase transitions, which will be seen as 
endothermic reactions in the heating cycle. To better associate peaks shown in the DSC curves seen in Fig. 2 with 
certain reactions, specific heat treatments of   were performed at 880 °C, 920 °C, 1100 °C and 1200 °C for 4 h in air. 
These samples were water quenched afterwards to retain the high temperature microstructure. HEXRD was performed 
to verify the types of the occurring phases when comparing with the SEM investigations and thermodynamic 
calculations. 

Results and Discussion 
As an example of the present work, Fig. 1-3 show the calculated phase contents over temperature, the corresponding 
DSC curve of the same alloy and the microstructure evolution of the sample Ti-39Al-5.5Zr. This and all other samples 
show an endothermic reaction peak in the temperature range of 1115 °C - 1170 °C, which can be identified as the 
disordering reaction of α2 → α. Only some of the samples also show an endothermic reaction peak at around 910 °C. 
Based on the thermodynamic calculations, this might be the solvus temperature of the Al3Zr2-phase. Furthermore, the 
thermodynamic calculations predict the Al3Zr2 - phase to dissolve for the lower Zr-content samples (3.5 at.% 
Zr) at even lower temperatures. This cannot be seen in the current DSC measurements. 
To clearly identify the occurring phases and transitions, first in-situ XRD measurements are done. Also the 
microstructure investigation of the samples heat-treated at 880 °C indicate Zr - enrichments at some grain boundaries as 
well as inside former α - grains seen in Fig 3.a) and 3.b) as brighter areas. We expect this to be the Al3Zr2 - phase 
predicted in the thermodynamic calculations. The amount of these Zr-enrichments seems to decrease with increasing 
heating temperature until they cannot be observed anymore after a heat-treatment at 1100 °C (see Fig 3.c). The effect 
of this Zr - enrichments on the phase formations and deformation behavior is still part of the current investigations. 
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Fig. 1: Calculated phase contents in dependence of 
the temperature

Fig. 2: DSC curve of Ti-39Al-5.5Zr sample 

a b c d 

Fig. 3: SEM pictures of the different microstructures of Ti-39Al-5.5Zr after heat treatments of 4h in air with fast cooling 
afterwards (water quenched). a) at 870 °C; b) at 920 °C; c) at 1100 °C; d) at 1200 °C. The red arrows indicate Zr-
enrichments. 
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Introduction 
Ti-Al alloys comprise a new class of intermetallic materials, targeted for more energy-efficient automotive and aircraft 
engines [1]. Their properties at high temperatures, specifically creep and oxidation resistance, can be substantially 
improved by alloying [2]. Development of new alloys today not any longer solely relies on experimental trials. CALPHAD 
(CALculation of PHAse Diagram) modelling [3], by which phase diagrams and phase transitions can be calculated and 
from which, e.g., phase fractions in dependence on temperature can be derived, has become an important tool for 
developing new alloys. The modelling gives essential information about the expected microstructures from which 
potential properties of novel alloys can be concluded. CALPHAD calculations crucially depend on the underlying 
database. Within a large-scale collaborative project, the partners Helmholtz-Zentrum Geesthacht, Germany, 
Montanuniversität Leoben, Austria, Thermo-Calc Software AB, Sweden, and MPIE will essentially improve 
thermodynamic data for a number of Ti–Al–X(–Y) systems for a next generation of advanced CALPHAD databases for 
TiAl alloys [4]. 

Ti-Al-Zr at 1273 K 
Phase equilibria in Ti–Al(–X…) systems are highly sensitive to the amount of impurities [5]. Small amounts of oxygen can 
already lead to significant changes in phase equilibria [6]. As Ti and Zr are extremely prone to oxygen uptake, this could 
be one reason for existing discrepancies in phase equilibria in the Ti–Al–Zr system, e.g. at 1273 K. 
The Ti–Al–Zr system has been critically evaluated by Tretyachenko [7], including three partial isothermal sections. The 
one at 1273 K merely shows phase equilibria among the phases γTiAl and α2Ti3Al and those between αTi, βTi and α2Ti3Al 
as dashed lines. The most comprehensive study of phase equilibria at 1273 K was performed by Yang et al. [8]. However, 
phase equilibria determined in the ternary system do not match well with those established for the Ti–Al subsystem [6]. 
Figure 1 shows the Ti–Al rich part of the isothermal section as determined in [8] and experimental results from other 
investigations [9-12]. In addition, the phase boundaries from the latest assessment of the Ti–Al system are given [6]. 
Figure 1 shows that substantial differences between these investigations exist. E.g., values for the solid solubility of Zr 
in γTiAl at 1273 K vary between about 8 at.% [8], 10 at.% [9] or even at least 15 at.% [11].  

Materials and Methods 
In order to settle these uncertainties, six alloys have been prepared by crucible free levitation melting from high-purity 
elements. Slices of the manufactured alloys were cut on a diamond wire saw, encapsulated in quartz tubes back-filled 
with Ar and annealed at 1273 K for 100 h. Ti filings were used as getter to minimize the uptake of impurities. 
Compositions of the alloys and their impurity contents in the as-cast condition and after heat treatment were 
established by wet chemical analysis. Phases were identified by X-ray diffraction (XRD) and compositions of the 
coexisting phases were established by electron probe microanalysis (EPMA). 
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Fig. 1: Partial isothermal section of the Al-Ti-Zr ternary system at 1273 K. Phase boundaries are from Ref. [8] with 
additional data from Refs. [6, 9-12].   
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Introduction 
Recently Max phases have attracted attentions because of its high strength, high melting point and low density [1]. 
However, Max phases composed of transition elements together with C and Si or Al show a delamination along basal 
slip plane during plastic deformation. The present authors conducted a broad search of ternary phase diagrams 
composed of C and Al with transition element, and found V solid solution phase equilibrates with V2AlC Max phase. We 
conducted experimental study on the phase equilibrium at 1200 oC, solidification path and compression tests for 
mechanical property measurements. 

Materials and Methods 
According to the phase diagram [2], we prepared alloy ingots with a nominal composition of V63.6at.%-Al27.2at.%-
C9.1at.%. An Ar-arc melting machine was used to melt the sample several times, and a part of ingot sealed in a silica 
tube was subjected to a heat-treatment at 1473 K for 1 week. Microstructure observation using FE-SEM and WDS 
analysis for determining the composition of each phases are conducted, and the EBSD analysis was also conducted to 
understand the crystallographic orientation relationship between bcc-V and MAX phase. Parallelepiped samples with a 
dimension of 3 x 3 x 6 mm3 ware prepared and were subjected to the compression test at room temperature and 673 
K. 

Results and Discussion 
It was confirmed that the alloys with and without the heat-treatment show two-phase microstructure, however, plate-
like V2AlC-MAX phase spheroidized during the heat-treatment. It was also confirmed that the bcc-V and MAC phase has 
a certain crystallographic orientation relationship. Some of large size MAX phase plates are also found in the specimen, 
and cracks tend to propagate on or neat the large MAX phase during the compression tests. On the other hand, it was 
confirmed that the bcc-V and MAX phase show a bending during compression tests, it strongly suggests the 
simultaneous plastic deformation of these two phases (Fig.2). 
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Fig. 1: SEM image of (a)as-cast and (b)heat treated V63.6at.%-Al27.2at.%-C9.1at.% alloy 
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Fig. 2: (a) phase map (green:V2AlC, red:bcc); (b) inverse pole figure map of as-cast V63.6at.%-Al27.2at.%-
C9.1at.% alloy by SEM- EBSD, after compression at 673K 
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Introduction 
Production of Nb3Sn superconductor in multifilamentary wires for use in high-field magnets, involves elaborate heat 
treatment steps starting from composite billets containing mainly Cu, Nb and Sn as elements in form of precursor 
materials. During such processing different intermetallic phases from the Nb-Cu-Sn system develop as intermediates, 
which will affect the microstructure and thus the superconducting properties of the finally generated Nb3Sn filaments 
developed in the wires. In the last years, in contradiction to the long-term belief, also a ternary phase with the 
composition Nb0.75Cu0.25Sn2 was found and called “nausite” [1,2]. However, this phase is not included in the currently 
available Nb-Cu-Sn phase diagrams. Structural investigations [2] revealed the hexagonal NiMg2 type structure (space 
group P6222) which is closely related to the orthorhombic CuMg2 type structure of the binary NbSn2 phase.  
The present contribution deals with investigations of heat treated Nb-Cu6Sn5 diffusion couples starting from Nb 
substrate and deposited Cu-Sn layers serving as models for early stages of intermetallic formation during heat treatment 
of Nb-Cu-Sn wires. The investigations revealed problems in the distinction of the NbSn2 and nausite phases due to their 
chemical and structural similarities. It was demonstrated by energy dispersive X-ray spectroscopy (EDX) that both phases 
exhibit a ternary homogeneity range. Careful analysis of Kikuchi patterns recorded in the course of electron backscatter 
diffraction (EBSD) was necessary to distinguish the two phases. 

Materials and Methods 
Ternary diffusion couples were produced from Nb plates by depositing Cu + Sn double layers by electroplating or 
physical vapor deposition. After deposition each sample was sealed in fused silica under Ar atmosphere and then heat 
treated at 220°C for 48 h to form Cu6Sn5 layer on top of the Nb substrate. Afterwards samples were heat treated at 300 
/ 400 / 500°C for different periods of time and subsequently quenched in ice water. For investigation, samples were cut 
and embedded as a cross-section, ground, polished (down to 0.04 µm) and covered by vaporized C for ensuring electric 
conductivity for the studies at the scanning electron microscope (SEM). 
The SEM used was a JEOL JSM-7800F. An accelerating voltage of 20 kV was applied, and imaging was done using the 
backscattered electrons. Moreover, EDX and EBSD were employed for getting information about elemental distribution 
and orientation of the phases. The OIM Analysis-Software (EDAX) was used for acquisition and indexing of the Kikuchi 
patterns. Besides, for getting a more detailed insight in the Kikuchi patterns of both phases, the pattern simulation 
software ESPRIT DynamicS (Bruker) was utilized. 

Results and Discussion 
The heat treatments of the diffusion couples described above led to the formation of different sequences of phases 
depending on the temperature-dependent interdiffusion kinetics and availability of the different elements. Due to the 
treatments NbSn2 and/or nausite were formed in contact to the Nb substrate. 
The ternary phase nausite derives from the binary NbSn2 phase by partial substitution of Nb by Cu. EDX measurements 
indicate the formation of nausite with Cu contents reaching from 6 to 13 at.%. Problems in distinction of NbSn2 and 
nausite based on EDX in particular occurs in case of very thin layers (Fig.1). Hence, in addition EBSD was employed for 
phase differentiation. However, because of the structural similarities of both phases, namely strands of quadratic Sn 
antiprisms and parallel linear chains of Nb respectively Cu in stacking planes along the c-direction, both phases exhibit 
similar Kikuchi patterns. Nevertheless, slight differences between the patterns can be employed if the image quality is 
sufficient. Kikuchi patterns with a [001] pole from NbSn2 and nausite, shown in Fig. 2, reveal, on the one hand, strong 
bands which are in common to both structures, and, on the other hand, weaker bands which can be used to differentiate 
between them.  
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Fig. 1: Backscattered electron contrast image of 
cross-section of Nb-Cu6Sn5 diffusion couple after 
heat treatment at 300°C. 

Fig. 2: Kikuchi pattern of NbSn2 (left) and nausite (right) in the 
region of a [001] pole. Through a sufficient image quality slight 
differences in visible bands can be found. Their position and 
direction is indicated with white arrows. 
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Introduction 
During homogenization, Al3Zr-particles precipitate out of super-saturated Zr-alloyed aluminum alloys. These particles 
serve for grain size stabilization via Zener drag and depending on their size and distribution can also contribute positively 
to an increased strength. These beneficial effects have long been used in the high strength Al-Zn-Mg alloys, but are not 
widely used in other classes of alloys. Al3Zr exhibits three different crystal structures, L12, D022 and D023. Only the L12 
structure shows a favorable coherent grain boundary with the aluminum matrix. However, high temperatures and a 
certain alloy composition, in particular a high Si content, promote the detrimental transformation from L12  D022/D023. 
In particular, for novel alloy design (e.g. Al-Mg-Si-Zr alloys), doping with other elements may help to stabilize the 
preferred L12 structure. 

Materials and Methods 
We have employed first principles methods based on Density Functional Theory as implemented in Vienna Ab initio 
Simulation Package, together with the generalized gradient approximation of the electron-electron exchange and 
correlation interaction. 
The considered structures (Fig. 1) are the most stable D023 phase together with two metastable L12 and D022 phases. 
The differences between these configurations can be described by differently stacked (001) planes containing Zr atoms: 
...AAAAAA… for the L12, ...ABABA… for the D022 and ...AABBA… for the D023 structure. 
A large set of 16 doping elements was probed for their impact on relative phase stability. For this purpose, supercells 
with 64 atoms were constructed, each containing 1 ternary alloying element, corresponding to approx 1.5 at%. 
 

 

 
Fig. 1: ZrAl3 phases studied in this work: (a) L12, (b)  
D022 and (c) D023 structures. 

Fig. 2: Formation energies as functions of the alloying element 
in the amount of 1.5 at.%. The dashed lines show reference 
values for unalloyed state. 
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Results and Discussion 
As a first step, we have evaluated site preference for the alloying elements. Majority of the elements exhibit weak site 
preference meaning that an element would occupy the Al sublattice for Al-lean compositions while it would sit on the 
Zr sublattice for Zr-lean compositions. Out of this rule stand Ag, Cu, Fe, Mn, and Zn with a strong Al sublattice preference 
and Er and Y with a strong Zr sublattice preference. Strong preference means that a particular element prefers to sit e.g. 
on Zr-sublattice even for Zr-rich compositions thus generating an additional anti-site defect. 
Subsequently, we evaluated formation energies (Fig. 2). Clearly, none of the here considered elements chemically 
stabilizes any of the phases with respect to the unalloyed state. However, it is interesting to realize that some elements, 
e.g. Cu or Ag, stabilize the L12 phase on the expense of the D023, which is now the least stable one. Such result leads to
a concept of alloying-stabilization of the desired L12 phase and hence avoiding completely the D023 phase.
To further support this concept, we have also studied energy barriers for stacking generating stacking faults in the L12
structure, e.g. from ...AAAAA… to ...AABBB… Such information is interpreted as a kinetic stabilization and complements
the alloy design based solely on the energy of formation.
In our contribution we will present the above described analysis in detail together with the suggested novel alloys. Time
permitting we will also report on our preliminary experimental results.
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Introduction 
Mg-TM(transition metal)-RE(rare earth) ternary alloys containing a precipitation phase with a long-period stacking-
ordered (LPSO) structure has attracted attention as a new lightweight structural material because they exhibit high 
strength and good ductility simultaneously. Such attractive mechanical characteristics are considered to be related to 
the heavily kinked structure of the Mg-LPSO phase introduced during hot extrusion. Previous studies on the compression 
deformation of directionally solidified ingots of various Mg-LPSO phases suggested that the formation of the kinked 
structure can be interpreted with the dislocation-based kink band formation mechanisms such as the Hess and Barrett 
model [1-3]. However, the controlling factors that trigger the formation of the kinked structure has not been fully 
clarified yet. Recently, we have investigated deformation microstructures developed in the Mg-Al-Gd ternary alloys 
containing platelet precipitates of the Mg-Al-Gd LPSO phase and revealed the possible occurrence of deformation 
twinning in the LPSO phase [4]. More recently, we have systematically conducted micropillar compression experiments 
of single crystalline Mg-Zn-Y LPSO phase as a function of the loading axis orientation and specimen size and confirmed 
the activation of non-basal slips in addition to basal slip and the formation of kinked structure depending on the loading 
axis orientation, specimen size and strain rate [5]. In this study, we have investigated the initial stage of kink formation 
by micropillar compression of 14H-type Mg-Zn-Y LPSO phase single crystals with the loading axis orientation parallel to 
the basal plane.  

Materials and Methods 
DS ingots with a nominal composition of Mg-7at%Zn-8at%Y were used for the present study. Single crystalline 
micropillars of the 14H-type LPSO phase were fabricated by focused ion beam (FIB) technique. Loading axis was selected 
to be parallel to the a-axis of the LPSO phase, which is parallel to that of the parental HCP Mg. In-situ micro-compression 
tests were conducted in scanning electron microscope equipped with a field emission gun (FE-SEM) under the loading 
rate control mode (corresponding nominal strain rate: 10-4-10-5/s). Microstructures of micropillars before and after the 
compression test were investigated by FE-SEM and transmission electron microscopy (TEM). 

Results and Discussion 
Heavily kinked structure was confirmed to be developed very rapidly accompanied by a large strain burst of more than 
about 30% plastic strain observed in the stress-strain curve, when the loading axis is parallel to the basal planes (Figs 1 
and 2). Careful inspection of the stress-strain curve revealed the occurrence of a very slight deviation from the elastic 
region in prior to the large strain-burst. In addition, frame-by-frame analysis of SEM movie obtained during the in-situ 
experiments indicated that the slight deviation in the stress-strain curve was accompanied by a localized shape change, 
which may not be interpreted as either elastic buckling or bulging. These results suggest that the occurrence of some 
kind of plastic deformation, possibly deformation twinning or non-basal slip, triggers the rapid development of heavily 
kinked structure in the single crystalline micropillars of the Mg-LPSO phase compressed along the basal plane.  
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Fig. 1: A typical stress-strain curve for the a-axis compression 
of a single crystalline micropillar of the Mg-LPSO phase. 

Fig. 2: An SEM image of the micropillar specimen after 
the compression test shown in Fig. 1.   

References 
[1] K. Hagihara, N. Yokotani, Y. Umakoshi, Intermetallics. 2010, 18, 267-276.
[2] K. Hagihara, Y. Sugino, Y. Fukusumi, Y. Umakoshi, T. Nakano, Mater. Trans. 2011, 52, 1096-1103.
[3] J.B. Hess, C.S. Barrett, Trans. Am. Inst. Min. Metall. Eng. 1949, 185, 599-606.
[4] K. Kishida, A. Inoue, H. Yokobayashi, H. Inui, Scripta Mater. 2014, 89, 25-28.
[5] A. Inoue, K. Kishida, H. Inui, K. Hagihara, MRS Symp. Proc. 2013, 1516, 151-156.



POSTER ABSTRACTS 

184 
 

P–13 

Simulation of cyclic functional and mechanical behavior of porous NiTi samples obtained by 
selective laser melting  

Elizaveta Iaparova1, Aleksandr Volkov2, Margarita Evard3 and Fedor Belyaev4  
1Universitetskiy prospekt, 28, 198504 St. Petersburg, Russian Federation, elizaveta_iaparova@outlook.com 

2Universitetskiy prospekt, 28, 198504 St. Petersburg, Russian Federation, volkov@math.spbu.ru 
3Universitetskiy prospekt, 28, 198504 St. Petersburg, Russian Federation, m.evard@spbu.ru 

4Universitetskiy prospekt, 28, 198504 St. Petersburg, Russian Federation, belyaev_fs@mail.ru 
 

Introduction 
Porous shape memory alloys (SMA) especially NiTi are perspective smart materials for implants and damping devices. 
Their properties significantly depend on the peculiarities of the porous structure. For about twenty years, porous NiTi 
has been produced by the methods of powder metallurgy. Now it has become possible to prepare porous NiTi samples 
by methods of additive manufacturing, which are ecologically preferable because of the absence of waste products. The 
structure of such samples is accurately determined. Most of the works devoted to modeling of porous SMA describe its 
mechanical behavior in isothermal conditions and consider a sample as a composite with an inclusion, where the dense 
part of the structure is characterized by a proper constitutive model. Just a few works describe the shape memory effect 
in porous SMA samples. 

Materials and Methods 
In this work, mechanical and functional properties of porous NiTi produced by selective laser melting are calculated. 
The samples have a regular cubic structure consisting of a set of interporous ligaments. Such SMA carcass with 
properties described by the microstructural model [1] is considered to determine the behavior of the representative 
volume of the sample. It allows modeling superelasticity and shape memory effect as well as the evolution of inelastic 
strain during cyclic loads. 

Results and Discussion 
Calculation of the strain under cyclic thermomechanical loading at martensitic state, each cycle including loading, 
unloading, heating and cooling is performed. Stress-strain curves and dependences of recoverable and irrecoverable 
strain on the cycle number are obtained. Modelling of deformation diagram at the first cycle of for the sample with 
porosity 45% is presented in Fig. 1. In another series of calculations a simulation of shape memory effect under different 
stresses and cycling at austenitic state is realized. Calculations are performed for the samples with porosity 32%, 45%, 
and 58% to compare with experimental data [2]. Fig. 2 shows the simulation results of irrecoverable deformation during 
cycling at body temperature. It is seen that the results of modelling are in a good correspondence with the experimental 
curve. Therefore, it is concluded that the model is suitable for modelling the behavior of porous SMA obtained by 
methods of additive manufacturing. 
 
This research was supported by the grants of Russian Foundation of Basic Research 18-31-00461 mol_a and 18-01-
00594. 
  



POSTER ABSTRACTS 

185 
 

 
 

Fig. 1: Stress-strain curve of first cycle for 45% porous 
NiTi sample. 

Fig. 2: Irrecoverable strain during cycling for 32% 
porous NiTi sample.  
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Introduction 
The applications of Shape Memory Alloys (SMAs) are usually limited by the range of their transformation temperature, 
for instance Ni-Ti cannot surpass the 100ºC and Cu-Al-Ni SMAs are limited to 200ºC temperature mark. However, the 
unique properties of the shape memory effect can be very useful at high temperatures, providing more reliable 
actuators and with a fewer number of components. For these reasons, there is an increasing interest on developing and 
testing SMAs with transformation temperatures over 100ºC. This kind of materials are commonly referred as High 
Temperature Shape Memory Alloys (HTSMAs). 
The temperature of the martensitic transformation is a parameter that depends on the alloy composition as well as on 
microstructural properties. A way of developing HTSMAs that has been studied is the fabrication of ternary Ni-Ti-X alloys 
(with X = Pd, Pt, Zr, Hf). The elements Pd and Pt are used as substitutes of Ni, while Zr and Hf will act as substitutes of 
Ti. In the case of our material of interest, Ni-Ti-Hf, the transformation temperature can rise up to 290ºC [1].  
In this work we present the characterization of a Ni-Ti-Hf HTSMA by mechanical spectroscopy. Valuable information on 
the thermo-mechanical properties of the material can be obtained from this kind of measurements, such as the internal 
friction spectra, the transformation temperatures, and we demonstrate with the present results that even the Clausius-
Clapeyron coefficient. 

Materials and Methods 
The material used within this work was a Ni49.5Ti35.5Hf15 (at.%) alloy produced by induction melting inside a graphite 
crucible. The ingot was hot worked to form sheets of 0.9 mm width. Samples for mechanical spectroscopy 
measurements were water-cut into rectangular cross section rods (0.9 × 5 × 50 mm3). The mechanical spectroscopy 
experiments were performed in a sub-resonant torsion pendulum designed to work in a range of temperatures between 
90 K and 1150 K, and frequencies between 10-4 Hz and 10 Hz, as described in reference [2]. Internal friction is measured 
as the tangent of the phase difference between stress and strain. Microstructural analysis of the material was made in 
a scanning electron microscope (SEM) operated at 15 kV. Samples were mechanically polished with diamond particles 
down to 0.25 μm. 

Results and Discussion 
Figure 1 depicts the general appearance of the sample at low magnification. Apart from the Ni-(Ti,Hf) polycrystalline 
matrix, a measurable amount of precipitates in the form of dark and bright spots distributed all over the matrix are 
clearly observed. Through EDS and EBSD analysis the nature of these precipitates were determined. The bright grains 
are HfC, probably formed during the casting process inside the graphite crucible, while the dark stains are titanium rich 
precipitates with a (Ti,Hf)2Ni composition. In spite of the general appearance of the material’s surface, the sample shows 
very clean transformation cycles and an excellent thermo-elastic behaviour, as will be shown in the following results.  
The internal friction measurements act as an anelastic probe for the phase transformation, and from these experiments, 
it is possible to obtain the volume fraction of transformed martensite n(T), as well as the start and finish temperatures 
of the direct and reverse transformation (Ms, Mf, As and Af) as it is depicted in Figure 2. In addition, the internal friction 
spectra can be analysed, through the model for martenitic transformation [3], in order to obtain the Clausius-Clapeyron 
coefficient. 
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Fig. 1: SEM image of the sample. The matrix contains a visible amount of dark and bright precipitates. The surface 
composition was checked via EDX measurements. Dark spots correspond to (Ti,Hf)2Ni precipitates, while brighter ones 
are HfC particles. 

  

Fig. 2a: Internal friction spectra and dynamic modulus 
variation data, showing the martensitic transformation. 
Measurements were done with a heating/cooling rate of 
1.5 K/min and a frequency of 0.1 Hz. These parameters 
have an impact on the intensity of the peaks (but not on 
the transformation temperatures), which are analyzed 
through the theoretical model [3]. 

Fig. 2b: From the data in 2a, we can obtain the 
transformed volume fraction of martensite n(T). This 
function allows us to determine the transformation 
temperatures (usually taken at 2% and 98% fraction). 
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Introduction 
Last time it was found that the martensitic transformations might occur in NiTi-based alloys during the isothermal 
holding at temperatures above [1-8] or below [1-5] the Ms temperature (start temperature of the forward martensitic 
transformation on cooling). It is known that on cooling the shape memory alloys under a constant load, the oriented 
martensite appears that lead to the strain variation [9]. On subsequent heating the oriented martensite transformed to 
austenite and the strain completely or partially recovered. If the martensite may appear in quenched Ni-rich NiTi alloy 
under isothermal condition in a stress-free state, hence it may be assumed that during isothermal holding under a 
constant stress, the oriented martensite should appear and it must be accompanied by the strain variation as it was 
observed on cooling under a stress. However, the strain variation during isothermal martensitic transformation in NiTi 
alloy has never been studied. Therefore, the aim of the present work was to study the strain variation during the B2 → 
B19’ martensitic transformation under isothermal holding of the Ni51Ti49 alloy under a stress of 50 MPa. 

Materials and Methods 
The wire samples of the Ni51Ti49 alloy (produced by MATEK-SMA Ltd.) with a diameter of 1.5 mm and a length of 100 
mm were quenched from 850 oC for 10 min into water to prevent the formation of precipitates and subjected to 100 
thermal cycles through a temperature range of the martensitic transformation (from -196 oC to 100 oC) to stabilize the 
phase transition temperatures. The samples were put to special grips of the Shimadzu AG-50kN testing machine, loaded 
by 50 MPa at room temperature at which the alloy was in the austenite phase and subjected to following procedure: 
cooling under a stress to T* temperature, holding at a constant temperature T* for 60 min and heating to 25 oC. 
Additionally, the samples were cooled and heated under a stress of 50 MPa in a temperature range of 25 oC to T* to 
study the strain variation in the thermal cycles without holding. The T* temperature was chosen above or below the Ms

σ 
temperature (start temperature of the forward martensitic transformation that occurred on cooling under a stress of 
50 MPa). 

Results and Discussion 
Fig. 1 shows the strain variation during the first (blue line) and the second (red line) steps of the procedure that described 
above when the holding temperature of T* was -35 oC. It is seen that the strain increases not only on cooling but also 
during holding of the sample at a constant temperature and completely recovers on heating. It is seen that strain 
recovery in the cycle where the holding took place after cooling (끫欀1끫殌끫殌끫殌, blue line) was larger than in the cycle without 
holding (끫欀2끫殌끫殌끫殌 , red line), hence the strain that appeared on holding was initiated by the reversible deformation 
mechanisms.  
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The isothermal strain variation was studied during holding at different temperatures and it was found that the maximum 
isothermal strain of 0.4 % was observed on holding at a temperature of T*=-37 oC that was equal to  Ms

σ-6 oC. The shift 
in the holding temperature above or below to the T = Ms

σ -6 oC decreased the isothermal strain. The holding of the 
sample at temperatures which are larger than Ms

σ and lower than Mf
σ is not accompanied by the strain variation. Thus, 

the results of the study show that the strain variation takes place on holding of the quenched Ni51Ti49 alloy at 
temperatures that are lower than Ms

σ temperature. All strain that appears on holding under a stress of 50 MPa is 
completely reversible on heating hence, this strain is induced by the reversible deformation mechanisms. As the strain 
variation occurs on holding under a stress in the vicinity of Ms

σ temperature then the martensite reorientation can not 
be responsible for the strain variation, hence this strain is induced due to the isothermal formation of the oriented 
martensite during the transformation from austenite to martensite at constant temperature under stress. On 
subsequent heating the oriented martensite transforms to austenite and all strain recovers. 
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Fig. 1: Strain variation on the temperature that was obtained on cooling of the Ni51Ti49 alloy in full temperature range of 
the martensitic transformation (black line), in incomplete thermal cycle from 25 oC  to -35 oC   (red line) and in incomplete 
thermal cycle with the intermediate holding at -35 oC  (blue line).  
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Introduction 
Shape memory alloys demonstrate unique properties such as unelastic strain recovery on heating (shape memory 
effect) or on unloading (pseudoelasticity). These effects are due to thermoelastic martensitic transformations which 
take place on cooling and heating of the shape memory alloy. It is known that these transitions are athermal so, the 
phase variation is possible only on temperature or stress variation [1]. However, last years it has been found that in 
some NiTi-based shape memory alloys the thermoelastic martensitic transformation austenite → martensite could 
realize during holding at a constant temperature [2-5]. This effect may be used to obtain the strain variation under 
isothermal holding under stress because, it is known that the formation of the oriented martensite crystals during 
austenite → martensite transformation under a stress is accompanied by the strain accumulation [1]. So, one may 
suppose, that if the oriented martensite crystals appear during isothermal holding under a constant stress then an 
increase in strain should be observed. However, this effect has not been studied so, it was the aim of the present work 

Materials and Methods 
In [6] it was shown that in the Ti40.7Hf9.5Ni44.8Cu5 alloy the B2 → B19’ martensitic transformation occurred during 
isothermal holding that is why this alloy was used in the present study. To determine the strain variation under 
isothermal conditions, the experiments were carried out in following procedure. The sample was cooled and heated in 
a full martensitic transformation temperature range under a constant tensile stress σ and the temperatures of the strain 
variation were determined (Mσ

s, Mσ
f - start and finish temperatures of strain variation on cooling, Aσ

s, Aσ
f – start and 

finish temperatures of strain variation on heating). Then, the sample was cooled under a stress of σ down to the holding 
temperature T*, held for 60 min, and heated up to a temperature that was greater than Aσ

f. On the next step, sample 
was cooled under a stress σ down to the same holding temperature T* and immediately heated up to a temperature 
that was greater than Aσ

f. The isothermally accumulated strain was determined as difference between the maximum 
strain attained on the second and on the third steps. The constant stress was varied from 100 MPa to 350 MPa and the 
holding temperature was chosen as Mσ

f < T* <Aσ
s. 

Results and Discussion 
The results of this study firstly showed that an additional strain appeared during isothermal holding (Fig. 1).This strain 
completely recovered on further heating hence it was associated with the isothermal martensitic transition. 
Dependencies of isothermal strain εiso on holding duration were obtained for different temperatures and it was found 
that strain rose up to the saturation with time. The saturation value depended on holding temperature and the 
maximum of isothermally accumulated reversible strain was observed within the temperature range of the forward 
transition despite the value of a constant stress that was applied to the sample during holding. No strain variation was 
observed on holding at a constant temperature, which was much larger than Mσ

s or less than Mσ
f. It was found, that the 

influence of the stress value on the maximum value of isothermal strain was non-monotonic and the maximum of 
isothermal strain equal to 2.9 % was attained when the constant stress was 235 MPa. 
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Fig. 1: Strain variation obtained on cooling and heating the Ti40.7Hf9.5Ni44.8Cu5 alloy under a stress of 235 MPa in the 
range of 160 oC - 55 oC with or without isothermal holding 
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Introduction 
Dynamics of thermal-elastic martensitic transformation (MTs) is described by the nucleation and growth processes. 
While the former is involved with only the forward MT, the latter is both the forward and reverse MTs. Isothermal 
forward MT behavior with a C-shaped curve in the TTT (Time-Temperature-Transformation) diagram has been discussed 
in terms of the thermal activation process of nucleation by Kakeshita et al.[1], but not studied well for the reverse MT. 
Recently, the existence of a thermal activation process related to habit plane motion has been reported by Niitsu et 
al.[2]. Considering that the dominance of nucleation and growth differs with respect to the direction of MTs, isothermal 
dynamics of the reverse MT is expected not to be the same as that of the forward one. In the present study, we 
investigated the isothermal and athermal behaviors of magnetic-field-induced MT in NiCoMnIn metamagnetic shape 
memory alloy to get a comprehensive interpretation that can describe the dynamics of both forward and reverse 
isothermal MTs simultaneously. 

Materials and Methods 
Ingot of Ni45Co5Mn36.7In13.3 alloy was prepared by induction melting under an argon atmosphere. The fabricated ingot 
was annealed at 1173K for 90 hours for homogenization. In addition to this, for ordering stabilization, the second 
annealing at 623K for 6 hours was conducted with subsequent quenching into ice water. Magnetization measurements 
were carried out using MPMS. To figure the T-H phase diagram on this material, magnetization was measured along M-

H scanning routes at settled temperatures ranging from 80 to 180K. Isothermal evolution of reverse/forward MTs was 
monitored with the magnetization at various fixed temperatures and magnetic fields.  

Results and Discussion 
The critical values of forward MT starting magnetic field HMs, reverse MT finishing magnetic field HAf and equilibrium 
magnetic field H0 were determined from the magnetization curves as shown in Fig.1. Isothermal holdings of both 
forward and reverse MTs shows logarithmic evolutions of transforming fraction, though the forward and reverse MTs 
show intermittent and continual changes respectively according to whether the nucleation event exists or not. 
Accordingly, its temperature and time dependences were not analogous with respect to transforming directions; while 
isothermal forward MT showed iso-fraction C-shaped curves in the TTT diagram as reported elsewhere, isothermal 
reverse MT showed only lower half of C-shaped curve that terminates at the reverse MT finishing temperature (Fig.2). 
The increasing hysteresis upon cooling in this alloy is due to the development of thermal activation nature of MT[3,4]. 
By decomposing the hysteresis into thermal activation and non-thermal activation components, the origin of different 
isothermal MT behaviors between forward/reverse MTs was discussed. We propose a new interpretation that can 
describe the dynamics of forward/reverse isothermal MTs simultaneously by taking into account the thermal activation 
and athermal processes of nucleation and growth. 
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Fig. 1: Magnetic-field vs. temperature phase diagram with the 
critical magnetic-fields of HMs, HAf, and H0. 

 

 
Fig. 2: TTT diagrams of the forward MT (a) and the reverse MT (b). Isothermal forward and reverse MT showed C-
shaped curve and lower half of C-shaped curve respectively. 
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Introduction 
For the manufacturing of IC and LED devices using the metal organic chemical-vapor deposition (MOCVD) process, 
hydrogen with a 9N high purity is required. Palladium is often used as the material for hydrogen purification (Ref. 1). 
For this purpose, multiple Pd fine tubes are assembled with a stainless steel head to form a Pd cell. A traditional brazing 
or laser welding can cause the deformation of these fine Pd tubes with a diameter of about 2 mm and a thickness of 
about 60 μm. In contrast, a soldered Pd cell cannot endure the operation temperatures over 350 ºC for a hydrogen 
purifier.  In a previous paper, solid-liquid interdiffusion bonding (SLID) method using Sn interlayer has been applied for 
the bonding of Pd sheet with Ni plate to simulate the Pd/Ni assembly of a hydrogen purifier at temperatures between 
275 ºC and 350 ºC (Ref. 1, 2). In this study, the bonding temperature was reduced to 200 ºC through the employment 
of an In thin film. 

Materials and Methods 
In this study an In thin film was employed for the SLID bonding of a palladium sheet (0.1 mm thickness) with a Ni plate 
(1 mm thickness). Similar to the bonding cases in Ref. 1, the Pd sheet was ground with 4,000 Grit SiC paper, electroplated 
with a 3 μm In thin film interlayer, and then assembled with a Ni plate in case I. In case II, the Pd sheet was coated with 
4 μm In  and then electroplated with an additional 3 μm Ag layer and then bonded with a 4 μm In-coated Ni plate. In 
case III, the Pd sheets were pre-coated with a 6 μm Ni layer, which was further heated at 450 ºC for 30 min in case IV. 
The pre-treated Pd sheets in Cases III and IV were electroplated with a double layer of 4 μm In/3 μm Ag and then 
assembled respectively with a In-coated Ni plate similar to that in Case II. The SLID process was conducted in a vacuum 
furnace of 5.3 x 10-4 Pa, and the assembly was heated at 200 ºC for 30 min under a pressure of 3 MPa.  

Results and Discussion 
For the SLID bonding in case I, Fig.1a shows that the Pd sheet and Ni plate reacted with the In interlayer to form PdIn3 
and Ni3In intermetallic compounds, respectively. However, long cracks appeared between the Ni3Sn4 and PdSn 
intermetallic layers, and the bonding strength was very low. The appearance of cracks at the interface between PdIn3 
and Ni3In Ni3Sn4/PdSn interface and the Pd/Ni assembly failed in this case. Through the inserting of an Ag thin film 
between the In-coated Pd sheet and Ni plate in case II, an Ag3In layer formed between the Ni3Sn4 and PdSn intermetallic 
layers, and the crack in Fig.1a was eliminated as revealed in Fig.1b. 
In case III, the Pd sheet was electroplated with 6 μm Ni film, 4 μm In, and 3 μm Ag. The coated Pd sheet was then SLID 
bonded with a 4 μm In-coated Ni plate. Figure 1c shows sound interfaces without any voids or cracks in the Pd/Ni joints 
and a Ni/Ni3In/Ag3In/Ni intermetallics multilayers appeared at the interface. However, the electroplated Ni film can be 
delamated from the Pd surface during the electroplating processes of In and Ag layers on the Ni-coated Pd sheet. 
Therefore, the Ni-coated Pd sheet was pre-heated at 450 ºC for 30 min, resulting the solid solution of Ni in Pd (Ref.3), 
and then electroplated with In and Ag layers before being SLID bonded with the In-coated Ni plate (Case IV in Fig.1d). In 
this case, a similar Ni/Ni3In/Ag3In/Ni intermetallics structure as that in case III formed between the Ni-coated Pd sheet 
and Ni plate.  
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Fig. 1. Intermetallics formed at the interfaces of Pd/Ni couples SLID bonded at 200 ºC for 30 min using an In interlayer: 
(a) Case I, (b) Case II, (c) Case III, (d) Case IV. 
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Introduction 
The so-called high-entropy alloys have recently emerged as a new class of advanced metallic materials with complex, 
multicomponent chemical composition [1]. Although it was initially believed that the solution structures will be 
beneficial for obtaining balance between high strength and ductility, later it was revealed that presence of ordered 
phases is needed to provide sufficient strength without sacrifice in ductility [2]. In the present work we demonstrate 
how precipitation of the second phases, namely bcc and sigma phases, affects mictostructure and mechanical properties 
development in the the equiatomic CoCrFeNiMn alloy, which is widely considered as “model” single solid solution phase 
high entropy alloy [3]. 

Materials and Methods 
The equiatomic CoCrFeNiMn alloy (Co20.6Cr19.9Fe19.5Ni20.9Mn19.1 in at.%) was produced by vacuum arc melting and 
homogenized at 1000°C for 24 hours. The homogenized alloy was cold-rolled to 80% reduction and then annealed at 
500°C, 600°C, 700°C, 800°C or 900°C for 1 hour, and for 1, 2, 5 10 or 50 hours at 600°C; the annealing was followed by 
air cooling. 

Results and Discussion 
The CoCrFeNiMn alloy in the cold-rolled condition has a single fcc phase heavily-deformed lamellar microstructure 
composed of twin boundaries and shear bands mostly aligned with the rolling direction.  
Isochronal annealing at 500-900°C for 1 hour resulted in recrystallization of the fcc matrix (600-900°C) and precipitation 
of the Cr-rich bcc (500-700°C) and sigma (600-800°C) particles. Annealing at 500°C did not result in significant changes 
of microstructure in comparison to that of deformed condition; yet some bcc phase particles appeared in the fcc matrix. 
At a higher temperature (600°C) the majority of the fcc matrix was found to be recrystallized with a size of the 
recrystallized grains of 1.3 μm. Further increase in annealing temperature resulted in complete recrystallization and led 
to a gradual increase in the fcc grain size from 2.0 μm after annealing at 700°C to 17.1 μm – at 900°C. The size of the 
bcc/sigma particles increased with the annealing temperature whereas the fraction of the second phase particles 
exhibited a non-monotonic dependence.  
Isothermal annealing at 600°C resulted in the growth of the recrystallized fcc grains and coarsening of both the sigma 
and bcc particles. The average grain size increased from 1.3 µm to 3.8 µm with an increase in the annealing time from 
1 to 50 hours. A number of near-equilibrium triple junctions of grain boundaries and annealing twins suggesting normal 
grain growth as the main mechanism of microstructure evolution were observed. The sigma particles located at grain 
boundaries increased from 260 to 820 nm with an increase in the annealing time from 1 to 50 hours; the bcc particles 
under the same conditions increased from 70 to 120 nm only.  
Grain growth and particle coarsening can be expressed by power law functions of annealing time with the exponents of 
about 3.6, 4, and 7 for grains, sigma and bcc, respectively. Coarsening of the sigma particles seems to be controlled 
mainly by grain boundary diffusion. Meanwhile the bcc particles exhibited much slower coarsening kinetics, that can be 
associated with the phase dissolution during annealing due to the non-equilibrium nature. The fcc grains coarsening 
kinetics only slightly faster than that of the grain boundary sigma particles thereby suggesting the main contribution of 
grain boundary diffusion to fcc grains growth. 
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Fig. 1: Size of the fcc grains and bcc or sigma particles as a function of annealing time at 600°C 
 
Furthermore, it was found that the fcc grain growth was limited by the particles as per the Zener drag mechanism. An 
increase in the annealing time at 600°C from 1 to 50 hours was also accompanied by a pronounced increase in the 
fraction of the sigma phase and a decrease in the fraction of the bcc phase. 
Strength of the alloy increased after annealing for 1 hour at 500°C and 600°C in comparison with the cold rolled 
condition, while annealing at higher temperatures resulted in pronounced softening together with increased ductility. 
The quantitative analysis had revealed that strengthening after annealing at low temperatures was associated with the 
bcc/sigma particles precipitation. 
Increase of the annealing time at 600°C from 1 to 50 hours resulted in softening and increase of ductility. However, even 
after 50 hours annealing the alloy maintained relatively high strength (yield strength of 685 MPa) which can be ascribed 
to the grain boundary (Hall-Petch) strengthening due to fine fcc grains preserved by pinning effect of the sigma particles. 
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Introduction 
Medium/high entropy alloys are a class of multi-component solid solution alloys with (nearly) equiatomic compositions, 
which are considered to be stabilized because of the large contribution of configurational entropy to their Gibbs energy 
[1]. Some of these alloys exhibit exceptional mechanical properties such that the strength and tensile elongation 
increase simultaneously with decreasing temperature [2] and it endows the outstanding combinations of high strength 
and high tensile elongation especially at low temperature [3]. Among various medium/high entropy solid solution alloys 
discovered so far, the Cr-Co-Ni equiatomic solid solution alloy with the face-centered cubic (FCC) structure has been 
reported to exhibit both the highest strength and the highest elongation in a polycrystalline form [4]. However, the 
detailed mechanisms endowing these excellent mechanical properties remain unclear in many aspects mainly because 
of the lack of fundamental studies using single crystals. In the present study, we investigated the plastic deformation 
behavior of single crystals of the Cr-Co-Ni equiatomic alloy through uniaxial compressive and tensile tests to clarify the 
origin of excellent mechanical properties.  

Materials and Methods 
Single crystals of the Cr-Co-Ni equiatomic solid solution alloy were prepared by directional solidification using an optical 
floating zone furnace in an argon atmosphere. The specimens for compressive and tensile tests oriented along [-123] 
crystallographic directions were cut by wire electric discharge machining. Compressive tests were performed at 
temperatures in the range of 13 - 1073 K and at strain rates in the range of 1×10-5 - 5×10-3 s-1. Tensile tests were 
conducted at room temperature and liquid nitrogen temperature and at a strain rate of 1×10-4 s-1.The specimens after 
mechanical tests were observed using optical microscope (OM), scanning electron microscope (SEM), transmission 
electron microscope (TEM) and scanning transmission electron microscope (STEM). 

Results and Discussion 
The strong temperature dependence of the critical resolved shear stress (CRSS) of the [-123]-oriented single crystals are 
observed; the value at liquid nitrogen temperature is almost twice larger than that at room temperature (Fig. 1). The 
activation volume of the alloy is found to be quite low when it is compared to that for binary FCC alloys. The stress-
strain curves obtained from tensile tests exhibit a widely extended easy glide region (stage I) and high work hardening 
rate at a linear hardening region (stage II). This is considered to be attributed to a relatively low stacking fault energy 
for this alloy. Deformation twinning and hexagonal close-packed (HCP) transformation on conjugate plane were 
observed in the thin-foiled specimens after fracture at both room and liquid nitrogen temperatures. They contribute to 
high work hardening rate and allow plastic instability to be postponed; as a result, the good strength-ductility 
combination is achieved. 
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Fig. 1: Compressive stress-strain curve at RT and 77 K.  
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Introduction 
Concentrated solid solution alloys (CSA) has attracted much attention in metallurgy and materials science due to their 
superior set of properties when compared with conventional dilute solid solution alloys [1-2]. In contrast to the latter, 
CSAs are a class of multicomponent alloys with five or more elements in solid solution but mixed at (or closer to) 
equiatomic proportions [1-2]. The minimisation of the Gibbs free energy due to the equiatomic mixing is believed as 
part of the reasons to stabilise CSAs in a single-phase random solid solution, thus possibly avoiding the formation of 
complex intermetallic or secondary phases, although the exact physical mechanisms behind the high phase stability of 
CSAs are currently under intense investigation [3]. A prominent field of research on CSAs is their microstructural 
response to energetic particle irradiation exposure. Recent reports indicated that by tuning the elemental composition, 
CSAs can be designed to control the mobility of crystalline defects and their migration pathways, thus leading to superior 
radiation resistance [4]. Due to such recent experimental observations, these complex alloys are now under 
consideration as candidate materials to the next fleet of nuclear reactors and intense research has been prioritised into 
elucidate how displacive irradiation changes the microstructure and properties of CSAs when compared with 
conventional solid solution alloys. In addition, the possibility of engineering CSAs in nanostructured manner could 
potentially further increase the radiation tolerance as nanocrystallites are known to be active sinks for point defects [5]. 
By nanoengineering an ultrafine-grained CSA via magnetron sputter-deposition methods, this work investigates 
whether such nanocrystalline CSA is structurally stable under thermal annealing (equilibrium conditions) and ion 
irradiation (non-equilibrium conditions). The development of nanocrystalline metallic alloys using the concepts from 
CSAs could shed light to the development of new materials with enhanced radiation tolerance and stability [5,6]. 
Nevertheless, the experiments herein reported are also used to reflect on the core-effects of CSA alloys as well as their 
constitute hypothesis such as high-entropy effect and sluggish diffusion. 

Materials and Methods 
CoCuCrNiFe thin solid films with thicknesses of 70 nm were sputter-deposited onto NaCl substrates from pure elemental 
metal targets of their constitutive elements. A detailed report on the deposition methods of such nanocrystalline CSA 
thin films can be found elsewhere [5,6]. After deposition, TEM lamellae for ion irradiation and thermal annealing were 
prepared directly into Mo mesh grids.  
Electron microscopy methods were used in this work to investigate the thermodynamic stability of a new sputter-
deposited ultrafine-grained CSA – the CoCuCrNiFe. Firstly, the generation of point defects in excess concentration levels 
as a result of the atomic collisions was used to analyse microstructural response of the CSA specimens varying 
temperature and dose. For this, several heavy ion irradiations in situ within a Hitachi H-9500 Transmission Electron 
Microscope (TEM) were carried out at the temperatures of 293, 573 and 773 K up to a dose of 7.6×1015 ions∙cm-2 (11 
displacements-per-atom or dpa) in the MIAMI-2 Facility. Post-irradiation Scanning Transmission Electron Microscopy 
(STEM) characterisation was performed in a new FEI Talos F200X equipped with high resolution Super-X Energy 
Dispersive X-ray Spectroscopy (EDX) system at Montanuniversität Leoben. Following the in situ heavy ion irradiation 
results, complementary experiments of thermal annealing in situ in a TEM were also carried out.   

Results and Discussion 
Initial TEM screening of the pristine specimens revealed that the microstructure of the CoCuCrNiFe CSA as deposited is 
composed of nanocrystallites with sizes around of 7—10 nm as shown in the bright-field TEM micrograph in Fig. 1(a). In 
addition, as shown in Fig. 1(a), the CSA microstructure is composed of voided grain boundaries in agreement with 
Movchan-Demichishin-Thornton (MDT) zone models for thin solid films deposited at low homologous temperatures. 
TEM results show that the heavy irradiation induces noticeable grain growth as the temperature increases from 293 to 
773 K, Fig. 1(a-d), however, the irradiated samples at 773 K have shown evidence of radiation-induced segregation as 
assessed by the STEM-EDX analysis in Fig.1(e-g). These results also indicate that the maximisation of the entropy by 
mixing the elements close to the equiatomic composition is not sufficient to prevent grain growth with concurrent phase 
transformations at intermediary temperatures (773 K). It will be shown that the nanocrystalline alloy was observed to 
be stable under either thermal annealing and irradiation only in the narrow temperature range from 293 to 523 K.  
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Figure 1: The microstructural evolution of CoCuCrNiFe ultrafine-grained CSA under 134 keV Xe+ irradiation: 
underfocused (1000 nm defocused) micrographs showing the (a) pristine samples at 293 K and the irradiated 
samples at (b) 293 K, (c) 573 K and (d) 773 K after 11 dpa. Micrograph (e) show High-Angle Annular Dark Field 
of the 773 K irradiated sample in which the line-scan in (f) shows segregation of Cr further confirmed with (g) 
Cr EDX mapping. Note: the scale in (a) applies to images (b-d). 
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Introduction 
Low raw material cost of FeAl intermetallics in combination with their excellent corrosion resistance, increased flow 
stress [1] and creep strength [2] at elevated temperatures, compared to P92 as a standard material used for steam 
turbine parts, favor them for energy sector applications. High temperature gas turbine blades under dynamic load as 
well as large cast parts under static load – like housings – belong to their possible applications. One of the main reasons 
why this class of materials is not more widely employed for actual production of such parts is its brittleness at room 
temperature, caused partly by columnar grains [3] developed in its microstructure. At the same time, the castability, 
feeding and cracking behavior of FeAl intermetallics after grain refinement treatment have not been comprehensively 
researched yet. Grain size reduction could be a resolution for both challenges: ductility at room temperature could be 
increased [4] and castability improved. While grain refinement is a standard treatment for most commercial ferrous or 
aluminum alloys, a suitable grain refinement treatment of FeAl intermetallics is still missing. 
This paper offers results obtained during a study on grain refinement of Fe-25Al-1.5Ta (at. %) treated by different 
refinement agents and additions. 

Materials and Methods 
The study presented was carried out with FeAl-based alloy Fe-25Al-1.5Ta (at. %), because of its superior high 
temperature creep and corrosion resistance. The impact of two well-known grain refiners, TiC and TiB2, was 
investigated. Projected chemical composition of the melt was 72.27 % Fe, 24.68 % Al, 1.47 % Ta, 0.31 % Si, 0.64 % Ti and 
0.64 % C (at. %) for trials with TiC and 71.78 % Fe, 24.51 % Al, 1.46 % Ta, 0.31 % Si, 0.64 % Ti and 1.29 % B (at. %) for 
trials with TiB2. Casting trials were conducted with a Linn High Therm Supercast centrifugal casting machine. The alloy 
charge was placed in a ceramic crucible together with the grain refiner. Melting was carried out under vacuum and the 
melt was poured in a non-preheated permanent copper mold. The melt had a pouring temperature of 1540 °C. 
Evaluation of results was done by light optical microscopy and by scanning electron microscope (SEM). Grain count was 
obtained by mean linear intercept method at different positions. 

Results and Discussion 
The results obtained by light optical microscopy are given in Fig 1 and Fig 2. Measured mean grain counts have shown 
that grain refinement by use of TiC (Fig. 1) resulted in 7.7 times finer microstructure compared to reference case where 
no grain refiner was used. On the other hand, grain refinement with TiB2 (Fig. 2) resulted in 3.7 times finer 
microstructure than in reference case. 
According to the measurements, one can conclude that addition of either TiC or TiB2 results in grain refinement of the 
final microstructure for Fe-25Al-1.5Ta (at. %). Comparison of obtained grain counts suggests a twofold stronger impact 
on grain size reduction exhibited by TiC than by TiB2, thus giving a clear advance for use of this additive for grain 
refinement of Fe-25Al-1.5Ta (at. %). 

Outlook 
Ongoing research attempts to give more information on impact of diverse grain refiners on ductility of Fe-25Al-1.5Ta 
(at. %). By subsequent heat treatment the phase stability of carbides and borides, depending on the grain refiner added, 
is going to be tested. Casting trials with sand molds and ceramic shells will be carried out as well; a comparison of thus 
obtained results with current trials will give an answer on the question, which combination of grain refiners and mold 
materials could be selected in order to gain the best properties of a casting made of FeAl-based alloy. Numerical 
simulation of the casting process provides local cooling rates, which is a solid basis for establishing a correlation between 
cooling rate and grain size. In cooperation with project partners from the Centre of Excellence for Lightweight Design at 
Landshut University of Applied Sciences and Chair of Corrosion and Corrosion Protection at RTWH Aachen University, a 
comprehensive data set including thermomechanical properties and corrosion resistance of FeAl-based alloys will be 
completed. 
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Fig. 1: FeAl-based alloy Fe-25Al-1.5Ta (at. %), grain 
refined with TiC: Upper image is obtained by automated 
large-scale image acquisition under 50x magnification 
and processed by MosaiX method; The green framed 
rectangular area is zoomed and displayed at lower image  

Fig. 2: FeAl-based alloy Fe-25Al-1.5Ta (at.%), grain 
refined with TiB2: Upper image is obtained by automated 
large-scale image acquisition under 50x magnification 
and processed by MosaiX method; The yellow framed 
rectangular area is zoomed and displayed at lower image 
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Introduction 
Iron aluminides are long being considered as potential candidates for substitution of stainless steels in structural 
applications at moderate to high temperatures, since these alloys show a significantly reduced density compared to 
steels combined with excellent corrosion and sulfidation resistance [1, 2, 3]. Iron aluminides are, however, brittle 
materials at room temperature, which is seen by industry as a hindrance to their use. For this reason, research on iron 
aluminides are directed to adding alloy elements such as Cr, Ti, Zr, C to improve the mechanical properties [4][5][6]. 
However, brittle metals, such as gray cast iron or non-modified Al – Si alloys are widely employed in engineering for the 
production of components through a casting route, including in situations in which structural integrity is critical. 
Another difficulty reported for industrial-scale casting of iron aluminides is the reduction of melting capacity of steel-
based with Al addition due foundry defect occurrence resulting from excessive contraction and slag formation [7][8]. 
For this reason, previous studies about iron aluminide casting process claim that these alloys require special cast 
methods, such as Exo-Melt process [7], which may render the cost of manufacturing castings of these materials 
unfeasible. The present work aimed at analyzing the viability of a casting process on an industrial scale of model iron 
aluminides. Issues like the possibility of achieving grain refinement through the addition of TiB2 innoculant, the 
interaction between melt and refractory lining, and an assessment of linear contractions and of fluidity are investigated 
using large scale melts, typical of the ones used in a foundry.  

Materials and Methods 
Fe28Al, Fe28Al6Cr and Fe28Al6Cr1Ti (at.%) alloys were prepared and tested in a foundry laboratory, which reproduces 
a typical foundry shop. Each alloy was cast with and without the addition of 0.05% and 0.10% wt. innoculant (Al- 5Ti-1B, 
wt.%, master alloy, in the form of bars). The alloys were prepared in a low frequency induction furnace (120 kW, 
Inductotherm), with a maximum capacity of 100 kg (of ferrous alloys). The crucible lining was made of a refractory 
cement composed 50 of 86% wt. Al2O3 and 14% wt. MgO. Each alloy was prepared as single batch using the raw materials 
listed in Table 1, the amounts of which were calculated for a total load of 60 kg of material and a loss of 17.5% Al and 
32.2% Cr was also assumed.  
The A36 steel was initially loaded and heated in the furnace with Cr and Ti (in case they were used), but some aluminum 
had to be added to use the heat of reaction for complete melting of the load. No inert gas protection system was 
employed, therefore slag formation was minimized by the addition of perlite ore (≈ 74 wt.% SiO2 and 14 wt.% Al2O3). 
 

Melt A36 Steel AA5052 Cr FeTi 

Fe28Al 51.0 10.8 0.0 0.0 
Fe28Al6Cr 47.0 11.2 5.2 0.0 

Fe28Al6Cr1Ti 45.2 9.2 6.6 2.5 

Table 1: Charge composition (in kg) used for the three melts. 
 
All casting experiments were partitioned so that a portion of the liquid metal was poured into a heated foundry ladle 
with maximum capacity of 30 kg, where the innoculant was added (if this was the case) in the prescribed quantity. Then 
the metal contained in the pan was poured into a fluidity spiral mold and into inverted Y-shaped sand molds, using 
coarse sand with thermoactive resin. The chemical composition of the samples was analyzed using X-ray spectroscopy 
(XFR) for Si, Mn, Al, Cr and Ti and the LECO combustion method for C and S. The metal samples were analyzed by optical 
microscopy (LOM), scanning electron microscopy (SEM), energy-dispersive X-ray spectroscopy (EDS)  and Vickers 
microhardness (load = 3 N).  

Results and Discussion  
Figure 1 shows the macrostructure of the Y-shaped ingots of Fe28Al alloy with different quantities of innoculant (0.00%, 
0.05% and 0.10% wt). The microstructures show a heterogeneous grain size distribution, caused by different cooling 
rates in different parts of the mold. The addition of 0.05% Al-5Ti-1B in the Fe28Al alloy has produced a reduction of 
grain size by about 33% compared with the grain size in the alloy without innoculant. The same is observed for the case 
of 0.1% inoculant, leading to a reduction estimated 60% in the grain size. Figure 2 shows the microstructures of the 
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samples of the three melts and in the three levels of inoculation investigated in the present work. All images correspond 
to a single-phase matrix containing small precipitates, which were investigated by EDS. Most of these particles are 
consistent with the composition of the κ-carbide (Fe3AlCx), but particles with composition consistent with TiC, as well a 
Cr-containing carbide were also identified. The images also show the dramatic effect of composition and inoculation 
level on the grain size of the alloys. The results of the fluidity spiral show that the more complex the alloy is, the less 
fluid becomes the melt, however, this result could be a consequence of changes in pouring temperature, which could 
not be avoided during the proceeding. The melts interacted heavily with the refractory lining, reducing the capacity of 
the furnace during operation. This shows that atmosphere control is necessary for these alloys for normal operation. 
 

 

 
Fig. 1: Macrographs of the Fe28Al melt investigated in the 
present work. 

Fig. 2: Casting microstructures of the samples corresponding 
to melt Fe28Al: (a) - no inoculant, (b) - 0.05% Al5Ti1B and (c) 
- 0.10% Al5Ti1B; to melt Fe28Al6Cr: (d) - no inoculant, (e) - 
0.05% Al5Ti1B and (f) - 0.10% Al5Ti1B; and to melt 
Fe28Al6Cr1Ti: (g) - no inoculant, (h) - 0.05% Al5Ti1B and (i) - 
0.10% Al5Ti1B. 
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Introduction 
Several alloys with major content of iron and aluminium combine advantageous material properties such as lightweight, 
wear- and corrosion-resistance, recyclability, low cost raw materials (Fe and Al), and good processability [1, 2]. However, 
up to now the limited strength at elevated temperature (> 600°C) and a low ductility at room temperature hamper their 
ability to challenge steel or even nickel-based alloys and prevent a wider industrial application range. Furthermore, only 
limited experience regarding the cause-and-effect relationship between process conditions and device properties has 
been acquired in the past. 
To address these disadvantages the German government funded 3-year-project ‘Pro-FeAl’ [1] started in January 2019. 
Pro-FeAl brings together 4 industrial (Siemens AG, Rolls Royce Deutschland, Leistritz Turbinentechnik, Otto Junker) and 
3 scientific partners (MPI für Eisenforschung, Karlsruher Institut für Technologie, Access e.V.). The project’s main goals 
are to evaluate the competitiveness of FeAl alloys with respect to their applicability for parts in conventional power 
plants (e. g. turbine blades, casings) and to deliver essential contributions for establishing appropriate production routes 
for in-spec FeAl components.  

Material Properties and Process Routes 
By producing FeAl samples, representing components of power generation machines, essentially 5 process routes are 
evaluated and compared in ‘Pro-FeAl’ (Fig.1): Casting Technology (CT), Forging Technology (FT), Additive Manufacturing 
(AM) and the combined process routes CT+FT and AM+CT. 

 

Fig. 1: Process routes for manufacturing FeAl alloys intend to be used for components of power generation machines. 
 
The test matrix is split in a low (< 300°C) and a high temperature (< 700°C) application range. Additionally, heat and 
other treatments are included in the investigations. For low temperature applications, high corrosion-resistance, 
sufficiently high ductility and a low density are of most importance while at higher temperatures creep, fatigue, wear- 
and oxidation-resistance are in focus. In detail the following questions shall be answered by ‘Pro-FeAl’: 

- Which FeAl-alloys are suitable for which process route? 
- How do the main material properties (strength, fatigue, ductility,…) depend on the process route and the 

component design? 
- How can the FeAl-alloys be improved further for industrial processing? 

  



POSTER ABSTRACTS 

207 
 

‘Pro-FeAl’ Project Plan: Materials and Methods 
At the beginning of the project target-specifications for each process route and each sample part are defined by Siemens 
and Rolls Royce (1. Definition Phase). According to these specifications appropriate selections of FeAl alloys were made 
taking advantage of MPIE´s experience in FeAl-alloy development.  
Further on, assisted by the use of simulation tools, the process details and the design aspects of the samples will be 
defined for each route. In the second part of the project (2. Manufacturing Phase) processing of the different samples 
takes place, accompanied by their characterization and evaluation (3. Evaluation/Characterization Phase). The latter 
comprises the analysis of the alloy compositions, their microstructures and numerous static and dynamic mechanical 
properties at different temperatures. 
All measurements and findings from these experiments will be collected and utilized for each production route to carry 
out optimized sample production (4. Optimization Phase) including characterization and evaluation of the samples. 
Finally, the results of the different process routes will be compared with each other and against the target-specifications 
and summarized in a ‘catalogue of knowledge’ (5. Benchmark Phase). 

Access’s contributions in ‘Pro-FeAl’ 
Within the Pro-FeAl project Access and Leistritz bundle their experience in the combined process route of casting and 
forging sample parts for high temperature applications (representing a turbine blade) (Fig. 1). The dependence of the 
sample properties from its design and from the details of the process conditions will be evaluated for different FeAl-
compositions. The expected advantage of the combined route compared to the monolithic forging technology is 
reduced material usage and a possible omitting of the first forging step at Leistritz by employing a pre-contoured cast 
part from Access. In the definition and manufacturing phases, Access designs, optimizes (supported by simulation) and 
builds a casting system for pouring FeAl alloys, whose exact composition will be selected beforehand by MPIE. This 
includes the application of reusable copper dies for gravity casting, taking advantage of the material’s high thermal 
conductivity. In the evaluation/characterization phase Access executes metallographic investigations by microscopy, 
SEM and computer tomography on the cast samples to characterize properties like alloy composition, grain size 
distribution, cracks, pores and cavities. This will be used to improve the casting process in the optimization phase. 
Eventually the optimized results of the combined casting and forging route will be incorporated in the final comparison 
of the 5 process routes and aligned with the target-specifications. 
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Introduction 
For high-temperature structural applications, e.g. compressor blades for steam turbines, novel heat and corrosion 
resistant alloys with improved strength are required. Fe–Al based alloys show outstanding corrosion and wear resistance 
additionally to their low density and good mechanical properties [1]. They are therefore considered as a cost-effective 
alternative to replace stainless steels or even Ni-based superalloys in specific applications. 
In the Fe–Al–Ta system, precipitation of the stable hexagonal C14 Laves phase is preceded by the formation of the 
coherent, metastable L21 Heusler phase, which improves strength and creep resistance up to 750°C, but coarsens at 
higher temperatures [2]. 
Through thermomechanical processing, heat treatment or doping, the formation of the stable Laves phase can be widely 
influenced [3].Thereby microstructures with fine, evenly distributed Laves phase precipitates inside the Fe–Al matrix 
and at grain boundaries can be attained.  
To further reduce the costs, Ta can be replaced by Nb. Also in the Fe–Al–Nb system, precipitation of the stable Laves 
phase is preceded by the precipitation of the metastable, coherent L21 Heusler phase [4]. Since the mechanism is the 
same as in the Fe–Al–Ta system, tuning of the microstructure and therefore of the properties may be achieved in a 
similar way [5].  
However, in order to control the microstructure, a deeper understanding of the precipitation and hardening 
mechanisms is required. For further development of Fe–Al–Nb(–B) alloys, the microstructural evolution of heat-treated 
alloys of different compositions is studied followed by mechanical testing. 

Materials and Methods 
Fe–Al-Nb(–B) alloys with five different composition, containing 25–34 at.% Al, 2–3 at.% Nb and 0.01 at.% B were 
produced by induction melting in argon atmosphere. The actual compositions were established by wet chemical 
analysis.  
The alloys were annealed at 700°C for 1, 10, 100 and 1000 h and cooled in air. The microstructure of the alloys in the 
as-cast condition and after heat treatment is analyzed by light optical microscopy (LOM) and scanning electron 
microscopy (SEM).The chemical compositions of the phases are established by EPMA (electron probe microanalysis) 
with wavelength-dispersive spectrometry (WDS). For determining the crystallographic structures of the phases, X-ray 
diffraction (XRD) is performed on powdered samples. 
Mechanical tests include hardness measurements, tensile and compressive tests, 4-point bending tests, Charpy impact 
and creep tests. The experiments are performed on alloys in the as-cast condition and after annealing at 700°C for 
1000h.  

Results  
Figure 1a, b shows micrographs of Fe–32Al–3Nb(–0.01B) in the as-cast condition. Coarse grains of Fe–Al with a grain 
size of 50–100 μm form the matrix. Along the grain boundaries, an eutectic consisting of Fe–Al + C14 Laves phase is 
visible. Only few precipitates have formed inside the grains. The alloy doped with boron shows a considerable larger 
fraction of the eutectic. No eutectic is found in Fe–25Al–2Nb, which was annealed at 700°C for 1h (Fig. 1 c, d). The grain 
boundaries are nearly fully covered by Laves phase. Within the Fe–Al matrix, besides some coarser precipitates, 
numerous fine, oriented precipitates are visible (Fig. 1d). Similar oriented precipitates have been observed in Fe–Al–Ta 
and Fe–Al–Nb alloys and identified as coherent L21 Heusler phase [3, 4]. 
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Fig.1: Backscattered electron images of the alloys a) Fe–32Al–3Nb as cast, b) Fe–32Al–3Nb–0,01B as cast,  
c and d) Fe–25Al–2Nb annealed at 700°C for 1h. 
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Introduction 
The Co-Nb binary system contains several intermetallic phases with complex crystal structure such as three types of 
Laves phases and Nb2Co7 [1]. The L12 Co3Nb phase exists as a metastable phase in this system and that is considered to 
play the role of effective nucleation sites for precipitation of Nb2Co7 [2,3]. The authors have previously reported that 
the precipitation behavior of Nb2Co7 from the Nb-supersaturated Co solid solution might be discontinuous precipitation 
[2]. However, precipitation behavior of Nb2Co7 still remains poorly understood. The objective of the present study is to 
elucidate the precipitation behavior of Nb2Co7 from Nb-supersaturated Co solid solution experimentally. 

Materials and Methods 
The Co-3.9 at%Nb alloy was vacuum induction melted and was cast as φ20mm cylindrical ingot, and was cut into 
cylinders of φ3×3mm. The samples were heat-treated for homogenization in the differential thermal analyzer (DTA) at 
1240˚C for 1h in order to attain single-phase fcc-Co solid solution. Some samples were cooled from 1240˚C to 900˚C and 
were kept for up to 100h for isothermal heat treatments, followed by cooling to room temperature at a cooling rate of 
30˚C/min. Others were directly cooled from 1240˚C to room temperature at a cooling rate of 30˚C/min in order to form 
L12 Co3Nb, and were subsequently heated again to 700˚C or 900˚C at a heating rate of 20˚C/min and were subjected to 
an isothermal heat treatment for up to 100h, followed by cooling to room temperature at a cooling rate of 30˚C/min. 
Microstructural observation, crystal structure analysis and composition analysis were performed by scanning electron 
microscopy (SEM), electron backscatter diffraction (EBSD) and electron probe micro analyzer (EPMA). 

Results and Discussion 
The resultant SEM microstructure and EBSD analysis for the sample after isothermal heat treatment at 700˚C for 100h 
are shown in Fig. 1. Relatively large precipitates were observed along grain boundaries, and finer plate-like precipitates 
were also observed inside few grains. It should be noted that a precipitation free zone (PFZ) was observed in the vicinity 
of most of the precipitates along grain boundaries. This sample contained metastable L12 Co3Nb before heat treatment, 
however, all the precipitates in Fig.1 are considered to be equilibrium Nb2Co7 from their plate-like morphologies. The 
crystal structure of the matrix phase was fcc inside grains without any precipitates, and hcp along grain boundaries and 
in the vicinity of precipitates. The authors have revealed that the matrix with fcc structure becomes stable with 
increasing the Nb content in it while the hcp structure can only exist with very low Nb contents [2,3]. Therefore, the Nb 
content in the matrix phase along grain boundaries and in the vicinity of precipitates is expected to be lower than that 
in the rest of this phase. The results of composition analysis by EPMA for the same sample are shown in Fig. 2. The Nb 
depression zone was clearly observed along grain boundaries and in the vicinity of precipitates, which implies 
continuous precipitation of Nb2Co7 in this sample. Precipitation behavior from the matrix phase without containing 
intermediate L12 Co3Nb will be discussed in detail in the presentation. 
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Fig. 1: The resultant SEM microstructure and EBSD 
analysis for the sample after isothermal heat treatment 
at 700˚C for 100h. 

Fig. 2: The results of composition analysis by EPMA for 
the sample after isothermal heat treatment at 700˚C for 
100h. 
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Introduction 
The problem of high-temperature strength for intermetallic alloys operating above a brittle to ductile transition 
temperature may be successfully solved by fabricating a composite structure with an intermetallic matrix reinforced by 
ceramic particles, for example nitrides. 
We discuss structural and phase transformations, which are occurring during fabrication of Ni-Al-Cr-based alloy with 
nitrides particles by Plasma Rotating Electrode Process (PREP) and Hot Isostatic Pressing (HIP). In conclusion, high-
temperature mechanical properties and functional characteristics of the of Ni-Al-Cr-based alloy reinforced by AlN and 
Cr2N are presented. 

Materials and Methods 
The initial ingots for the PREP process were manufactured by the VIM + VAR method. Atomization (PREP) was carried 
out at the upgraded equipment - PREP-9I (JSC «Electromechanica», JSC Kompozite, Russia). The HIP process was carried 
out in an ABRA equipment (Sweden). For high-heat treatment and nitriding XVAC series (Xerion advanced heating 
GmbH) furnace was used.  
The granulometric composition of the powder was investigated by laser diffraction (Analysette 22, Fritsch GmbH). The 
phase composition was determined by X-ray diffraction analysis on a DRON-3 setup (Russia) using Co-Kα radiation at 2θ 
= 10-140°. The microstructure of the experimental samples was studied with optical microscopy (OM) using an Axiovert 
200 MAT/M inverted metallographic microscope and with scanning electron microscopy (SEM) on a Hitachi S-3400N 
microscope equipped with an energy dispersive X-ray spectrometer NORAN. Mechanical tests of experimental samples 
were carried out using the universal testing machine Gleeble 3800. 

Results and Discussion 
We used powders with particle size distribution of 40-80 μm, obtained by the PREP method at an electrode rotation 
speed of 24,000 rpm. A spherical shape, a low level of gas porosity and the absence of satellites (Figure 1) characterize 
powder particles. This powder was subjected to nitriding at a temperature of 950 °C, at this temperature chromium 
nitrides are formed and no sintering of powder particles takes place, which is important for the HIP operation. 
The parameters of the HIP were chosen based on the fact that it is necessary to prevent grain growth and at the same 
time to create conditions for the formation of more stable aluminum-based nitrides. The two-stage HIP mode is most 
suitable for this purpose, where in the first stage, at a temperature of 1250 ° C and a pressure of 160 MPa, the 
mechanism of plastic deformation is realized. In the second stage, at a temperature of 900 ° C and a pressure of less 
than 100 MPa, a diffusion mechanism is implemented. 
The described approach allows obtaining a compact state with a density of 99.9% and a grain size of about 40 μm. The 
compact has a uniform microstructure with β-NiAl-based matrix. Ceramic phases concentrate on the prior particle 
boundaries (Figure 2). 
 

  

Fig. 1: Powder surface microstructure  
 

Fig. 2: Microstructure of the Ni-Al-Cr-based alloy reinforced 
by AlN and Cr2N  
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The phase transformations occurring during atomization, nitriding and HIP is presented in table 1. It can be seen that at 
the compaction stage a significant redistribution of the β-NiAl and γ´-Ni3Al phases, as well as nitride-based phases, has 
occurred. 

Table 1: Phase transformations occurring during fabrication of Ni-Al-Cr-based alloy reinforced by AlN and Cr2N particles 
Symbol Structure % wt 

Powder Powder after nitriding After HIP 

β-NiAl B2 69.5 61.5 52.0 
γ´/ γ -Ni3Al Ll2/ Al 13.0 22.5 21.5 
α-Cr A2 17.5 7.2 6.5 
CrN B1 - 5.8 - 
Cr2N L3 - 3.0 8.0 
AlN - - - 12.0 

The results of compressive tests at a strain rate of 10–2s– 1 are presented in Figures 3 and 4. The true yield strength at 
800 °C is 737 MPa, and at 1000 ° is 475 MPa. 

Fig. 3: The results of compressive tests at 800 °C Fig. 4: The results of compressive tests at 1000 °C 
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Introduction 
Vanadium alloys provide great potential as a new type of lightweight material for high temperature applications, e.g. as 
turbines for energy conversion, due to its low density in combination with a high melting point. In particular, V-Si-B 
alloys show outstanding mechanical properties at high temperatures, which are comparable with the well-known nickel 
base superalloy CMSX-4 [1]. Recent studies have also shown that multi-phase V-Si-B alloys, unlike the similarly 
composed Mo-based ones, reveal plasticity at room temperature. This seems to be due to the vanadium solid solution 
phase (VSS), which also has the largest volume fraction in the ternary eutectic VSS-V5SiB2-V3Si [2,3]. In this way, it can be 
concluded that the plasticity of such alloys can be controlled with the phase fraction of VSS. In order to develop and 
optimize V-base alloys, the VSS phase and its properties must also be investigated in relation to the chemical 
composition. 
 However, the effects of several alloying elements on the mechanical properties of vanadium solid solutions at room 
temperature are examined insufficiently yet. Therefore, the alloying effects of various elements (V-X systems) on the 
microstructure and mechanical properties of vanadium-based alloys have been investigated in the present study. 

Materials and Methods 
In the present study, binary V - X (X= Si, Cr, Zr, B) alloys with nominal compositions up to 7 at.% X were manufactured 
by means of an arc-melting process. As a result, single-phase vanadium solid solutions (VSS) and two-phase alloys (VSS + 
intermetallic phases) were produced. The chemical alloy compositions were verified by using ICP-OES (inductively 
coupled plasma optical emission spectroscopy). SEM (Scanning Electron Microscopy) and XRD (X-ray Diffraction) 
methods were used to examine the microstructure, to identify phases and to measure element concentrations in the 
respective phases.  
Microhardness measurements and room temperature compression tests were carried out in order to determine the 
mechanical properties in dependence of the alloying components. The compression tests were performed at a constant 
crosshead speed according to an initial (engineering) strain rate of 10-3 s-1 and the yield stresses were determined by 
the 0.2 % offset method. All investigations were performed in the as-cast state. 

Results and Discussion 
The present study addresses the alloying effects and microstructure - property relationship in different vanadium solid 
solutions. Therefore, inter alia V-Si alloys with Si concentrations of 1, 3, 5 and 7 at% Si were prepared. Exemplarily, the 
respective as-cast microstructure of the alloys V-5Si and V-7Si are shown in Fig. 1 and Fig. 2. While the alloys up to 5 
at.% Si are single phase VSS alloys, V-7Si shows a two-phase microstructure with small VSS-V3Si eutectic regions between 
the primary VSS dendrites. 
The results of the compression tests at room temperature suggest that Si is a very effective solid solution strengthener. 
V-5Si has a compressive yield stress of 613 ± 16 MPa and the V-7Si alloy shows yielding at 762 ± 32 MPa. All V-Si alloys 
show room temperature plasticity well over 20 %. These results with respect to the plastic deformation of V-Si alloys at 
room temperature are promising compared to those of the Mo-Si system. With increasing Si content (even minor 
concentrations of 0.3 at.%), the ductility of Mo-Si alloys drops steeply at room temperature [4]. 
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Fig. 1: Microstructure of alloy V-5Si 
          (Forward Scattered Electron Image) 

Fig. 2: Microstructure of alloy V-7Si 
           (Forward Scattered Electron Image) 
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Introduction 
The intermetallic sigma phase with a complex crystal structure of the D8b-type (tP30, space group: P42/mnm, c/a ~0.52, 
Fig. 1) [1] has received growing attentions because some recent studies have revealed that creep strength, ductility, 
yield strength and tensile strength of stainless steels can be improved if the distribution and morphology of the sigma 
phase are properly controlled [2]. However, there is still a lack of fundamental understanding on inherent mechanical 
properties of the sigma phase itself, which are essential in elucidating their actual roles in these alloys. This is due mainly 
to the fact that no systematic studies on deformation behavior using single crystals have been made so far because of 
the difficulty in obtaining large single crystals sufficient for performing standard bulk mechanical tests. Recently, 
micropillar compression tests of single crystals have been proved to be useful for studying fundamental deformation 
behavior of hard and brittle materials such as high temperature intermetallics, semiconductors and ceramics [3-5]. In 
the present study, we have investigated room temperature deformation behavior of single crystals of the Fe-Cr sigma 
phase as a function of loading axis orientation and specimen size by micropillar compression methodology in order to 
clarify the deformation mechanisms of the Fe-Cr sigma phase. 

Materials and Methods 
Ingots with a nominal composition of Fe-50at％Cr were prepared by arc-melting. The ingots were cut into small blocks, 
which were then cold rolled and heat-treated to obtain polycrystalline specimens of Fe-Cr sigma phase. Single-crystalline 
micropillars with 11 different loading axis orientations and a square cross section were fabricated using the focused-ion 
beam (FIB) technique. Compression tests were performed on a nanoindenter equipped with a flat punch diamond tip. 
All micropillars were tested under a constant displacement rate mode (initial strain rate: 1×10-4s-1) at room temperature 
in the air. Deformation microstructures of the deformed micropillars were investigated by scanning electron microscopy 
(SEM), transmission electron microscopy (TEM), and scanning transmission electron microscopy (STEM). Specimens for 
TEM/STEM observations were prepared by the FIB-SEM lift-out technique. 

Results and Discussion 
Plastic flow was observed for all tested micropillars mostly exhibiting a smooth transition from elastic to plastic 
deformation similar to those observed for ductile materials (Fig.2). Four different slip systems including {110}<001> slip 
system, which is one of the operative slip systems in β-uranium with the same crystal structure as the sigma phase, 
were identified to be operative depending on the loading axis orientations. The values of critical resolved shear stress 
(CRSS) for the four identified slip systems are extremely high about 1.2 ~ 2.5 GPa. However, relatively good plastic 
deformability more than 5 % compressive strain was observed for most loading axis orientations tested, which clearly 
indicates that the Fe-Cr sigma phase is not inherently brittle at least under uniaxial compressive loading. 
 

 

Fig. 1: (a) Crystal structure of Fe-Cr sigma phase, (b) c axis projection of Fe-Cr sigma phase 
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Fig. 2: Selected engineering stress-strain curves for [8�92]-oriented and variable sized micropillars of 
single crystal in Fe-Cr sigma phase at room temperature. 
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Introduction 
Iridium and iridium-based intermetallics, especially HfIr3 and TaIr3 (L12-type structure) have high melting points, high 
hardness, and good oxidation resistance. Therefore, they can be considered as promising candidates for high-
temperature applications [1-3]. The common approach for obtaining the intermetallics is arc-melting [1]. To obtain the 
homogeneous products, a long-term annealing at high temperatures is usually used. Therefore, this is a very energy-
consuming method. Another way to obtain iridium-based intermetallics is the solid-state reaction of refractory carbides, 
HfC or TaC, with iridium [2, 3]. It was stated that only one intermetallic phase, namely, MIr3 (M=Hf or Ta) is formed as a 
product of the interaction [2, 3]. No other intermetallics were detected. 
Diborides HfB2 or TaB2 could be also used as reagents for obtaining the iridium-based intermetallics by analogy with 
corresponding carbides. Unfortunately, no data about reaction of iridium with hafnium or tantalum diborides were 
found. It is known that boron has more affinity to iridium than carbon is. According to the phase equilibrium of the 
iridium-boron system, there are several iridium borides [4]. It is also known that there are at least three ternary 
compounds in the Hf-Ir-B system, including the perovskite-type HfIr3-based solid solution with composition up to 
HfIr3B0.45, hexagonal boron-rich HfIr3B4 phase, and tetragonal Hf3Ir5B2 phase [5]. The crystal structures of the HfIr3B2 and 
HfIr5B4 phases have not been completely characterized [5]. All above-mentioned ternary phases were synthesized by 
arc-melting from elements with subsequent annealing. Contrary, only one ternary hexagonal Ta7Ir6B8 phase was 
detected in the Ta – Ir – B system [6]. This phase was also prepared by arc-melting approach.  
Thus, the aim of this work was triple one, firstly, to study the intermetallic products formed during solid state reaction 
of refractory carbides with iridium; secondly, to study the reactions between HfB2 and TaB2 with iridium; finally, to 
compare the peculiarities of reactions of iridium with carbides and borides.  

Materials and Methods 
As initial substances, iridium (purity 99.96%), hafnium carbide (purity not less 99%), tantalum carbide (purity not less 
99%), hafnium diboride (purity not less 99%) and tantalum diboride (purity not less 99%) powders were used. The 
iridium and carbide (or boride) powders were mixed in the 1:1 and 3:1 molar ratio and then heat treated in the 1000 – 
1600°C temperature range as described in [7, 8]. Products were analyzed by X-ray powder diffraction (CuKα radiation, 
2Θ range 10 – 130°) using D8 Advance diffractometer (Bruker, Germany). Qualitative and quantitative phase analysis 
was performed with DIFFRACplus software. Lattice parameters were refined with the Topas 4.2 (Bruker, Germany). The 
morphology of obtained products were investigated by high-resolution scanning electron microscopy (SEM, MIRA 3 
LMU, TESCAN, Czech Republic) equipped with energy dispersive spectroscopy (EDS) instrument INCA Energy 450 (Oxford 
Instruments Nanoanalysis). The variation coefficient is reached ~1% for the EDS analysis of the main elements (content 
more than 10% (wt.)).  

Results and Discussion 
The first appearance of product of the solid state reaction of hafnium carbide with iridium is registered by the XRD 
analysis at temperatures as low as 1000 – 1100°C [7]. The lattice parameter of intermetallic product was determined to 
be larger than that reported earlier for the stoichiometric HfIr3 (3.961Å vs. 3.935Å). It suggests that the HfIr3-based solid 
solution with Hf-rich composition is formed. The positions and shapes of the intermetallic solid solution peaks are 
changed with increasing of the treatment temperature. The observable data are in good agreement with the  
assumption of formation series of the HfIr3-based solid solutions. It is noteworthy that the estimated compositions are 
varied from HfIr2.43 up to HfIr3.36. The EDS analysis of intermetallic grains confirmed that their elemental compositions 
fall into the homogeneity range estimated by the quantitative XRD analysis.  
Tantalum carbide starts to react with iridium at 1100°C [8]. The lattice parameter of the intermetallic product TaIr3 was 
determined to be equal to 3.886Å that corresponds to the stoichiometric one. With increasing of the temperature, the 
displacement of the peak positions was observed that can be related to the formation of the TaIr3-based solid solutions. 
The homogeneity range was estimated to be very narrow (2% (mol.)).  
Raman spectroscopy of products obtained in the course of the reactions of iridium with HfC (or TaC) detected the free 
carbon phase. Moreover, the thin carbon sheets can be observed on the surfaces of the intermetallic grains. Based on 
the obtained results, it wassupposed that the carbon does not solute into intermetallic phase. No ternary phases were 
detected in the Hf (Ta) – C – Ir systems. 
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The products of the reaction of iridium with hafnium or tantalum 
diborides were determined at 1000°C by the XRD analysis. The IrB0.9 
phase was detected. With increase of temperature up to 1200°C, the 
IrB1.1 and the intermetallic HfIr3B0.45 (or TaIr3) phases were also 
observed in the XRD patterns. No other binary or ternary intermetallic 
products were detected. One can note that the reactions between 
iridium and borides are solid-state ones in the 1000 – 1200°C 
temperature range. With increase of the temperature (1300°C and 
higher), the mechanism of reaction was changed. This is because the 
liquid Ir-B eutectics are formed [4]. New ternary Hf – Ir – B and Ta – Ir 
– B intermetallic phases were detected in products.
Based on the obtained results, one can conclude that the mechanism
of the reaction of iridium with carbides and borides is greatly different. 
The difference is connected with possibility of boron to form the
ternary Ir – M(Hf, Ta) – B intermetallic phases. Contrary, carbon does
not form the ternary Ir – M(Hf, Ta) – C intermetallic phases.
This work was supported by the Russian Science Foundation under
Project No. 18-19-00075.
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Introduction 
For new high temperature materials beyond Nickel-based superalloys [1], loading under creep conditions is a critical 
property for material choice and design of the microstructure. Thus, directional solidification is a promising process, due 
to the formation of single-crystalline components or components at least exhibiting an elongated microstructure 
parallel to the growth and/or loading direction. For example, incorporating an aligned second phase (e.g. Cr or Mo) into 
NiAl [2] increases the creep properties along the growth direction or may act as a crack arrester, increasing the damage 
tolerance of the component. 
Especially for single-crystal Ni-based superalloys, directional solidification has been applied on an industrial scale for a 
considerable amount of time, advancing this method beyond the current applications is still challenging. Novel materials 
or changes in the component geometry require significant changes in the process parameters. A knowledge-based 
advancement of the process is difficult, as to some extent the possibility to characterize the production process as well 
as the materials behavior “in-situ” is limited. Investigations are almost exclusively limited to a post-process 
characterization of developed microstructure. Extending the possibilities for in-situ characterization to materials 
systems for structural applications, considerably exceeding melting points of 1000 °C, is the overall goal of the BMBF-
funded joint project “FlexiDS” between the Otto-von-Guericke University Magdeburg (OVGU) and the Karlsruhe 
Institute of Technology (KIT), in cooperation with the Helmholtz-Zentrum Geesthacht (HZG). 

Materials and Methods 
The aims of this joint project are to gain unprecedented in-situ insights into the solidification of the aligned 
microstructure and to clarify the influence of varying solidification parameters (e.g. solidification velocity) on the 
microstructure evolution in intermetallic compounds of the systems Fe-Al, Ti-Al, NiAl-(Cr,Mo) and Mo-Si-B. Moreover, 
solid-state reactions occurring slightly below the solidus temperature (e.g. eutectoid decomposition of the ε-phase in 
Fe-Al) should be observed in-situ. 
For this purpose, a state-of-the-art industrial relevant floating zone furnace was set up at the High Energy Materials 
Science beamline (HEMS), operated by Helmholtz-Zentrum Geesthacht, at the PETRA III storage ring at the Deutsches 
Elektronen-Synchrotron (DESY, Hamburg, Germany), Figure 1. The high photon energy of 100 keV was used for x-ray 
diffraction in transmission mode. Due to the short wavelength a deep penetration of the samples is given and the high 
photon flux allows a very short total counting time for measurements - now it is possible to perform in-situ observation 
of directional solidification in short timescale. The zone melting device is using inductive heating employing a HF coil to 
induce a locally confined melting zone in rod-shaped samples. Melting temperatures up to 2200 °C can be reached. The 
melting temperature and temperature gradient are checked by pyrometric measurements. The directional solidification 
process is performed under protective atmosphere (e.g. Ar) to avoid oxidation of the sample material. Moreover, the 
whole process is monitored employing high-resolution ZSB cameras. 
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Fig. 1: Illustration of the experimental setup at the Petra III Beamline (HEMS, P07) at DESY Hamburg 

Results and Discussion 
Depending on the materials system, different questions will be addressed. For example, for Al-rich Fe-Al alloys, 
consisting of 55 – 65 at.% Al, the phase relations between the high temperature ε phase (Fe5Al8) and the by eutectoid 
decomposition evolving phases FeAl and FeAl2, which are stable at ambient temperature, will be reviewed. As the ε 
phase solidifies directly from the melt, has a narrow compositional range and cannot be stabilized to ambient 
temperatures, results can only be obtained employing in-situ experiments at elevated temperatures. For the ternary 
eutectic composition in the Mo-Si-B system, the growth characteristics (coupled or non-coupled) as well as the texture 
evolution during directional solidification can be clarified, Figure 2. For TiAl alloys the growth mode and growth direction 
of the solidifying phases will be studied in dependence of the solidification conditions. 

Fig. 2: The diffraction pattern clearly indicate a coupled ternary eutectic growth of MoSS, Mo5SiB2 and Mo3Si phases 
in the Mo-Si-B system and an elongated grain orientation parallel to the solidification direction 
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